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The Effect of Argon Addition on the Microstructure,
Texture and Phases of Silicon Carbide Prepared by
Chemical Vapor Deposition

Yang-Ming Lu and Min-Hsiung Hon

Department of Materials Engineering, National Cheng Kung University
Tainan, Taiwan, R.O.C.

Silicon carbide was chemically deposited on the (111)
surface of silicon single crystal and isotropic pyrolytic
graphite by using methyltrichlorosilane as source gas.
The deposits were examined by X-ray diffractometry
and electron scanning microscopy (SEM) and found to
be composed of -SiC, free Si anda trace of 2H-SiC. The
coatings yielded less free silicon in it using graphite as
substrate and at a higher argon flow rate. X-ray analysis
indicated that the degree of preferred orientation varied
with the kinds of substrate materials and the amount of
argon added. A film with <111> preferred orientation
was obtained on silicon substrate compared to the <220>
orientation on the graphite substrate. Increasing the
flow rate of argon decreases the probability of the
<111> orientation but enhance the <220> one on graphite
substrate, whereas the deposition rate was greatly
lowered by adding argon. The morphologies of deposits
obtained by the CVD process were dependent on the
input fraction of argon at 1400°C.

[Received February 12, 1991; Accepted August 22, 1991]

Key-words: [-SiC, Free Si, Preferred orientation, CVD,
Morphology

1. Introduction

Silicon carbide (SiC) prepared by chemical vapor deposi-
tion (CVD) is a material with some outstanding properties
such as high hardness, good oxidation resistance at high
temperatures and inertness in acids or other corrosive media.
Chemically vapor deposited SiC can be obtained by the
thermal decomposition of gaseous compounds containing
both Si and C, or a combination of gaseous species contain-
ing either Si or C, respectively.” The most conventional
known way to deposit SiC is to decompose organosilane
compounds. Such a procedure was especially studied for
methyltrichlorosilane (CH;SiCl;), because of its 1:1 ratio of
silicon to carbon content.” The kinetics of the deposition
process and the surface morphology of deposited SiC have
been examined by many investigators.*> Since CVD invol-
ves a nucleation and growth process,” the structural perfec-
tion of the deposited SiC films is strongly dependent on the
deposition parameters such as temperature, total system
pressure, and the input fraction of reactants. The purpose
of the present work is to understand the morphology, the
preferred orientations, the growth rates, the chemical com-
positions and the structural changes of deposited -SiC from
the pyrolysis of CH;SiCl;+H, onto different substrates in the

presence of argon. The deposition mechanism was also
discussed as it related to the experimental results.

2. Experimental

Silicon carbide was deposited on isotropic graphite
(22mmx20mmx6mm) and (111) silicon single crystal
(10mmx10mmx0.3mm) substrates, heated by rf, using a
gaseous mixture of methyltrichlorosilane  (MTS)
(CH;SiCly), hydrogen and argon. A quartz tube reactor
(50mm diameter by 700mm length) was used for deposition
in a horizontal open-flow-type. The temperature of the sub-
strate was measured by an optical pyrometer. In order to
maintain at constant vapor pressure of MTS, the bubbler
was cooled to 0°C. When the substrate reached the deposi-
tion temperature, the gaseous mixtures of MTS, argon and
hydrogen was introduced into the reaction chamber to begin
deposition. In the present work, a silicon single crystal
wafer with (111) orientation was used as substrate which
was deposited at 1300°C. On the other hand, pyrolytic
graphite substrates with no preexist preferred orientation
were also used for deposition at 1300°C and 1400°C respec-
tively. The parameters of the experiment were as follows:
substrate temperature: 1300°C and 1400°C; total flow rate
of hydrogen: 21/min; CH3SiCly: 15c.c./min; deposition
pressure: 40Torrs; the flow rate of argon: 0-285c.c./min.
The surface morphology of the deposits was observed using
a scanning electron microscope; an X-ray powder diffrac-
tometer was employed to determine the preferred orientation
of the film and the relative content of free silicon in the
deposited SiC films. The relative content of free silicon was
determined by the ratio of the strongest X-ray diffraction
peak of silicon to the strongest one of silicon carbide. The
growth rate of SiC was estimated by measuring the weight
gain of depositions.

3. Results and Discussion

CH;SiCl; was thermally decomposed into intermediate
gaseous species of hydrocarbon and silicon chloride. Ac-
cording to pyrolysis mechanisms reported by Gyarmati and
Nickel,” the SiC bond in CH;SiCl; is broken in the gas
phase and then SiC is formed on the substrate surface by
the reaction between silicon and carbon which are inde-
pendently deposited from chlorosilane radicals and
hydrocarbon radicals, respectively. Since silicon and carb-
on deposit individually, there was a possibility to form ex-
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cess carbon or silicon on the substrate under certain gas
phase conditions. Silicon-rich SiC deposits were usually
observed at high ratio of H, to CH;SiCls, at higher pressure
and lower temperature.” The deposits contain a lot of free
silicon which were prepared at 1300°C and 1400°C by the
reaction of silane and hydrogen without argon. The amount
of excess carbon is greater in argon than that in the
hydrogen,'” i.e., the formation of carbon progressed in the
presence of argon.

Figure 1 shows the relationship between the argon flow
rate and the free silicon content in the deposits. The free
silicon content decreases with increasing argon flow rate in
the deposition system with silicon as substrate. It was con-
sidered that excess argon suppressed the dechlorination of
chlorosilane radicals and then decreased the content of free
silicon in the deposits. With increased the argon flow rate
to 285c.c./min, no detectable free silicon was found on the
films deposited on graphite substrate, whereas some free
silicon still remained on the films deposited on silicon sub-
strate. This implied that silicon atoms were readily rear-
ranged on silicon substrates compared with graphite
substrates.

Figure 2 shows X-ray powder diffraction patterns of
deposits on the graphite substrate. It is clear that 2H-SiC is
partially formed in the B-SiC (3C-SiC) film. The super-
saturation of MTS in gas phase increased with decreasing
deposition temperature, and the rate of the chemical reac-
tion: Cy+2Hy, — CH,, decreased as temperature
decreased. The concentration of carbon in the gas phase
was then increased above the substrate. This may lead to
the enlargement of the 2H-SiC formation region."”

Figure 3 shows the X-ray powder diffraction pattems of
deposits on the Si substrate. A considerable degree of struc-
tural anisotropy was found in the deposits on comparing the
intensity of the (111) peak with that of the (220) and (200)
peaks. The preferred orientation of a certain crystal plane
(hkl) in a polycrystalline film can be estimated by the tex-
ture coefficient (TC) using the Harris method':
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(1/n) YU/ 1),

where I is the measured XRD intensity, I, is the ASTM
standard intensity and n is the number of reflections. As
shown in Fig.4, the texture coefficient for the (111) orien-
tation was changed from 1.4 to 1.3 as the argon flow rate
increased. Figure § indicates that the preferred crystal-
lographic orientation of -SiC films, which are deposited on
graphites at 1300°C in a pure hydrogen atmosphere, is ob-
served on the (111) plane and changes to the (220) plane as
the argon flow rate increase. On the other hand, it is found
that the preferred orientation of the films deposited at
1400°C is always (220) plane with increased input flow
fraction of argon as shown in Fig.6. As a result, the excess
of argon was available for changing the preferred orientation
of deposits from (111) to (220). As the same as pointed in
ref,"? stacking faults were frequently observed on the (111)
crystal planes of the B-SiC film. With increasing the input
flow fraction of argon, the growth rate of deposits remarkab-
ly decreased as shown in Fig.7. The partial pressures of
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Fig. 2. X-ray diffraction patterns obtained from deposits grown on graphite substrates at 1300°C. The flow rate of argon in each run was: (a)
ACCI: Oc.c./min (b) AC3: 20c.c./min (c) AC4: 55¢c.c./min (d) AC2: 165c.c./min (¢) AC1: 285c.c./min. The diffraction peaks denoted by (@)
are produced by Cukp radiation of SiC (220), while (@) are from Cukp radiation of SiC (111).

Fig. 3. X-ray diffraction patterns obtained from deposits grown on <111> silicon substrate at 1300°C. The flow rate of Ar in each run is: (a)
CF6: Oc.c./min (b) JJ2: 20c.c./min (c) CF7: 55c.c./min (d) 09207: 165c.c./min.
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Fig. 4. Dependence of texture coefficient of the films on the flow rate of argon deposited on <111> silicon substrates, at 1300°C.

Fig. 5. Dependence of texture coefficient of the films on the flow rate of argon deposited on graphite. substrates, at 1300°C.

Fig. 6. Dependence of texture coefficient of the films on the flow rate of argon deposited on graphite substrates, at 1400°C.

hydrocarbon and silicon-chloride were decreased by intro-
ducing argon into the reaction zone. Accordingly, the
growth rate of SiC deposition also decreased.

By varying the argon input fraction, three different types
of morphology were obtained. The variation of the argon
addition governed the domain sizes of B-SiC in which fine
grains were randomly distributed. An increase in the argon
flow rate resulted in the growth of the domain sizes in the
films deposited on silicon at 1300°C as shown in Fig.8. The
SEM photographs of the as-deposited B-SiC surface on
graphite in Fig.9 show a change of small rounded hillocks
to larger ones as the argon flow rate increased at 1300°C.
Figure 10 shows a surface morphology of the deposits
grown on graphite substrate at 1400°C. As argon flow rates
increased, the surface morphologies changed from a smaller
and more loosely faceted crystal structure to a larger and
more densely faceted one, and then to a structure with mul-
tistar twin tips and intersected twin configurations extending
in the radial direction. The resulting morphologies of f-
SiC films were substantially affected by the argon input
fraction at the only higher temperature. At lower deposition
temperatures, Si and C atoms were expected to have some
restriction of surface mobility on the substrate. Restrictive
diffusion of atoms depresses crystal growth at energetically
favorable sites and promotes atoms to nucleate at new sites
which results in a structure of small rounded hillocks. At
higher deposition temperatures, both atoms had enough
energy to diffuse to the preferred nucleation sites of the
substrate. Ease of propagation of atoms arises through the
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Fig. 7. The effect of flow rate of argon on the deposition rate
with (a) <111> silicon substrates, at 1300°C (b) graphite sub-
strates, at 1400°C (c) graphite substrates, at 1300°C.

formation of reentrant corners at the intersection of twin
planes,m which make this location a favorable site for
nucleation and growth and results in developing a strong
faced crystal with the preferred orientation. The SEM ob-
servations indicated that the growth of B-SiC films was
attributed to ledge movement associated with twin planes.
Increasing the argon input fraction reduced the partial pres-
sure of MTS and suppressed the preferential nucleation
probability on the substrate. Consequently, the grain size of
B-SiC increased with the amount of argon.

Fig. 8. The effect of the argon flow rate on the surface morphologies of deposits grown on <111> silicon substrates at 1300°C. The Ar flow
rate were (a) Oc.c./min (b) 55¢.c./min (c) 285c.c./min.
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Fig. 9. The effect of argon flow rate on surface morphologies of deposits grown on graphite substrate at 1300°C. (a) Ar: Oc.c./min (b) Ar:

55c.c./min (c) Ar: 285c.c./min.

Fig. 10 The effect of the argon flow rate on surface morphologies of deposits grown on graphite substrate at 1400°C. The Ar flow rates were
(a) Oc.c./min (b) 55c.c./min (c) 285¢c.c./min.

4. Conclusion

In summary,

1) The deposits were predominantly found to be B-SiC with
a trace of 2H-SiC.

2) Addition of argon suppressed the formation of free
silicon.

3) Increasing the flow rate of argon decreased the (111) but
promoted the (220) preferred orientation.

4) The grain size of the polycrystalline B-SiC became larger
as the flow rate of argon was increased at 1300°C. The
morphologies changed from faceted crystals to structures
with multistar twin tips and intersected twin configura-
tions extending in the radial direction with increasing
argon flow rate at 1400°C.

5) The growth rate of the deposits also decreased with in-
creasing the input fraction of argon.
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Effects of Additives on The Stacking Fault Annihilation
in B-SiC Powder Compacts

Won-Seon Seo, Chul-Hoon Pai, Kunihito Koumoto and Hiroaki Yanagida

Department of Industrial Chemistry, Faculty of Engineering, The University of Tokyo
7-3-1 Hongo, Bunkyo-ku, Tokyo 113 Japan

Effects of the addition of B, Al, Fe and C on the annihi-
lation of stacking faults (S.F.) in 3-SiC powder compacts
were investigated. The separability of the X-ray diffrac-
tion lines, Ko, and Ko,, was applied to the qualitative
evaluation of the lattice strain to elucidate the annihila-
tion phenomena. Dissolution of B or Al (rapid heating
condition) into SiC grains enhanced the lattice strain
suppressing both grain growth and S.F. annihilation.
The second phases formed in Al (slow heating condition)
and Fe addition to B-SiC promoted both grain growth
and S.F. annihilation, while the residual free carbon in
C- added B-SiC impeded the grain boundary movement
and hence suppressed grain growth and S.F. annihilation.
[Received June 7, 1991; Accepted September 19, 1991]

Key-words: [-SiC, Stacking fault, Additives, Grain
growth, Lattice strain, Second phase

1. Introduction

Silicon carbide is a highly useful material for both elec-
tronic and mechanical applications. When a powder com-
pact of SiC is heat-treated at high temperatures in a normal
sintering process, various changes such as grain growth,
pore elimination, phase transformation, etc. occur."?
Among those changes the annihilation process of stacking
faults initially present within the grains is interesting and
should be understood because they greatly affect the prop-
erties of a final product.””

We have already reported” that the stacking fault annihi-
lation in a nominally pure (undoped) B-SiC powder compact
occurs simultaneously with the grain growth which is sup-
posedly controlled by surface diffusion and/or vapor trans-
port. Incorporation of nitrogen into the SiC grains during
firing in N, atmosphere was found to enhance the lattice
strain, which was considered to be the most important factor
to suppress the mass transport rate.

For the pressureless sintering or even for the hot-pressing
various sintering aids (usually boron and carbon) are added
to the starting SiC powder because of its low sinterability.*”
Behavior and roles of these sintering aids have been contro-
versial for many years but are not yet fully understood.
Therefore, studying the effects of sintering aids on the an-
nihilation of stacking faults is considered to be significant
from this point of view.

In the present study, boron (B), aluminum (Al), carbon
(C), and iron (Fe) were chosen as additives. The former
three elements are known to be the typical sintering aids,
but the effect of Fe addition is unknown. Boron and alumi-
num are known to dissolve into the SiC lattice to make solid

solutions,” while carbon and iron do not apparently form
solid solutions. Hence, we thought that the effects of dis-
solution of additives and chemical reaction, ex. second
phase formation, on the stacking fault annihilation could be
examined separately through the systematic addition of
these elements.

2. Experimental Procedure

2.1. Heat Treatment of 3-SiC Powder Compact

Beta-SiC powder (Centgral glass Co., Ltd.) having
15.0% stacking fault density synthesized by carbothermal
reduction of SiO, was employed as a starting material. BET
surface area, average particle size, and impurity contents of
the powder are shown in Table 1. The powder was isostat-
ically pressed in a rubber mold after prepressing in a unidi-
rectional mold, and was annealed at 1775°-2000°C for 0-1
h in an Ar or a N, atmosphere.

2.2. Analysis

Gold was evaporated onto the fractured surface, and
SEM observations were conducted to examine the micro-
structure. The average grain size was calculated from the
micrographs. X-ray diffraction (XRD) measurements of the
crushed powders were conducted using CuKou radiation
with a Ni filter and a graphite monochromator under the
following conditions; scanning speed=1/8° (in 2, ", time
constant=5 s, receiving slit=0.15mm. The intensities of the
peaks at 33.6° and 41.4° (26) were measured and stacking
fault density was calculated using the following equation:”

_ 33.6° peak intensity (26)
"~ 41.4° peak intensity (26)

Stacking fault =

A
6.82x 1024 +2.27%x 107

The half-width of the (111) reflection peak (33.6°) was
also measured and the Scherrer equation was used to calcu-
late the crystallite size. Lattice parameter was calculated
from the observed peak positions of (331), (420) and (422)

+ 1.7 A% (%)

Table 1. Properties of the B-SiC powder.

BET average impurity (ppm)

surface area
(%/g) (um) Fe | Al [ Ca | Mg | Na

particle size

17.4 0.60 144 | 212 | 90 12 12
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reflections precisely determined by an internal method using
high-purity silicon as a standard. The computer program
which could separate K,; from K, by Rachinger method
was used to calculate the precise lattice parameters of B-SiC
which showed only poor crystallinity.

3. Results and Discussion

3.1. Simple Method to Evaluate the Lattice Strain

Our previous study revealed that the dissolution of nitro-
gen into the SiC grains during firing in a N, atmosphere
induces the lattice strain and hence reduces the mass trans-
port rate suppressing the annihilation of stacking faults.”
This phenomenon was also confirmed for the powder em-
ployed in the present study as shown in Fig.1, where the
stacking fault density measured after annealing the powder
compacts for 0.5 h is plotted as a function of annealing
temperature. It is evident that the stacking fault density
decreases with increasing annealing temperature and that
rate of stacking fault annihilation is suppressed in a N, at-
mosphere.

The enhanced lattice strain introduced by the incorpora-
tion of nitrogen has already been verified by the direct mea-
surement according to the hall method.*” However, this
method is rather complicated and time consuming, so that
it is not suitable to the evaluation of lattice strain for a large
number of specimens. As an alternative simple method, the
measurement of the separability of X-ray diffraction lines,
Ko, and Koy, is proposed here.

In general, the width of an X-ray diffraction line is asso-
ciated fundamentally with the structural factors such as crys-
tallite size, stacking fault density, and lattice strain. If the

T T T T T
15 —————= starting powder — ———-——--

O Np,05h
10 @ Ar,05h A

stacking fault (%)
oo
T
1

1 1 1 1 1
1800 1850 1900 1950 2000
temp, (*C)

Fig. 1. Temperature dependence of the stacking fault density for
the B-SiC compacts annealed for 0.5 h in N; and Ar atmospheres.

Fig. 2. X-ray diffraction profile in which the values for defining
the separability are shown.
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separability of the X-ray diffraction lines, Ko, and Koy, is
defined to be either A/B or C/D as shown in Fig.2, it must
have close relationships with those structural factors. In
order to judge if the separability is applicable to evaluate
the lattice strain, both undoped and nitrogen-doped B-SiC
specimens were employed.

The B-SiC powder compact having 15%stacking fault
density was annealed at various temperatures in either N, or
Ar atmosphere, and then crystallite size and stacking fault
density were measured. The results are shown in Fig.3. It
is very interesting to note that the relation between the crys-
tallite size and the stacking fault density is expressed by a
“‘master”’ curve in a limited range irrespective of the anneal-
ing conditions.

We have further chosen the two specimens having ap-
proximately the same stacking fault density, ~3.6%, and the
same crystallite size, ~810A, and the separabilities were
calculated for the various diffraction planes in terms of ei-
ther A/B or C/D. Figure 4 shows the calculated separability
vs. the diffraction angle. It is clearly seen that the difference
in A/B or C/D between the Ar- and N,-annealed specimens
increased with increasing diffraction angle and A/B gives
larger differences than C/D. In either case, separability is

T T T T T T
900 1
® Ar
oN,
<800 1
8
%
L n00r 1
=
B Y
G 600 - \& b
15 min
5005 3
L I . | . .

2 b 6 8 10 12
stacking fault(%s)

Fig. 3. Relation between the crystallite size and the stacking
fault density for the specimens annealed at various temperatures
for 15 min in N; and Ar atmospheres.

220(31#222) (A('JOXB‘J‘I)'(A'ZO) (422) (51)
T T

07 = Ar(C/D) ]
o N,(c/D) »

06 " =
= =
=05 o 4
B
Sosf g ,/.. .
& °_% o
o3l /o/o” ]

el
02 ® Ar(A/B) A
st - 0 N,(A/B)

1 1 1
70 90 110 130
diffraction angle(26)

Fig. 4. Variations of the separability defined as either A/B or
C/D with the diffraction angle for the specimens which have sim-
ilar crystallite sizes (810 A) and stacking fault densities (3.6%).
Difference in the separability according to the firing atmospheres
is clearly seen for all diffraction angles.



Vol.99-1142

always larger in an Ar-annealed specimen than in a Ny-an-
nealed specimen, which firmly indicates the nitrogen disso-
lution further introduces the lattice strain (the existence of
lattice strain leads to a decrease in separability).

As aresult, the separability of the X-ray diffraction lines,
Ko, and Koy, can be easily measured and is judged to be
applicable to evaluate, though qualitatively, the lattice strain
introduced into B-SiC grains. Therefore, the separability
was utilized in the present study to elucidate the effect of
lattice strain on the stacking fault annihilation in B-SiC.

Before explaining the detailed experimental results,
separabilities of the specimens with various kinds of addi-
tives measured using the (422) diffraction lines are pre-
sented here. Figure 5 shows the relationships between the
separability and the stacking fault density for the specimens
annealed at 1800°C for 0.5 h in Ar. As has been expected,
the separability decreases with increasing stacking fault den-
sity. The most significant feature to be noted in the figure
is that the separabilities for the Fe- and C-added specimens
are generally larger than those for the B- and Al-added
specimens, when compared at the same stacking fault den-
sity. This fact indicates that the dissolution of B or Al into
SiC grains enhances the lattice strain, while undissolved Fe
or C has little effect on the lattice strain, as will be verified
from the lattice parameter variations described in the fol-
lowing sections.

3.2. Effects of Soluble Additives on the Stacking Fault
Annihilation

3.2.1. Boron (B)

Boron is known as an additive for solid state sintering
and is commonly added with carbon. The effects of boron
on the sintering behavior or B-SiC have been widely studied
by many researchers. Greskovich and Rosolowski'”
showed that boron inhibits surface diffusion during heating
up and so reduces particle coarsening. Murata and Smoak'"”
reported that the formation of solid solution between SiC
and boron composite (BN, BP, B,C) occurred during densi-
fication, and the maximum density of SiC body was ob-
tained at the maximum solubility of additives. It is also
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expected that the addition of boron to B-SiC should have
great effects on the annihilation of stacking faults.

Figure 6 shows the stacking fault density and lattice
parameter for the B-SiC specimens with various boron con-
tents after annealed at 1800°C for 0.5h in Ar. It appears that
the stacking fault density increases with increasing boron
content, indicating that the annihilation of stacking faults
become more suppressed as increasing B content. Lattice
parameter decreases with increasing boron content, exhibit-
ing a high correlation with the change in the stacking fault
density.

It is postulated from Fig.6 that the substitutional solid
solution may be formed when boron is incorporated into
B-SiC lattice. Since the difference in covalent radii between
B(0.082nm) and C(0.077 nm) is smaller than that between
B and Si (0.111 nm), it may be expected that B is incorpo-
rated into C site in SiC. However, it is considered from

T T T T T T
O Fe
oc
03 o Al -
aB
= o
E
?
Z 02t i
&
011 ®e 4
1800°C, 0.5h, Ar éa
0 1 1 1 1 1 1
0 2 4 6 8 10

stacking fault(%)

Fig. 5. Relation between the separability and the stacking fault
density for the specimens with additives annealed at 1800°C for
0.5 hin Ar.
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Fig. 6. Stacking fault density and lattice parameter as functions of the amount of B addition for the specimens annealed at 1800°C for 0,.5 h in

Ar.

Fig. 7. Average grain size as a function of the amount of B addition for the specimens annealed at 1800°C for 0.5 h in Ar.
Fig. 8. Variations in the stacking fault density an lattice parameter with the Al additive concentration for the specimens annealed at 1800°C for
0.5 h in Ar. Specimens were slowly heated up to 1800°C at the rate of 4°C/min.
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decreasing lattice parameter that the added B dissolves into
Si sites, or C and Si sites concurrently. It may be explained
from the stability of chemical bonding. Both B-C and Si-B
systems form binary compounds having the same structure,
B,C and SiB,. The B-C system is chemically and thermally
much more stable than Si-B system above ~1400°C.*?
Figure 7 shows the average grain size as a function of B
content. Grain size decreases with increasing B content. It
should be noted that the change in grain size after annealing
is closely related to the annihilation of stacking faults and
the lattice parameter change. Dissolution of B into SiC
grains enhances the lattice strain as mentioned in the previ-
ous section and hence decreases the rate of grain growth
owing to the suppression of surface diffusion and/or vapor
transport, just as the case for nitrogen-doped B-SiC.” Stack-
ing fault annihilation always takes place simultaneously
with the grain growth, and hence the inhibition of grain
growth causes the suppression of stacking fault annihilation.

3.2.2. Aluminum (Al)

Figures 8 and 9 show stacking fault densities and lattice
parameters in the B-SiC specimens with various Al contents
obtained after annealing at 1800°C for 0.5 h in Ar. The
specimens in Fig.9 were heated at the rate of 30°C/min
which is eight times as rapid as that for the specimens in
Fig.8 (4°C/min). In both cases, lattice parameter increased
with increasing Al content. Regardless of the heating
schedule, the solid solubility limit of Al is found to be about
6 mol% (in an amount of addition) and the maximum value
of lattice parameter is about 4.361A. However, the differ-
ence in the rate of annihilation of stacking faults is remark-
able between the two heating schedules. In Figs. 8 and 9,
symbols at 0 mol% may be due to the difference in the
heating rate, since annihilation of stacking faults starts at
about 1600°C in an Ar atmosphere.

It is widely accepted that thin Al-containing grain bound-
ary films exist in Al- and C-doped SiC," and that aluminum
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powder reacts with SiC to give ALC;, AlSiC,, and ternary
(AI-C-Si) liquid phase at 700°-1700°C)."¥ Fig.8 shows that
annihilation of stacking faults is enhanced by the addition
of a small amount (below 2 mol%) of Al under the slow
heating condition. Therefore, in the case of slow heating,
Al-containing second phase may be formed on the grain
surfaces and grain boundaries at relatively low temperatures
before the added Al dissolves into the grains. Then the mass
transport rate is increased through the Al-containing second
phase which becomes a liquid phase at higher tempera-
tures."” The existence of Al-containing second phase must
further have a large effect on the formation and growth of
intergranular neck and the grain corasening during anneal-
ing. Because annihilation of stacking faults occurs simul-
taneously with the grain growth, the existence of the second
phase would enhance the stacking fault annihilation.
Under a rapid heating condition, annihilation of stacking
faults is suppressed more than under a slow heating condi-
tion. It is assumed that the most of the added Al may
directly dissolve into grains at high temperatures (1800°C)
without forming the second phase because of the rapid heat-
ing rate. It is considered from lattice parameter change that
the lattice strain is introduced by solid solution formation
owing to the different atomic radius of solute atoms. Under
the high strain energy field, annihilation of stacking faults
may be more difficult than under the low strain energy field.
In the case of adding more than 3 mol% of Al, 3C—4H
phase transformation occurs as shown in Figs.8 and 9. The
precise calculation of stacking faults is impossible due to
the superimposition of the (100) diffraction peak of the 4H
phase on the 33.6° peak (20) of the 3C pahse which is
important for the calculation of stacking fault density. How-
ever, if the diffraction intensity of (100)4y is 25% of that of
(101)44 according to the JCPDS card, the approximate cal-
culation is possible. The results of the approximate calcu-
lation are shown by the broken lines in Figs.8 and 9 for the
specimens added with more than 3 mol% Al. Though the
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Fig. 9. Variations in the stacking fault density and lattice parameter with the Al additive concentration for the specimens annealed at 1800°C for
0.5 hin Ar. Specimens were rapidly heated up to 1800°C at the rate of 30°C/min.

Fig. 10. Variations in the stacking fault density, lattice parameter and the average grain size with the Fe additive concentration for the speci-

mens annealed at 1800°C for 0.5 h in Ar.

Fig. 11. Variations in the stacking fault density, lattice parameter and the average grain size with the C additive concentration for the specimens

annealed at 1800°C for 0.5 h in Ar.
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phase transformation occurs, the stacking fault density in-
creases with increasing content of added Al. Moreover, in
the case of adding more than 6 mol% for rapid heating, the
stacking fault density appears to become larger than that of
the starting powder (15% stacking fault density). Also, 4H
content increases with increasing content of the added Al
Consequently, it is considered that the degree of 3C—4H
phase transformation is closely related to the annihilation
and formation of stacking faults. However, the effects of
stacking faults on the phase transformation are fairly com-
plicated, and our investigation on this problem will be pub-
lished separately.

3.3. Effects of Insoluble Additives on the Stacking Fault
Annihilation

3.3.1. Iron (Fe)

Because good intrinsic properties of the sintered body of
SiC cannot be expected under the existence of Fe and other
metal impurities, the powder prepared by a conventional
method is usually passed through the acid treatment to re-
move metal impurities. Hence, there have been few reports
on the behavior of Fe in SiC, in contrast with the number
of reports on the sintering additives, such as Al, B and C.
Allegro only reported that 3 mol% addition of Fe was the
most effective in promoting the densification of B-SiC by
hot pressing.'”

However, by the present pressureless sintering, the rela-
tive density of the annealed body did not practically change
with an increase in the amount of Fe addition, while the
average grain size increased as shown in Fig.10. Fig.10 also
shows the changes in stacking fault density and lattice pa-
rameter for the Fe-added B-SiC specimens. It is evident that
increasing amount of Fe-addition promotes the annihilation
of stacking faults and that the lattice parameter remains
unchanged within experimental errors. Because there is no
change in lattice parameter, lattice strain occurring from the
dissolution of Fe atoms would never exist in the Fe-added
B-SiC. Therefore, the promotion of stacking fault annihila-
tion must have been caused by other microstructural factors.

An increase in the grain size as increasing Fe content is
due to the enhancement of surface diffusion and/or vapor
transport rate which controls the initial stage of sintering in
B-SiC at relatively low temperatures. The added Fe pow-
ders could form a liquid phase, since o-FeSi whose molting
point is 1410°C'® is always detected by XRD when more
than 1 mol% of Fe is added. Then, Fe-based melt covers
the grain surfaces and possibly grain boundaries, which
would promote the grain growth through the liquid phase
transport and hence disappearance of small grains leads to
the enhancement of stacking fault annihilation according to
the previously proposed mechanism.”

3.3.2. Carbon (C)

The addition of carbon to B-SiC as a sintering additive
has been reported by many researchers.*”"® The added
carbon probably removes the oxygen from the surface of
SiC particles through the following reaction:'”"®

SiO, + 3C — SiC + 2CO(1)

The removal of surface oxide causes an increase in the
surface area and thus in the surface energy of a particle.”
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An increase in the surface energy is expected to promote the
grain growth. However, the grain size of B-SiC decreased
with increasing content of carbon as shown in Fig.11. Al-
though the surface oxide turns into the newly formed SiC
and exhausted CO gas according to the reaction (1), the
residual unreacted carbon would impede the grain growth
by pinning the grain boundary movement."’

Fig.11 shows the changes in stacking fault density and
lattice parameter for the C-added B-SiC specimens. Stack-
ing fault density increases but lattice parameter remains un-
changed with increasing C content. As the amount of the
added C is increased, the annihilation of stacking faults
becomes suppressed. Since lattice strain introduced by the
dissolution of C in B-SiC grains does not exist, the suppres-
sion of stacking fault annihilation must be attributed to the
inhibition of grain growth.
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Influence of Annealing on the Properties of Ca-Rich
Bi-Pb-Sr-Ca-Cu-O Superconducting Thin Films
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1-2-23 Kiyosumi Koutouku Tokyo 135 Japan

Bi-Pb-Sr-Ca-Cu-O superconducting thin films with var-
ious Ca contents were prepared by rf-magnetron sput-
tering method using multi targets. The influence of the
annealing on the obtained films was investigated. Ca-
rich films compared to the high 7. phase did not show
zero resistivity after the annealing. The C-axis length of
the high T. phase in these films was in a range of
3.710~3.720 nm. Moreover, as the annealing time was
increased, the orientation of the grains was improved and
the film was composed of the stacking layer structure of
the thin and platelike crystals. These results suggest that
the liquid phase between platelike crystals produced by
the annealing had a negative influence on the supercon-
ductive properties of the annealed films because the
grain was isolated and grain boundary works as insula-
tor.
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1. Introduction

The Bi-Sr-Ca-Cu-O and Bi-Pb-Sr-Ca-Cu-O system su-
perconductors consist of the polymorphism of 110K (high
T, phase), 80K (low T, phase) and semiconductor phase.”
It is well known, in order to form the high T, phase that the
partial melting conditions (low T phase and the liquid phase
around it) are very important. The partial melting condi-
tions, therefore, are kept for a long time in the production
of the single, high-T. phase in the bulk body. A number of
researchers have been attempting to make Bi-system super-
coductive thin films to apply to electronic materials and
devices. The as-deposited films with a high critical temper-
ature are rarely obtained, and the high T. superconductive
films are normally obtained by the annealing the deposited
films.

It is possible to produce, a Bi-system superconductive
thin film by the short time annealing, which has a critical
temperature above 100K.*® However, the film, unlike the
bulk, may be badly affected by the long time annealing for
an extended period of time.” Particularly for the Ca-rich
composition, when the resistivity curves have the tailing for
a long time.”

In this study, thin films annealing with various Ca con-
tent, which are greatly influenced by the annealing, were
prepared to investigate the effects of the morphology, parti-
cle orientation and lattice constant on critical temperature,
and thereby to investigate the effects of heat treatment on

the thin film properties.

2. Experimental Procedure

The Bi-Pb-Sr-Ca-Cu-O film was prepared on the com-
mercial substrate of MgO single crystal by a rf magnetron
sputtering (supplied by Tokki), using multi targets. The
three targets are

@BiysPbysO, (mixed powder of Bi,O; and PbO)

@ CaCuyg750, (powders of CaCO; and CuO fired at
950°C)

® SrCuy;50, (powders of SrCO; and CuO fired at 950°C)

The Bi-Pb-O, Ca-Cu-O and Sr-Cu-O compositions were
deposited, consecutively in this order, over the MgO sub-
strate to form the multi-layered film by sputtering (Table 1
gives the sputtering conditions). In this study, deposition
time for each target was set at: Thin Film A ... @ 8sec, @
63.5sec @ 28.5sec, and Thin Film B ... @ 8sec, @ 58.5sec
® 33.5sec.

A total of 100sec was allocated to each sputtering cycle
covering the three targets, and the sputtering cycles were
repeated 400 times. Each sputtering cycle gave a thickness
of 5nm, and thus a total of 2 um thickness was obtained.

The thin film, prepared while keeping the substrate at
200°C, was amorphous. It was annealed at 850°C for 15,
24 or 65hr for crystallization. Each film was heated to a
given temperature in approximately 3hr, and then allowed
to cool in the furnace, after having been held at that tem-
perature for a given time.

During the annealing process, the film was placed in an
alumina boat, along with 1.0g of pelleted BiygsPbg2,SrCaC-
u,60; (fired at 850°C for 50hr), where the boat was sealed
by another alumina boat, to prevent vaporization of PbO
from the film.

The chemical composition of the thin Bi-Pb-Sr-Ca-Cu-O
film was determined by EPMA (hitachi). The crystalline

Table 1. Sputtering conditions.

rf power 100W
substrate temperature 200°C
sputtering gas 100% Ar
gas pressure 10mTorr
target-substrate spacing 60mm
substrate Mg0 (100)
film thickness 2um
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phases and c-axis length of the annealed film were deter-
mined by a X-ray diffractometer (Rigaku Denki), using
Cukow X-ray. Volume of the high T, phase, relative to that
of the low T, phase, was determined by Equation (1):

H(002)

Volume ratio of the high T; phase = H(002) + L(002) (%)
............................. [€))
where,
H(002): intensity of (002) reflection of the high T,
phase
L(002): intensity of (002) reflection of the low T,
phase

Orientation of the superconducting particles was deter-
mined from the half maximum intensity breadth of the rock-
ing curve.

Resistance of the thin film was determined by the 4-
probe method, using a cryostat (Sumitomo Heavy Indus-
tries), which was cooled at a rate of 2°C/min. The
morphology of the thin film were determined by a scanning
electron microscope (SEM, Hitachi).
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Fig. 1. Temperature dependence of the resistivity for the an-
nealed films A and B.
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3. Results and Discussion

3.1. Critical Temperature of Thin Films

Two types of thin films were prepared; Film A and Film
B, the former having Ca in excess of the stoichiometric
composition of the high T, phase composition, and the latter
having a smaller quantity of Ca than the former, represented
by the compositions of BiygsPbgssSt0Cay17Cu,; 570, and
Big74Pbg74S1100Ca00,Cu,; 5004, before annealing. Their Pb
content was higher than that in the bulk composition, in
consideration of its evaporation during the annealing pro-
cess.

These thin films were annealed at 850°C for 15, 24 or
65hr. Figures 1(A) and (B) show the temperature depen-
dence of resistivity of these films. Critical temperature of
the thin films was greatly affected by annealing time at
850°C.

The resistivity of Film A, when annealed for 15hr, de-
creased from around 110K to zero at 99K, showing no phe-
nomenon in which resistivity trailed down, frequently
observed with the Bi-system superconductors. The resis-
tivity of the film annealed for 24hr began to decrease from

OBizSraCaslus0, =
DBizSraCaluz0y
[I8i2Sr2Cus0,

850°C 15hr

ry
°

(00 10

)

u.
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U
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1 1 1
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Fig. 2. XRD patterns of the annealed films A and B.
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around 110K, which trailed slightly to attain zero at 77K.
On the other hand, the resistivity of the film annealed for
65hr showed trailing down slowly to 20K, at which it was
still not zero.

Film B attained zero resistance at 88K with the film
annealed for 15hr and at 100K with the film annealed for
24hr. With the one treated for 65hr, on the other hand,
resistivity showed a trailing tendency to some extent, but
attained zero at 79K.

Endo et al discuss that resistance of the Ca-rich compo-
sition trails down as temperature decreased, because of the
formation of the semiconductor phase during annealling
process,” and such a phenomenon was also observed with
the thin films annealed for 24 and 65hr in this study. On
the other hand, the film annealed for 15hr showed no such
phenomenon.

It was also observed that decreasing Ca content tended
to diminish the trailing phenomenon, even when increasing
annealing time.

3.2. Crystalline Phases of the Thin Films

Figures 2(A) and (B) show the XRD patterns of each
sample. Each composition consisted of the high T. phase
(Bi,Sr,Ca,Cu;0,) oriented to the c-axis, the low T, phase
(Bi,Sr,Ca,Cu,0,) and the semiconductor phase
(Bi,Sr,Cu,0,). The volume ratio of the high 7, phase ac-
counted for 91, 77 and 42% in the compositions treated for
15, 24 and 65hr, respectively, as determined by eq.(1); de-
creasing in quantity as annealing time increased.

It was also noted that the semiconductor phase decreased
in quantity with annealing time. The Ca-richer composition
favors formation of the semiconductor phase, as pointed out
by Endo et al,” which was also observed in this study. It
had been considered that resistance of the superconductor
was greatly affected by the presence of the semiconductor
phase, and that resistivity followed the semiconductor be-
havior. However, both showed the metallic behavior. Crit-
ical temperature decreased with annealing time, as was the
case with proportion of the high T phase, from which it can
be postulated that it is affected by the crystalline phases.
The film annealed for 65hr consisted essentially of the high
and low T, phases, judging from its XRD patterns; never-
theless, however, its resistance trailed to 20K. This indi-
cates that the crystalline phase is not the sole factor that

Table 2. C-axis length of film A and B.

Film | Annealing Process C-axis length

A 850Cx15hr | 3. 711+0. 003nm

A 850Cx24hr | 3. 708+0. 001nm

A 850Cx65hr | 3. 694%£0. 002nm

B 850Cx15hr [ 3. 713£0. 003nm

B 850Cx24hr [ 3. 710+0. 002nm

B 850Cx65hr [ 3. 737+£0. 003nm
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determines resistance-related behavior of the film.

It was also observed that the high T phase increased in
quantity as Ca content increased, and its contents were 50,
75 and 24% in the films annealed for 15, 24 and 65hr,
respectively.

Therefore, length of the c-axis in the high T, phase, de-
gree of orientation of the superconducting particles and film
structures were analyzed, to investigated their effects on
critical temperature.

3.3. Length of the C-axis of the Thin Film

Length of the c-axis in the high T. phase in Films A and
B were measured with Si powder as the reference. The
diffraction lines used to determine the length were of (002),
(008), (0010), (0014), (0016), (0018), (0024), (0024),
(0026), (0032) and (0034). The results are given in Table
2.

The c-axis length of both films changed with annealing
time, and that of the film having a higher critical tempera-
ture was 3.710 to 3.720nm. Kozono et al, on the other hand,
discuss that critical temperature of the film (composition:
Bi,PbSr,,Ca,,Cu;,0,) increases as its c-axis length ap-
proaches 3.71nm.” The results observed in this study, cou-
pled with Kozono et al’s, suggest that c-axis length in a
certain range gives a high critical temperature.

It is discussed that the layers of the Bi-system supercon-
ductor are not only irregularly configured but also dis-
torted.'™” The changed c-axis length of the high T, phase
as a result of heat treatment, observed in this study, suggests
that the annealing changes the lamination conditions. The
three-layer structure of the Cu-O plane may be contaminated
with the one-, two- or four-layer structure, to change the
calculated c-axis length.

3.4. Orientation of the Thin Film

Degree of orientation of the particles in the high and low
T, phases in Film A was determined from the half maximum
intensity breadth of the rocking curves, using the (0014) and
(0012) diffraction lines of the high and low T, phases, re-
spectively (see Fig. 3). The rocking curve became sharper
with annealing time, by which is meant that degree of ori-
entation of the c-axis of the high T, phase increases with
annealing time. The thin film annealed for 65hr and a high
degree of orientation of 1° or less. It was observed with the

H(0 0 14)

)

Z.Url(UDIZ)
=}

Half maximum intensity breadth

of rocking curve (°

0 10 20 30 40 50 60 0
Annealing time at 850°C (hr)

Fig. 3. Relationship between half maximum intensity breadth of
rocking curve and annealing time at 850°C for the film A.
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Fig. 4. SEM photographs of the film A.

(A) cross section morphology of the film annealed at 850°C for
15hr.

(B) cross section morphology of the film annealed at 850°C for
65 hr.

(C) surface morphology of the film annealed at 850°C for 15 hr.
(D) surface morphology of the film annealed at 850°C for 65 hr.

bulk superconductor that the superconducting characteris-
tics (critical temperature and critical current flux) increases
as degree of orientation of the c-axis increases. The thin
film having an improved degree of orientation prepared in
this study, however, is characterized by resistance which
trails down but is not converged to zero until temperature is
decreased to 20K.

On the other hand, the thin film anneald for 15hr, show-
ing a high T, (99K), had a relatively low degree of orienta-
tion of 4.2°.

The half maximum intensity breadth of the rocking curve
was measured also for the low T phase, showing that degree
of orientation of the c-axis increased as annealing time in-
creased, as was the case with the high T, phase.

3.5. SEM Observation of the Thin Films

Figure 4 shows the SEM photographs of the cross-sec-
tions and surfaces of the Films A annealed for 15 and 65hr.
The former film had more blurred surface structures than
the latter.

The photographs of the cross-sections indicated that rel-
atively thick plate-like crystals, which were randomly ori-
ented, were bonded to each other in the thin film annealed
for 15hr, whereas the thin plate-like crystals were laminated
regularly to form the layered structure, in which the crystals
were completely separated from each other, in the film an-
nealed for 65hr. These results are in good agreement with
those showing that degree of orientation of the c-axis in-
creases as annealing time increases.

The results of the SEM observation and orientation of the
c-axis suggest that the structural changes with annealing
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time result from reduced quantity of the high 7, phase, the
Ca-O and Cu-O driven off from the phase forming the liquid
phase together with Ca and Cu not included in the super-
conducting crystals, which cover the plate-like crystals. As
a result, the plate-like crystals become sufficiently slippery
to be regularly configured. The liquid phase present in the
grain boundaries will remain as the glassy phase around the
plate-like crystals, after the film is cooled, to weaken the
electrical bond between the crystals. As a result, resistance
trails with temperature, on account of retarded flow of su-
perconducting current.

4. Conclusions

The effects of annealing on behavior of the Bi-Pb-Sr-Ca-
Cu-O superconductor with varying Ca content were inves-
tigated.

1) Resistance of Films A and B depended on annealing time.
In particular, resistance of the film contained Ca in ex-
cess of the stoichiometric content of high T, phase
showed a trailing trend and was not converged to zero,
when the films were annealed for an extended period.
Lengths of the c-axis of these films were measured. The
results indicated that those films with a high critical tem-
perature had a c-axis length within a certain range, 3.710
to 3.720nm for the film prepared in this study.

2) Increasing annealing time increased degree of orientation
of the high and low T, phases, allowing the thin plate-like
crystals to be regularly laminated, to form the layered
structure. These results suggest that the liquid phase,
formed as a result of annealing for an extended period,
covers the plate-like crystals, making them slippery and
regularly configured.

It is therefore considered, based on these results, that heat
treatment of the Ca-rich composition for an extended period
reduces quantity of the high T. phase, with the result that
the Ca-O and Cu-O bonds driven off from the phase form
the liquid phase together with excess elements such as Ca
and Cu (which are not included in the crystals); the liquid
phase remains as the glassy phase, after the film is cooled,
to cover the plate-like crystals. This weakens the electrical
bond between these crystals, as a result of which resistance
of the film trails with temperature on account of retarded
flow of superconducting current.
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In order to achieve high green density of alumina powder
compacts of particles with bimodal size distribution,
stearic acid and polyethleneglycol were used as forming
aids. Burn-out of binder and sintering behavior of these
powder compacts were investigated. The forming aids
melted at 50°C and concentrated on contact points of
particles where a large capillary force acts, and became
difficult to burn out. Therefore, the forming aids in com-
pacts containing a large amount of fine particles tended
to burn out at higher temperature. Powder compacts
containing 40-100% fine particles expanded prior to
burn-out of forming aids and began to contract simulta-
neously with burn-out of forming aids at 170°C. Powder
compacts containing 0-30 % fine particles did not expand
but began to contract at 300°C. As forming aids burn-
out, small pores in compacts shrank, whereas large pores
grew. The sintered densities of compacts that were high
green density with forming aids were also higher than
those of compacts that were low green density without
forming aids, until the relative density reached 95%.
However, the effect of green density on the densification
decreased when the relative density exceeded 95% due
to remarkable grain growth.
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1. Introduction

In the previous paper,” changes in open pore size distri-
bution were mainly studied among the sintering behavior of
alumina powder mixtures with different particle size. As a
result, it was found that the pores of green compacts of the
powder mixtures grow by sintering. Moreover, this sug-
gested that the control of pore growth by preparing com-
pacts with denser structures allows densification at lower
temperatures. There are lubricants” as forming aids to re-
duce the sliding friction of particles or to assist mold release.
The addition of these lubricants to powder is considered to
provide denser compacts. However, when organic matter is
used as a forming aid, it burns during firing and may cause

defects such as cracks or deformation in compacts. Conse-
quently, it is important to know the behavior of a compact
while the organic matter burns from the standpoint of pre-
venting defects. But very few works have dealt with its
relation to the particle size of powder, though some have
reported on the thermal analysis of forming aids in terms of
removal behavior.™

In this stedy, stearic acid was added as a lubricant in
order to increase the density of compacts of alumina powder
mixtures with different particle size. However, compaction
was not able to be performed so that polyethylene glycol
was added to provide plasticity with stearic acid. These
powder mixtures were compacted by isostatic pressing.
And thermal properties, density after forming aids removal
and sintering and pore size distributions of obtained com-
pacts were measured, microstructures were observed.
These results were examined to study the influences of
blending ratios of alumina powder with different particle
size, the amount of added molding aids and heating rate on
the behavior of compacts during lubricant removal, as well
as a relation between the packing state of compacts and
sintering properties.

2. Experimental Procedure

2.1. Alumina Raw Materials and Forming Aids

The two kinds of alumina powder, the same as in the
previous report,” were employed as raw materials. Their
average particle diameters were 6.3um and 0.52um. The
powder with coarse particles was spherical polycrystalline
alumina. Both polyethylene glycol (average molecular
weight: 2000) and stearic acid were first-class reagents
(Wako Pure Chemical Industrial, LTD.)Hereafter, coarse
particles are referred as c particles, fine particles as f parti-
cles, polyethylene glycol as PEG, stearic acid as SA, and a
PEG/SA mixture (1:1 in weight ratio) as SP.

2.2. Preparation of Specimens

Magnesium nitrate corresponding to 0.02wt% MgO was
added to coarse and fine powders, each of which was mixed
in wet with a plastic ball mill. They were dried, calcined at
550°C for 1h, weighed out to prepare specimens with the
specified weight ratios (c:f particles) from 10:0 to 0:10, and
mixed in wet with the plastic ball mill. The liquid medium
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was ethanol disolving a certain amount of PEG and SA.
The resulting slurry was dried, mixed again in dry with the
plastic ball mill, and screened by a 100-mesh sieve. The
prepared powder mixtures were compacted by unaxial
pressing at 12MPa and isostatic perssing at 98MPa to pro-
vide compacts 100x3mm in size, which were sintered at
1500°C or 1600°C for 2h. Table 1 shows the amount of
added PEG and SA. SP4% represents a specimen with 2wt%
of PEG and 2wt% of SA, SPX% that with less PEG and SA
than SP4% reduced according to the specific surface area of
each powder mixture with the value of c:f=0:10 (7.6m’/g)
as 1, and SP0% that without addition.

2.3. Thermal Analyses of Compacts

In order to investigate the behavior of compacts during
lubricant removal, the following instruments were used for
thermal analyses: a thermal gravimetric analyzer (TGA;
Shimadzu Seisakusho Ltd., TGC-40), a differential thermal
analyzer (DTA; Shimadzu Seisakusho Ltd., DT-40), and a
differential thermal expansion meter (TMA; Rigaku Denki,
CN8098D2). Specimens used in TGA and DTA were about
50mg of pieces cut out of compacts prepared as in Clause
2.2, while those in TMA were stick compacts 20x4.5x3mm
in size formed by isostatic pressing as in 2.2. A standard
sample was o-AlL1Os, load 1g, and heating at a rate of
2°C/min. or 10°C/min in air.

2.4. Evaluation of Compacts and Sintered Bodies

The green density was calculated from the volume of a
green compact and weight after heating up to 800°C. The
sintered density was obtained by an Archimedean method.
The open pore size distribution of compacts and sintered
bodies was measured with Hg porosimeter (Shimadzu
Seisakusho, pore sizer type 9310). Their microstructures
were observed with a scanning electron microscope (SEM;
JEOL, Ltd., JSM-T20). The surfaces of specimens of
sintered bodies were polished and etched thermally before
observation.

3. Results and Discussion

3.1. Green Density

Figure 1 shows the relative density which were experi-
mental valures of SP0%, SP4%, and SPX% compacts and
calculated values of SP4%. However, SP0% and SPX%
samples with c:f=10.0 and 9:1 could not be formed. The
relative density of SP4% was 3-5% higher than that of
SP0%, proving that the addition of SP was effective to im-
prove density. However, as in the case of the previous
report,” the experimental valures of SP4% was lower than
calculated values based on Furnas’ relationship.” When

Table 1. Content of stearic acid and polyethleneglycol.

el 10:0 9:1 8:2 7:3 6:4 5:5 4:6 3:7 2:8 1:9 0:10

SP4% Stearic Acid(wt¥) 2 2 2 2 2 2 2 2 2
PEG (wtX) 2 2 2 2 @ 2 2 2 2
SPX% Stearic Acid(wtX) 5
PEG (wt%)
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the density was compared between SP4% and SPX% with
less addition, they were almost equal with all mixing ratios
except that SPX% with c:f=7:3 had slightly higher density.

3.2. Burnout Behavior of Forming Aids

Figure 2 shows DTA curves of SP2%, PEG4%, and
SP49% with c:f=0:10. Specimens were powder and a heating
rate was 10°C/min. In the case of SA2%, there was an
endothermal peak caused by the melting of forming aids
near 70°C, and PEG4% near 40°C. Moreover, SA2% had
two large exothermal peaks by the combustion of the form-
ing aids at 250-400°C, and PEG4% three such peaks at
160-400°C. SP4% had an endothermal peak by SP melting
near 50°C, and exothermal peaks at 140-210°C and 250-
400°C. With the results of SA and PEG, the exothermal
reaction at 140-210°C is considered to have been caused
mainly by the burnout of PEG, while that at 250°C-400°C
by the burnout of organic contaminants to be stated later.

Figure 3 shows the SEM photos of SP4% green com-
pacts with c:f=10:0, and heated to 160°C or 350°C. SP in
green compact is dispersed almost uniformly on the parti-
cles. In the case of 160°C, molten SP is concentrated mainly
between particles or near the contact points of particles by
capillary force (arrows in the figure). As for 350°C, SP is
observed only at the above parts, and almost nowhere else.
Consequently, as in the photos, SP is considered to be hard
to burn by capillary force among particles.

Figure 4 shows the TGA results of SP4% compacts. The
heating rate was 10°C/,in. Ts, Tso, and Tos represent the
temperatures at which 5%, 50% and 95% of SP in compacts
burned respectively. The figure shows that Ts is almost
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Fig. 1. Experimental green densities for various ratios of binary
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and SP4% heated at 10°C/min.
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constant at 170°C even with different c:f mixing ratios,
while the greater the amount of f particles, the harder SP is
to burn. The probable reason for this is that the greater the
amount of f particles, the larger the amount of SP under
great capillary force. However, the TGA curves of powder
and compacts are similar with the same c:f mixing ratios;
therefore, it is surmised that the burnout of SP is affected
not only by capillary force on particle contacts but by the
size of the mass of SP under capillary force and the diffusion
distance of SP to be removed.

Figure 4(b) shows the TGA curves of SP0%, SP4%, and
SPX% with c:f=7:3 measured at a heating rate of 10°C/min,
as well as those of SP4% measured at 2°C/min. The weight
loss of SP0% is probably due to the removal of organic
matter entering from the plastic ball mill and residual alco-
hol in mixing. Tsy of SPX% and SP4% is 315°C and 245°C
respectively, and that of SPX% is higher than SP4%’s be-
cause the proportion of SP free from capillary force is low.
However, the temperature where SP of both burns almost
completely is nearly equal (about 600°C), which indicates
that if the c:f mixing ratio is the same, almost the equal
amount of SP hard to burn remains up to 600°C between
particles and near particle contact points, regardless of the
amount of SP added. From the results of different heating
rates (2°C/min and 10°C/min), it was found that SP burns at
lower temperatures with slower heating rate.

3.3. Expansion and Contraction of Compacts During

Fig. 3. SEM microphotographs.
(a) Green compacts and heated compacts at 10°C/min up to (b)
160°C and (c) 350°C for c:f=10:0 with SP4%.
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Burnout of Forming Aids

Figure 5 shows the typical results of TMA with SP4%
compacts with c¢:f=10:0~0:10. The heating rate was
10°C/min. These results showed a difference in expansion
and contraction between compacts with @ c¢:f=10:0~7:3 and
@6:4~0:10.

First, @ showed almost no change at r.t. ~ 170°C while
@ expanded. This expansion would have been caused by
the process that SP migrating between particles or near par-
ticle contacts by capillary force underwent greater thermal
expansion than alumina, and particle distance was proodend.
However, in the case of adding only PEG with c:f=0:10, no
expansion occured, and when SA, PEG and SP were heated
while placed on alumina sintered bodies polished to mirror
face, SA and SP were harder to extend than PEG though
each molten liquid had a contact angle of less than 90°
exhibiting no visual change (the absolute value of Work of
Spreading Wetting'® was great). These facts suggest that
the expansion of compacts is affected also by affinity be-
tween alumina and the molten liquid of forming aids (espe-
cially Work of Spreading Wetting). Consequently, it is
surmised that in @ the greater the amount of f particles with
great capillary force, the greater the expansion while in @
compacts did not expand because c particles constituting the
skeleton in compacts had low capillary force, allowing the
expanded molten liquid to extend in space formed by parti-
cles.

At 170° ~200°C, @ showed little change while @ con-
tracted rapidly. This contraction would have been due to
the abrupt burnout of chiefly PEG existing on particles with
low capillary force, thereby reducing SP between particles
and attracting particles which had been parted by the expan-
sion of SP. Especially, the reason for large contraction in
the case of c:f=4:6 and 3:7 is considered to be due to plenty

500
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Fig. 4. TGA behavior of green compacts for (a) various ratios
of binary alumina mixtures with SP4% heated at 10°C/min and
(b) c:f=7:3 with SP0%, SP4% and SPX% heated at 10°C/min
and with SP4% at 2°C/min.
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of f particles as well a greater SP burnout than the case of
c:f=2:8~0:10.

At 200 ~ 300°C, no substantial expansion or contraction
was observed with any mixing ratio. In this temperature
range, SP chiefly near particle contacts bumed gradually so
that the force of attracting particles was probably in rough
balance with that of SP expansion.

At 300 ~ 800°C, gentle contraction was observed with
any mixing ratio. In this temperature range, SP remaining
near particle contacts or between particles burned almost
completely, which would have allowed the attraction of par-
ticles to show contraction. For this reason, the amount of
contraction in this temperature range would have been larger
with increase of particles in the case of @, and with c:f=10:0
having more contact between c particles in @. In the latter,
@, expansion was recognized from 600°C, and the cause is
under study.

As has been stated above, the thermal expansion and
contraction of compacts can be classified into @ and @
groups, depending on the arrangement of ¢ and f particles."”
In the group @, c particles with small capillary force con-
stitute a skeleton, so that expansion or abrupt contraction
does not occur, except for contraction only when SP be-
tween particles or near particle contacts burns. In @, f
particles with large capillary force comprise matrix allowing
expansion, and contraction occurs at the same time as form-
ing aids removal. The extent of this change depends on the
amount of f particles and the burnout rate of SP. However,
the cases of 5:4 and 5:5 which show intermediate arrange-
ment between @ and @" are considered to exhibit the be-
havior of both @ and @.

Figure 6 shows the TMA curves of SP0%, SP4% and
SPX% measured at a heating rate of 10°C/min. and that of
SP4% measured at 2°C/min. The amount of expansion and
contraction was smaller in the case of SPX% with low ad-
dition than in SP4%, but the former showed the behavior of
expansion and contraction similar to the latter. The con-
traction of SP0% is probably due to the burnout of organic
contaminants. Moreover, in comparison between 2°C/min.
and 10°C/min., the amount of expansion and contraction
was almost the same in both cases, but it occurred at lower

s spax
0:10 10° C/min

Contraction «—————— Expansion

0 200 400 600 800
Temperature (‘C)

Fig. 5. TMA behavior of green compacts for various ratios of bi-
nary alumina mixtures with SP4% heated at 10°C/min.
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temperatures in the case of 2°C/min.

3.4. Change in Pore Size Distribution of Compacts
During Burnout of Forming Aids

Figure 7 shows the pore size distribution of SP4% green
compacts with c:f=4:6 and heated compacts to 165°C, 350°C
and 800°C. The pore diameter of the 165°C case was
greater than that immediately after molding. This is consid-
ered to have been caused by the expansion of compacts.
The pore diameter of the 350°C case was almost as large as
the 165°C case. The reason is probably that an increase in
pore diameter by SP combustion counterbalanced a decrease
in that by compact contraction. Further heating to 800°C
contracted compacts but enlarged pore diameter compared
with that of the 350°C case. The cause was discussed re-
ferring to Fig.8.

Figure 8 shows the pore size distribution of SP0%,
SP4%, and SPX% with c:f=4:6 and 7:3 heated to 800°C at
a rate of 10°C/min. and that of SP4% heated to the same
temperature at 2°C/min. In the case of c:f=4:6, the order of
pore diameters after formiung aids removal were
SP0%>SP4%>SPX%. SP0% had the lowest green density,
which would have resulted in the largest pore diameter.

Contraction.__ . FExpansion

S~ T e
ID.IX N C/min
\~—_...__,_
0 200 400 600 800

Temperature (‘C)

Fig. 6. TMA behavior of green compacts for c:f=4:6 with
SP0%, SP4% and SPX% heated at 10°C/min and with SP4% at
2°C/min.

O:Green A:350'C
A:165°C @:800°'C
c:f=4:6
SP4%

10'C/min

S

[
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0 n
0.05 0.1 0.15
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Fig. 7. Open pore size distribution of green compacts and
heated compacts at 10°C/min up to 165°C, 350°C and 800°C for
c:f=4:6 with SP4%.
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Since the green density of SP4% was almost equal to that
of SPX% with less addition, it was first predicted that the
pore diameter of SPX% compacts with small contraction
after forming aids removal was larger than that of SP4%,
but the experimental results were quite the opposite. This
suggests that pore growth after forming aids removal is
promoted not only by SP burnout but by the process that
during the contraction of a compact by forming aids re-
moval, nonuniform rearrangement of particles occurs to per-
mit small pores to be smaller and large ones to be larger.

In the case of c:f=7:3, pore diameters after forming aids
removal were SP4%>SP0%>SPX%. The smallest pore di-
ameter of SPX% is probably due to the highest green den-
sity. But SP4% with higher green density than SP0% had
larger pore diameter. This suggests that the contraction
compacts with c:f=7:3 was small after forming aids remoyal
and the degree of rearrangement of ¢ particles constituting
skeletons was small, but f particles in the space formed by
¢ particles undergo local nonuniform rearrangement by
melting and removal of SP, thus resulting in large pores.

As stated above, it was found that the pore diameter
increases by SP removal and nonuniform particle rearrange-
ment also in the process where a compact contracts by form-
ing aids removal. Considering the state of arrangement of
c and f particles in the compact,” it is surmised that the cases
of c:f=4:6~0:10 allow f particles constituting matrix to un-
dergo nonuniform rearrangement, those of 10:0~7:3 allow f
particles among c particles to undergo nonuniform rear-
rangement, and those of 6:4 and 5:5 allow the behavior of
both to coexist. The nonuniformity of this rearrangement is
considered to increase with greater SP addition and higher
heating rate.

3.5. Sintering Properties
1) Densification

Figure 9 shows the relative density of SP0%, SP4%, and
SPX%, sintered at 1500°C or 1600°C for 2h. In comparison
between specimens with the same c:f mixing ratios, sintered
density had the same tendency as green density
(SP0%<SP%<SPX%) when the relative density of sintered
bodies was less than 95%. However, with high mixing ratio
of f particles and relative sintered density greater than 95%,
sintered density was almost equal even though there was a
difference of 3~5% in relative green density.
2) Pore size distribution

Figure 10 shows the open pore size distribution of
SP0%, SP4%, and SPX% with c:f=4:6 and 7:3. The order
of the pore size of sintered bodies with c:f=7:3 was
SPX%<SP4%<SPX%, which agreed with that of the pore
size after forming aids removal. That is, the smaller the
pore size after lubricant removal, the smaller the pore size
of sintered bodies. The order of the pore size of sintered
bodies with c:f=4:6 was SP4%=SPX%<SPO%, since SP0%
had the largest pore size after forming aids removal, so did
after sintering. However, SP4% had larger pore size than
SPX% after forming aids removal, and yet both were almost
equal after sintering. The probable reason is that when the
addition of SP increases green density and raise packing
ratio of f particles, the pore size after sintering is affected
more greatly by the sinterability of c and f particles than by
the pore size distribution of compacts.
3) Microstructures of sintered bodies

Figure 11 shows SEM photos of SP4% sintered bodies
with ¢:f=0:10, 4:6, and 7:3 heated at 1600°C for 2h. SP4%
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with ¢:f=0:10 had large spherical pores several micron me-
ters in size as in Fig.11(a). Such pores were spherical and
hardly observed in SP0%, so that they would have been
caused by the process where a part of the pyrolytic products
of SP remained till sintering advanced to form closed pores.
In SP4% with c:f=4:6, as in Fig.11(b), notable grain growth
was observed as transgranular pores were formed. This
remarkable grain growth was encountered in SP0% and
SPX% as well. In SP4% with c:f=7:3, the grain growth was
also observed as in Fig.11(c), but it was not as active as the
case of c:f=4:6 because f particles were few. These results
suggest that the reason why sintered density becomes almost
equal when it approaches 95% even with high green density
is violet grain growth in the form of trans-granular pores.

o

310( Ye:f=4:6

3 a)c:f=4: .

5 toocon &| ASPEY
s B O:Sp4y ( 10'C/min
:c_: @ :SPX%

x A :SP4% 2'C/min
o 4} 4

E (byc:f=1:3

= 800°'C,0h

o

& 2r 2

5

~

.

&

o

o

o QA
0.05 0.10.15 0.05 0.1
Open Pore Diam. (um)

Fig. 8. Open pore size distribution.
(a) ¢:f=4:6 and (b) c:f=7:3 with SP0%, SP4% and SPX% heated
at 10°C/min and with SP4% at 2°C/min up to 800°C.

0
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Fig. 9. Relative densities for various ratios of binary alumina
mixtures with SP0%, SP4% and SPX% fired (a) at 1500°C for
2h and (b) at 1600°C for 2h.
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5. Conclusion

When stearic acid and polyethyleneglycol(SP) was added
to alumina powder mixtures with different particle size, the
relative green density became 3~5% higher than the case
without SP addition. Compacts were examined for forming
aids removal and sintering properties. The following results
were obtained.

1) SP in compacts becomes hard to burn due to the capillary
force of particles. During this process, the compacts un-
dergo expansion and contraction affected by the capillary
force of particles along with affinity between alumina

A:SPOX O:SP4% @ :SPXX

w3 3

o (b) c:f=7:3
oo 1600'C,
o

S50 2 2h
i

©

50 1F

2

=

g 0 1

= P 0.30.3 0.5 1.0 2.0

Open Pore Diam. (um)
Fig. 10. Open pore size distribution.
(a) c:f=4:6 with SP0%, SP4% and SPX% fired at 1500°C for 2h
and (b) c:f=7:3 with SP0%, SP4% and SPX% fired at 1600°C
for 2h.

Fig. 11. SEM microphotographs.
(a) c:f=0:10, (b) 4:6 and (c) 7:3 with SP4% fired at 1600°C for
2h.
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and molten forming aids, and the particles undergo non-
uniform rearrangement.

2) The combustion of SP in compacts begins at higher tem-
peratures with higher mixing ratio of fine particles (f
particles). The behavior of compacts in the above pro-
cess differs with different mixing ratios of coarse and fine
particles (c:f):(a) c:f=10:0~7:3, (b) 6:4~5:5, and (c)
4:6~0:10. In the case (a), coarse particles (c particles)
with small capillary force constitute a skeleton and nei-
ther expansion nor abrupt contraction occurs, while in the
case (c) f particles with great capillary force constitute
matrix to allow such changes. Additionally, nonuniform
rearrangement is undergone by f particles in the skeleton
in (a) and by those constituting matrix in (c). In the case
(b), the behavior of (a) and (c) coexists.

3) When SP addition is less than 4%, the degree of expan-
sion and contraction of compacts becomes low and the
degree of rearrangement of particles is small though the
temperature where SP burns completely hardly changes.
Moreover, with slower rate of forming aids removal the
burnout of SP occurs at lower temperatures, and particle
rearrangement becomes more uniform though the amount
of expansion and contraction of compact is unchanged.

4) In specimens with the same c:f mixing ratios, it was found
that SP- added compacts with high green density have
higher sintered density than SP-nonadded compacts until
the relative density reaches 95%.

5) In specimens with the same c:f mixing ratios, notable
grain growth occurs when the relative sintered density
approaches 95%, vanishing the effect of particle packing
in compacts. Consequently, to densify powder mixtures
at low temperatures the control of grain growth requires
as well as higher green density.
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Li,0-SiO, Crystals and Na,0-Ca0O-SiO, Glass
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The composite materials consisting of crystals and
glasses were prepared by heat-treating the mixtures of
Li,0-ASiO,(LS) and Na,0-ca0-SiO, (NCS) glass pow-
ders. In the specimens in which the proportion of Li,O-
SiO, glass content decreases, other crystals such as
o-quartz, B-cristobalite, and wollastonite were detected.
The differential thermal analysis, thermal expansion co-
efficient, softening temperature, apparent density, poros-
ity, compressive strength and bending strength were
measured. The relations between the strengths and the
mixing ratio of LS and NCS glass were analyzed based
on the crystal content and the porosity. The crystalliza-
tion behavior and the composite reaction process were
also discussed.
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1. Introduction

It is known that the characteristics of composite materials
are greatly affected by 1) the properties of raw materials, 2)
composite structures (the proportion of dispersed to matrix,
morphology, distribution state etc.), 3) interfacial condi-
tions, and others. Among these, factor 3) is the most im-
portant in preparing composite materials and involves
miscellaneous problems such as

wettability of both materials and chemical reactibility at
the interface; a difference in the coefficients of thermal ex-
pansion that will cause strain and cracks inside materials as
well as invite a decrease in strength; surface conditions be-
fore reaction (rough or smooth); and surface structures in-
cluding matching of lattice constants of both materials,
number of protruded dislocation sources, and condition of
interfacial layers. The composite reinforcement of ceramic
materials is classified into two types according to used raw
materials and forms-fiber reinforcement and particle disper-
sion reinforcement.” Moreover, the particle dispersion re-
inforcement type is grouped into the following two types:
precipitated particle reinforcement which controls crystals
precipitation and particle diameter by heat treatment to ob-
tain reinforcement, and mixed particle reinforcement that
crack pinning, the control of crack development and the
generation of prestress” provides reinforcement.

Some examples of the preparation of composite ceramic
materials include an early work of LiO-Al,03:nSiO,-
Li,0-Si0, glass composites,” of a precipitation particle re-
inforcement type intended to improve mechanical strength

and thermal shock resistance, and recent works of cordierite
(2Mg0-2A1,04-5Si0, - mullite (6AL,05 - 2Si0,) composite
sintered bodies by Mussler” and Ikawa et al.” aimed at
application for substrates for electronic materials, cordier-
ite-mullite glass composite of a mixed particle reinforce-
ment type by Ushifusa et al,” and fiber-reinforced
ceramics (FRC) using SiC fiber.”

The authors attempted the reacted-composition glass ce-
ramics consisting of a precipitated particle dispersion type
and mixed particle dispersion type, employing Li,0-SiO,
crystalline glass with well-studied crystallization behavior”
and ordinary Na,0-Ca0-SiO, glass powder, while taking
chemical reactivity and a difference in the coefficients of
thermal expansion into consideration. The obtained com-
posites were subjected to measurement for mechanical prop-
erties such as compressive and flexural strength, porosity,
and thermal expansion, as well as to discussion on precipi-
tated crystal phases resulting from different mixing ratio of
the two glass materials and heat treatment temperatures and
their reaction processes. This paper describes some basic
knowledge obtained in this study.

2. Experimental Procedure

2.1. Preparation of Glass

The commercial special-grade reagents of SiO,, Li,COs,
Al,03, Na,COs, CaCO;, and Mg(OH), were used as starting
raw materials to prepare Li,0-SiO, and Na,0-CaO-SiO,
glass. Each starting raw material was weighed out in the
specified batch composition, mixed fully, charged in a 300-
cc platinum crucible, and melted at 1500°C for 3h in an
electric furnace. The molten matter was allowed to flow
onto the iron plate to form glass, which was ground into
powder samples less than 30pm in particle size for experi-
ment. For simplification, Li,0-SiO, glass to obtain crystal-
line glass is referred to as “LS,” and Na,0-Ca0-SiO, glass
(soda lime glass) as “NCS.” In the case of the latter glass,
some SiO, was added in excess compared with composition
of practical glass,” taking differences in heat treatment tem-
perature and coefficients of thermal expansion with crystal-
line glass into consideration. Table 1 shows the results of
chemical analysis by an ICP method of these glass samples
as well as their batch compositions.

2.2. Reaction Processes and Precipitated Crystal Phases
of LS and NCS Glass

In order to observe crystallization and its process of LS

glass when mixed with NCS glass, about 0.5 grams of a

powder sample was charged in a Pt capsule and underwent

differential thermal analysis (DTA) at a heating rate of

5°C/min. In addition, quenching experiment was performed
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with samples packed in Pt tubes at temperatures somewhat
higher and lower than peak temperatures in DTA curves, and
precipitated crystal phases and the disappearing processes
were examined by X-ray diffraction. In the same manner,
the identification and semiquantitative analysis of crystal
phases precipitated in formed samples after heat treatment
were conducted by X-ray diffraction using the CuKo ray.
In the semiquantitative analysis, Si metal was adopted as a
standard sample, and values were estimated roughly from
the peak intensity of 2SiO, (130) diffraction line (26=23.7)
(ASTM Card 17-447). To determine the coefficient of ther-
mal expansion of each mixed sample, a thermal expansion
curve was obtained using a quartz pushing rod type dilatom-
eter (1/1000mm). The shape of a specimen was a rectan-
gular parallelopiped 5x5x25mm in size after heat treatment
at 700°C for 3h. Specimens of 100% of LS and NCS glass
were cylinders 10mm in diameter and 20mm in length. The
coefficients of thermal expansion were corrected using
quartz glass and a pure silver rod as standard samples. The
heating rate was 5°C/min.

2.3. Mechanical Strength, Porosity, and Microstructures

In order to prepare specimens for the measurement of
compressive strength, 1.5 grams of mixed glass with the
specified proportion was formed into a cylinder 10x10mm
in size at a pressure of about 370MPa/m’. As for specimens
for the measurement of flexural strength, 2 grams of mixed
glass was molded into a stick 5x3x50mm in size at about
130MPa/m’. The specimens for flexural strength were hard
to mold so that 1% of a polyvinylalcohol solution was added
as a binder. The formed specimens were placed in the
nichrome wire electric furnace, heated at a rate of 5°C/min.,
held at 650, 700, and 800°C for 3h and cooled in the furnace.
In the preparatory experiment, the amount of precipitated
crystals of crystalline glass employed in the main experi-
ment saturated in about an hour at each treatment tempera-
ture. Consequently, heat treatment for 3h was judged to be
sufficient. The temperature deviation in the electric furnace
was +3°C. The compression test (loading vertical to a cyl-
inder axis) of specimens after reaction and a four-point
bending test (loading in the direction of 3mm thickness)
were carried out using an Amsler-type compression tester
and a universal testing machine.” The crosshead speed was
0.75mm/min. and 0.5mm/min. respectively. As for the
bending test, the lower support span was 30mm and upper
load span 10mm. Each measurement was performed with
5 specimens, and the average was adopted as a representa-
tive. In ordinary testing for mechanical strength, the surface

Table 1. Chemical composition (mol%) of the LS glass-ceram-
ics and NCS glass. The parenthesized values are batch composi-
tion.

Li20-8i0s system (LS) Na:0-Ca0-8i0. system (NCS)

$i0s 65.64 (67.54) 76.28 (77.61)
Al20s 2.56  (3.14) 118 (1.49)
[ A — L4670
ety | s 8.5 (8.42)
Nas0 —n = 9.59  (8.78)

Lis0 81.80 (29.82) | @0 e s

100.00 (100.00) (mol %)

100.00 (100.00)
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of a specimen should be polished to mirror flat to minimize
the influence of its surface. Yet, in the preparatory experi-
ment with specimens in this study, polishing tended to cause
greater deviation in strength values, so that mirror flat pol-
ishing was omitted in this case and specimens directly after
heat treatment were adopted in the testing. On the other
hand, mechanical strength is affected greatly by the porosity
of a specimen. Accordingly, each specimen formed and
heat-treated under the same conditions as that for compres-
sive strength was subjected to the measurement of apparent
density and porosity by the ordinary method (JIS Z2505,
1979). Moreover, the SEM observation of fracture surfaces
of specimens after compression tests was conducted to ex-
amine a relation between their microstructures and mechan-
ical strength.

3. Experimental Results

3.1. Reaction process and Precipitated Crystal Phases

Generally, the crystallization of glass tends to start in the
surface rather than inside.'” However, heat treatment after
mixing with non-crystalline glass as in this experiment may
vary its surface condition as well as precipitated crystal
phases, crystallization rate, and reaction process. Figure 1
is a DTA curve of a LS-NCS glass mixture (weight ratio-
LS80: NCS 20). The shift of the base line by glass transi-
tion is noticed at 450°C along with a large exothermal peak
by crystal precipitation at 565 ~ 660°C. The height of this
peak by crystal precipitation decreased with an increase in
the mixing ratio of NCS glass, and yet the initiation temper-
ature of crystallization at a peak rise was almost constant
(565°C) regardless of mixing ratios. The X-ray diffraction
spectrum of a quenched specimen proved that this exother-
mal peak near 600°C is attributed to the precipitation of
Li,0-SiO, crystals in the main phase and a small amount of
Li,0Si0, crystals.

The small exothermal peak near 700°C was not recog-
nized in the case of monolithic LS glass, and proved to be
caused by the precipitation of a-quartz (ASTM Card 33-
1161) and B-cristobalite (27-605) crystal phase. The small
exothermal peak near 800°C was attributed to B-spodumene
(2Li,0-Al,054Si0,) (35-797). in addition, two endother-
mal peaks at 963°C and 987°C appeared probably owing to
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Fig. 1. DTA curve of the mixture (80 : 20 in wt%) of LS glass
and NCS glass powders. Heating rate: 5°C/min.
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the melting of crystal phases. The height of both peaks
decreased with an increase in the mixing ratio of NCS glass
as in the case of the large exothermal peak near 600°C.
However, no change was encountered in the initiation tem-
perature of the peak. Figure 2 presents the typical changes
of X-ray diffraction patterns. The figure shows that the
crystal phases precipitating in the case of monolithic LS
glass are Li,0-SiO, and Li,0Si0,, and B-spodumene precip-
itates with increasing treatment time and temperature.
However, the mixing of NCS glass led to the precipitation
of the following three phases in addition to the above
phases: o-quartz and -cristobalite, both transformation
phases of SiO,, and wollasonite (CaSiOs) (29-372). The
precipitation amount of these phases tended to increase as
the mixing ratio of NCS glass increased, while B-spodu-
mene and Li,O crystal phase decreased, and the main
Li,0-SiO, phase finally disappeared. Figure 3 shows hy-
pothetical composite reaction process in composite of LS
glass and NCS glass. Table 2 lists precipitated crystal
phases obtained by the heat treatment of specimens with
various mixing ratios for 3h at 650, 700, and 800°C. The
wollastonite phase precipitated with a mixing ratio of LS60
: NCS40 by heat treatment at 650 and 700°C, whereas it was
not encountered by heat treatment at the highest 800°C.
Figure 5 gives compressive strength, apparent density

a

LS 20 : NCS 80

10 20 30 40 50
20 (DEGREE)
Fig. 2. Typical X-ray diffraction patterns. Heat treatment:
650°C, 3h.
@®: Li;02Si0;, O: Li;0-Si02 A: o-quartz, V: B-spodu-
mene, [J: B-cristobalite, O: wollastonite.

CRYSTALLIZATION OF AppeARANCE OF

L170-S10, 6Lass L190:28109; 565 °C  NEW PHASES, a-QuARTZ

|

B-CRISTOBALITE, WOLLASTONITE

Nag0-Ca0-S10, 6LASS
S o
00N OR
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Fig. 3. Hypothetical composite reaction process in the compos-
ite of LS glass and NCS glass.
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and porosity at various heat treatment temperatures of spec-
imens with different mixing ratios of LS and NCS glass.
The optimum mixing ratio to provide a maximum strength
was found at each treatment temperature. Such a ratio was
LS glass 80 : NCS glass 20 at 800°C, 60:40 at 700°C and
10:90 at 650°C. Additionally, the maximum value of
strength obtained in this experiment was about 7 times
(690MPa/m’) as much as monolithic LS glass (about
100MPa/m’), and the mixing ratio was LS80:NCS20. The
strength values of specimens of monolithic LS glass are
hardly affected by treatment temperature, while some mixed
specimens are affected greatly. For instance, in the case of
LS80 : NCS20 the specimen treated at 800°C exhibited a
maximum strength value, followed by that treated at 700°C
and 650°C in this order. However in the case of 60 : 40,
this was opposite and treatment at 700°C provided a maxi-
mum, then at 650°C and 800°C in this order. Moreover, the
porosity of monolithic LS glass was not virtually affected
by treatment temperature, showing almost constant values
(17.7 ~ 18.8%). Yet, porosity decreased with an increase in
the addition of NCS glass, and especially a porosity of less
than 1% was achieved by LS60 : NCS40 at 800°C, 40 : 60
at 700°C and 20 : 80 at 650°C, thus proving that porosity is
affected not only by treatment temperature but by mixing
ratios. Further, in a relation between compressive strength

Table 2. Relationship between crystalline phases and heat-treat-
ment temperatures.

L2S; Li20-2Si0,, LS; Li;O-SiO,, Q; a-quartz, C; B-cristobalite,
S; B-spodumene, W; wollastonite.

HEAT TREATMENT TEMPERATURE (°C)

MIXED RATIO (wt¥) 650 700 800
LS 100 : NCS 0 | L2S, LS 128, LS, s 12§, LS, s
LS 80 : NCS 20 | L2S, LS. s, 0, ¢ |L25, LS, s L2s, s

LS 60 : NCS 40 | L2S, LS, 0, ¢, w | L2S, LS, 0, c, w | L2S, s

LS 40 : NCS 60 | L2S, a, ¢, w 128, st Wi ||| Ressmss
LS 20 : NCS 80 | L2S, a,c, w 125, giie | sesmesmmss

LS G : NCS 100

1o

)

ExPANSITON
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TemperaTuRE  (°C)

Fig. 4. Thermal expansion curve of the respective specimens
which were heat-treated at 700°C for 3h. A ; LS80 : NCS20, B;
LS20 : NCS80, C; LS100 : NCSO, LS; 100% LS glass rod,
NCS; 100% NCS glass rod.
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and porosity, the strength increased with decreasing porosity
when the mixing ratio of NCS glass was low. By contrast,
with higher mixing ratio of the glass, the strength tended to
decrease in spite of decreasing porosity, and it was difficult
to express a relation between compressive strength and po-
rosity in a simple proportional function. The apparent den-
sity was 2.42 for monolithic LS glass, and increased by
degrees with the increasing mixing ratio of NCS glass until
it reached 2.47 for monolithic NCS glass. Figure 6 plots a
relation between flexural strength and mixing ratio. At each
heat treatment temperature, flexural strength varied with
mixing ratios in the same manner as compressive strength,
but the maximum value tended to shift to a specimen with
higher mixing ratio of NCS glass than the case of compres-
sive strength. Maximum flexural strength at each tempera-

Table 3. Variations of the thermal expansion coefficient and the
softening temperature with a mixed ratio. Mark LS 100 and
NCS 100 denote each rod specimen of LS glass-ceramics and
NCS glass.

Thernal Expansion Coefficient (K™')
Hixed Ratio (wt%) 200~450() | 450~550() Softening Temp. (%)
LS 100 : NCS 0 | 9.4 x 107° 10 x 107 > 800
LS 80 : NCS 20 14 x 10° 14 x10°¢ 805
LS 60 : NCS 40 14 x 10°¢ 19 x 10°° 760
LS 40 : NCS 60 14 x 10°¢ 28 x 10°¢ 725
LS 20 : HCS 80 14 x 10° 35 x 10°° 710
NCS 100 7,0 i 2 8.1x107° 610
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Fig. 5. Relationships between the compressive strength, porosity,
and apparent density and a mixed ratio of LS glass-ceramics and
NCS glass. —@—, —V¥—: specimens which were heat-treated for
3h at 800°C, —O—, —®—: at 700°C, ——, —ll—: at 650°C,
—A—: density of specimens which were heat-treated at 650°C
for 3h. The regime denoted by a dotted line included three new
crystal phases.
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ture was obtained by a specimen with LS60 : NCS40 at
800°C, 10 : 90 at 700°C, and 20 : 80 at 650°C, and the
maximum value was about 70MPa/m” (800°C), about 1/10
as much as compressive strength. The maximum flexural
strength was achieved by the specimen treated at 800°C as
in the case of compressive strength, and yet the values of
specimens treated at 650 and 700°C were not so distinct as
the case of compressive strength. As shown in Figs.4 and
6, compressive and flexural strength is greatly affected by
heat treatment temperature and mixing ratios. With regard
to the precipitation amount of Li,02DSiO, crystals, semi-
quantitative analysis was carried out using specimens after
the measurement of compressive strength by an X-ray
method. The results are shown in Fig.7. The Li,0-SiO,
crystals decreased almost linearly with a decrease in the
mixing ratio of LS glass at each heat treatment temperature,
and the slight influence of treatment temperature was no-
ticed in specimens with some kinds of mixing ratios.

The mechanical strength of particle dispersion type com-
posites is greatly affected by particle diameter, pore size, its
distribution, and the microstructure of matrix at particle in-
terfaces or others. In general, smaller pores and finer par-
ticles will provide higher strength, and in the case of oval
or formless voids, greater curvature of their corners is con-

100—

3
I

BENDING STRENGTH (MPa-m~?)

I L 1 1 L 1

LS = 100 80 60 40 20 0
0 20 40 60 80 100 = NCS

MIXED RATIO (wt)

Fig. 6. Bending strength as a function of the mixed ratio. —@—
: 800°C,—O—: 700°C, —}—: 650°C.

4\

RELATIVE INTENSITY (1/1o)

L &
I I 1 1 \ 1

LS = 100 80 60 40 20 0
0 20 40 60 &0 100 = HCS

MIXED RATIO (wt%)

Fig. 7. Relative intensity of X-ray diffraction peak Li0-2Si0,
with a mixed ratio. The diffraction peak height of (130) plane
was calibrated by comparing with that of the pure Li,0-2SiO
crystal. The specimen was heat-treated at the respective tempera-
tures: — @—: 800°C, —O—: 700°C, —[J—: 650°C, —A—:
Li,0-2Si02 crystal.
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sidered to be desirable.” Figure 8 gives the observation
results of fracture surfaces of specimens providing maxi-
mum compressive strength at corresponding treatment tem-
peratures. Figure 8(a) is the case of monolithic LS glass in
which the lack of NCS glass to act as a binder causes insuf-
ficient bonding among LS glass particles, thus forming
plenty of small voids and peeled thin flakes. In the speci-
men treated at 800°C (b) there are considerable bonding
among particles, and spherical pores are observed with rel-
atively large diameter (8 ~ 9um). On the other hand, spec-
imens treated at 700°C (c) and 650°C (d) have small
spherical pores 3 ~ 4um in diameter along with relatively
large formless voids, so that bonding seems to be insuffi-
cient.

4. Discussion

According to the equilibrium diagram of an Li,0-AL,0;-
Si0, system,'” the eutectic temperature of the three phases
of Li,0-Si0,, Li;0Si0,, and B-spodumene is 975°C, and
that of Li,O-SiO,, SiO,, and B-spodumene is 980°C. The
two endothermal peaks at 963°C and 987°C in the DTA
curve in Fig.1 is attributable to the melting phenomenon at
the eutectic temperature of a crystal phase consisting of each
of the above-stated three phases. There are slight differ-
ences in melting temperatures between the results of this
experiment and the equilibrium diagram; the reason is prob-
ably that the mixing of NCS glass in this experiment leads
to the precipitation of the new crystal phases of o-quartz,
B-cristobalite, and wallastonite, thus affecting the results.
Table 2 lists the mixing ratios of LS and NCS glass as well
as precipitated crystal phases at various heat treatment tem-
peratures. The precipitated crystal phases of monolithic LS
glass are Li,0-Si0,, Li,0SiO,, and B-spodumene, while
those resulting from the mixing of NCS glass are a-quartz,
B-cristobalite, and wollastonite, which are probably due to
the result of a fusion reaction between LS and NCS glass.

20 pm

Fig. 8. SEM photographs of the fracture surface. (a): the speci-
men of LS 100: NCS 0 which was heat-treated at 800°C for 3h.,
(b): the specimen of LS 80: NCS 20 which was treated at
800°C for 3h., (c): LS 60: NCS 40 at 700°C for 3h., (d):LS60:
NCS40 at 650°C 3h.
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The initiation temperature of an exothermal peak near 565°C
accompanying the crystallization of Li,O-SiO, in the DTA
curve in Fig.1 was almost constant even with varied mixing
ratios of NCS glass. The above results including DTA
(Fig.1) and the changes of X-ray diffraction patterns (Fig.2
and Table 2) suggest that a fusion reaction to form LS-NCS
composite glass is as follows (Fig.3). A mixture of LS and
NCS glass in the vitreous state is heated and softening be-
gins at the surface of the A particle made of LS glass with
lower softening temperature (400°C) in the early step, fol-
lowed by an interfacial fusion reaction with the B particle
made of NCS glass through this softened surface. In paral-
lel to the fusion reaction, the crystals of Li,O-SiO, and
Li,08i0, (565°C), the main phase, as well as B-spodumene
(800°C) precipitate in the surface of and inside the LS glass
particle. As the fusion reaction proceeds, the mutual diffu-
sion of ions becomes active between A and B particles, and
with a rise in temperature the reaction further advances to
trigger the precipitation of the new crystal phases of o-
quartz, B-cristobalite and wollastonite.

As in Fig.5, the compressive strengthened porosity of
specimens of 100% LS glass was not affected by treatment
temperature, showing almost constant values. Nevertheless,
when NCS glass was mixed, substantial differences in com-
pressive and flexural strength were caused by different heat
treatment temperature, mixing ratios and porosity.  As
shown in Fig.7, the precipitated amount of Li,0-SiO, crys-
tals decreased at each treatment temperature almost linearly
with a decrease in the mixing ratio of LS glass. Yet, with
some specific mixing ratios, slight differences were noticed
by heat treatment temperature, and in the case of LS60 :
NCS40 the precipitated amount of a specimen treated at
700°C was the greatest. With this mixing ratio, compressive
strength was also the highest at 700°C despite high porosity.
Moreover, the porosity of a specimen with a mixing ratio of
LS60 : NCS40 was the lowest (0.06%) after heat treatment
at 800°C, 10.92 at 700°c, and 11.80 at 650°C, while com-
pressive strength was the lowest in the case of 800°C treat-
ment with the lowest porosity. Generally, mechanical
strength is high when a specimen has low porosity and fine
particles, or formless or oval voids having corners with layer
curvature. Figure 8 shows the fracture surfaces of speci-
mens treated at various temperatures. The specimen treated
at 800°C (b) with the highest compressive strength has rel-
atively large spherical pores and thus high porosity, whereas
the specimens treated at 700°C (c) and at 650°C (d) have
small pores and low porosity. However, compressive
strength is low despite low porosity compared with the spec-
imen treated at 800°C. The probable reason is that the 700-
and 650-°C-treated specimens have plenty of nearly oval
voids with sharp corners (small curvature), at which com-
pressive stress localizes to allow failure by relatively low
stress. Consequently, as in Fig.5, it is surmised that when
the mixing ratio of NCS glass is low, compressive strength
is affected by porosity, but when the mixing ratio exceeds
a certain limit, it is affected rather by the precipitated
amount of crystals such as Li,O-SiO,, or the form and dis-
tribution of voids than porosity. In addition, the flexural
strength of a specimen with a mixing ratio of LS60 : NCS40
treated at 800°C showed a maximum, as opposed to the case
of compressive strength. It is not clear whether this is due
to the different forms of specimens, a difference in the
mechanism of stress generation, or other factors. At any
rate, when the mixing ratio of LS glass becomes 60% or
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less, a change in the precipitated amount of other crystal
phases than Li,O-SiO,, the main phase, is encountered as in
Fig.2 and Table 2. Hence, in the discussion of mechanical
strength of composites with an LS glass mixing ratio of 60%
or less, these new precipitated phases should fundamentally
be taken into consideration in addition to the crystallization
amount of Li,O-SiO,, and yet details are unknown at pres-
ent.

In general, the destruction energy of particle dispersion
type composite materials is expressed as follows'”:

P=To 30 wwmms ss 05558 summmn (1)

where I": destruction energy, I',: the destruction energy of
matrix, 7: the linear tensile force of a crack front, and 8: a
distance between particles. According to formula (1),
greater destruction energy I' can be obtained either by re-
ducing 8 or by increasing [, In this experiment, NCS glass
is mainly used as matrix, I';, will not show much variation.
Therefore, increasing the destruction energy I" on the left
side of formula (1) will be achieved by reducing distance
between Li,O-SiO, crystal particles, that is, raising the mix-
ing ratio of LS glass. However, in this experiment (as
shown in Fig.5), when the mixing ratio of LS glass was low,
strength increased with its increase, but when the ratio ex-
ceeded a certain limit, strength showed a decrease. Below
the limit, as stated above, a distance between Li,0-SiO,
crystal particles decreased in the NCS matrix glass, which
is considered to be the same behavior as the case of mixed-
particle-reinforced composites with the increased effect of
crack prevention. In the case of exceeding the limit, the
influence of porosity and precipitated crystal phases to
greatly affect the strength of conventional glass or other
ceramics with coexisting crystals will become dominant,
shifting the structure to a precipitated-particle-reinforced
composite type.

5. Conclusion

1) Li,0-Si0, (LS) and Na,0-Ca0O-SiO, (NCS) glass powder
materials were mixed and underwent heat treatment to
prepare composites consisting of crystal particles and
glass phases. The precipitated major crystal phase was
Li,0-Si0O,. Yet, under some conditions of heat treatment
temperature or the mixing ratio of NCS glass, various
crystal phases were observed such as LiO,Si0,, B-spod-
umene, o-quartz, B-cristobalite, and wollastonite. The
three phases of a-quartz, B-cristobalite, and wollastonite
would have been formed by the fusion reaction of both
glass materials.

2) The initiation temperature of crystallization of LS glass
was constant (about 565°C) regardless of the mixing ratio
of NCS glass. Moreover, the coefficients of thermal ex-
pansion of specimens after heat treatment were 1.4x10°
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(200 ~ 450°C) and 1.4 ~ 3.5x10” (450 ~ 550°C), and the
softening point became higher by the addition of LS glass
than monolithic NCS glass.

3) Compressive strength varies with the mixing ratios of two
glass materials or heat treatment temperature. With treat-
ment at the same temperature, a maximum mechanical
strength depends on the mixing ratio; for instance, LS80
: NCS20 (wt%) at 800°C, 60 : 40 at 700°C, and 10 : 90
at 650°C. In addition, with the same mixing ratio,
strength tended to become higher as treatment tempera-
ture rose.

4) As for flexural strength, there were optimum mixing ra-
tios: LS60 : NCS40 at 800°C, 10 : 90 at 700°C and 20 :
80 at 650°C. With the same mixing ratio, treatment at
800°C provided the highest strength, and no distinct dif-
ference was detected between 700°C and 650°C.

5) From the qualitative viewpoint, compressive and flexural
strength was associated with porosity when the mixing
ratio of NCS glass was low, and yet as the ratio exceeded
a certain value, the strength tended to depend on the
amount of crystal precipitation along with the form and
distribution of voids. However, the mixing of NCS glass
caused the precipitation of new crystal phases, and a
quantitative relation cannot be discussed owing to com-
plicated changes in the crystal phases.
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Electrical resistivity of diamond films grown by a ther-
mal plasma chemical vapor deposition technique was
measured from room temperature to 870°C at 3x10°-
1x10°Torr. The surface-treatments of the films were
carried out in the following ways, i.e. 1) immersing in an
aqua regia at 75°C for a week, 2) immersing in a solution
of CrO; in H,SO, for a day, 3,4) heat treating at 400 and
550°C respectively in air for two hours. Electrical con-
tacts on the resultant films were made by gold electrodes
deposited by an ion sputtering technique in air at 0.2
Torr and argon gas at 0.2 Torr, respectively. The films
with gold electrodes deposited in air had peaks in elec-
trical resistivity at temperature of 400-530°C, but the
peaks did not appear with the gold electrodes deposited
in argon gas and without gold electrode. It can be ex-
plained that this phenomenon was caused by the desorp-
tion of oxygen molecules, which were adsorbed from an
air plasma generated by the ion sputtering, from the
diamond surface and the diamond/electrode interface,
further by subsequent reconstructions of the diamond
surfaces.
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Key-words: Electrical resistivity, Surface treatment, Dia-
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1. Introduction

Diamond film prepared by the CVD method has been
already commercialized as coating for cutting tools."”
More recently, many researchers are interested in its electri-
cal properties to commercialize it for electrical devices. At
present, P- and N-type semiconductor films of diamond
have been prepared by doping boron and phosphorus, re-
spectively.”® It is known that a Shottky junction is formed
by providing diamond film having semiconductor character-
istics with metallic electrodes of specific metal.”” Mori et
al discuss that the characteristics of metal/diamond interface
depend on electronegativity of the metal, and that the I-V
characteristics at the interface will no longer depend on the
metal by adsorbing oxygen on the diamond surface.”” A
number of researchers discuss adsorption of oxygen and
hydrogen on the diamond surface and their desor?tion, and
accompanied changes in the surface conditions.”™ In this
study, the author has measured effects of temperature on
electrical resistance of the diamond films™*” prepared by
the thermal plasma method, some of which are surface-
treated, under a vacuum to find that their resistance changes,
conceivably as a result of desorption of the adsorbed gas.

2. Experimental Procedure

The as-grown and surface-treated diamond films were
measured for their electrical resistance under the conditions
of pressure in a range from 3x10° to 1x10°® Torr and tem-
perature in-a range from room temperature to 870°C.

2.1. Sample Preparation

The diamond film was grown on a molybdenum substrate
from a methane/hydrogen mixture, using high-frequency
thermal plasma. No impurity was doped for the preparation
of the film. Figure 1 shows the plasma torch®** used for
the formation of the film, and Table 1 the film deposition
conditions. Temperature at the back side of the substrate,
determined by a photo sensor, decreased during the deposi-
tion process as film thickness increased, because of de-

Fig. 1. Schematic view of the rf plasma torch: (1) cooling
water inlet, (2) cooling water outlet, (3) gas inlet, (4) gas supply,
(5) induction coil, (6) substrate holder, (7) substrate, and (8) opti-
cal sense.

Table 1. Deposition conditions of diamond films.

CHy/H) 0.033

Initial temperature
of substrate 850 - 840°C

Final temperature
of substrate 790 - 720°C

Pressure 1 atm

Deposition time 120 - 720 min
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creased quantity of heat transferring from the front sur-
face. 0

2.2. Analytical Procedure

Electrical resistance of the diamond film was measured,
after the substrate was separated from the film by the chem-
ical treatment with aqua regia (Table 2, for Samples A, B,
D and E) or mechanical exfoliation (Table 2, for Sample C).
It took 2 days to dissolve the substrate with aqua regia at
room temperature.

Resistance was measured basically using the following
procedure: At first, the 20mm-diameter film separated from
the substrate was crushed into pieces, to prepare the speci-
men. It was provided with electrodes for the measurement
of resistance; ion-sputtered onto the edges, while the central
portion was covered with a strip of paper for wrapping
medicines, to grow golden layers. The sputtering was con-
ducted under three different conditions; (1) Air: 0.15-0.2
Torr, Powder: 8-11 W, held for 4min (SC-1), (2) Air: 0.2
Torr, Powder: approximately 10 W, held for 10min (SC-2),
and (3) Air: 0.2 Torr, Powder: approximately 7 W, held for
2min (SC-3). Platinum lines as the leads were drawn on the
golden electrodes with platinum paste. The assembly was
held at 110°C for lhr to dry the platinum paste, and then
placed in a vacuum oven.

The vacuum oven consisted of a transparent quartz tube
as the specimen chamber surrounded by the heater, oil-cir-
culating pump and turbo-molecular pump. Resistance of
the film placed in the specimen chamber was measured, via
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the platinum lead, by an external multimeter (IWATSU
VDAC 7412), and temperature by the thermocouples at-
tached to a place near the specimen. Resistance of the plat-
inum lead increased with temperature to 25Q at 870°C,
which, however, was lower by several digits than that of the
film, and the effect of lead resistance was not taken into
consideration. Resistance of the film was measured, after
pressure inside the specimen chamber was reduced to 3x10”
Torr or below, while changing the chamber temperature.
Temperature was increased from room temperature to 870°C
in 90min, at which the specimen was held for a given time,
and then allowed to decrease by cutting the power source.

2.3. Treatment of Film Surface
The film surface was treated by the following procedure:

1) The specimens were held at 400, 550, 650 or 750°C for
2hr in air, and those treated at 400 and 550°C were mea-
sured for their resistance.

2) They were treated with aqua regia at 75°C for 2hr.

3) They were then treated with chromic acid for 24hr, where

chromic acid was prepared by dissolving 26.7g of chro-
mium oxide (CrOs) in 23ml of concentrated sulfuric acid
and 40ml of pure water and diluting the mixture with
pure water to 100ml.
All the samples, Samples A through E (Table 2), were
treated by the above procedure. Table 2 summarizes the
surface treatment conditions, sputtering conditions, stor-
age period from film formation to resistance measure-
ment, and film thickness.

Table 2. Treatment conditions of sample films.

No Sample Treatment

1) of surface period

(day)

Retention

Electrode Ion Film

thickness

( pm)

2) sputtering

3)

Al
B1
B2
c1
c2
B3
c3
c4

9

31

4
0.5

Aqua regia 4)
As-grown

Remeasurement
Heat at 400°C
Heat at 550°C

Cro3

6)
7) 3
8)

® Y os W =

10
1
12
13
14
15
16
17
18

c6
c7
B4
D

E1
c8
E2
E3
E4

Heat
Heat
CrO3

at 400°C
at 550°C

6)
7)
8)

Heat
Heat
Cro3

at 400°C
at 550°C

6)
7)
8)

360
100

150

100

1) Substrates of sample A, B, D, and E were removed by an aqua regia treatment but that of sample C was peeled off mechani-

cally.

2) Retention period between the day of depositing a diamond film and that of measuring its resistivity.

3) Ion spattering conditions.

SC-1:Air 0.15-0.2Torr, Power:8-11W, and Holding time : 4min.

-2:Air 0.2Torr,
-3:Argon 0.2Torr,  Power:7W,
4) Kept in an aqua regia for a week.

Power:10W, and Holding time :10min.
and Holding time : 2min.

5) Measurement of resistivity of sample C1 again after being exposed to air in the furnace at room temperature for a day.

6) Heat treatment at 400°C for two hours.
7) Heat treatment at 550°C for two hours.
8) Kept in (CrOs:+HSOs) solution for a day.



Vol.99-1164

3. Results and Discussion

3.1. Sample Preparation

Figure 2 shows the SEM (scanning electron microscopy)
photograph of the cross-section of the film, grown on the
substrate and then treated with aqua regia to remove the
substrate. Figure 3 is the Raman spectral pattern of the
cross-section of the film, measured with laser beams having
a spot size of approximately 60um, showing Raman light of
diamond at 1332cm™ and the fluorescence-induced rise-up
of the background in the short wavelength region. The
Raman spectrum of the film surface had similar shape. No
change in the spectral pattern was observed with the film
treated at 870°C (the as-grown film and the film treated with
aqua regia to remove the substrate).

The film was measured by the thermoelectric power
method™ for its conduction type, and judged to be of P-type.
Al and B present in the film were analyzed as the impurities
considered to make the film P-type. The SIMS (secondary
ion mass spectrometry) was used. As a result, 2x10°
atoms/cc of Al and 1x10" atoms/cc of B were detected. The
activation energy was estimated at 0.07 to 0.1eV for the
sample provided with golden electrodes under the SC-1 con-
ditions from its resistance-temperature curve (Fig.6) during
the cooling process.

3.2. Heat-Treated Samples

Figures 4 and 5 show the SEM photographs of the films
held at 650 and 750°C in air, respectively. No abnormalities
were found on the film treated at 650°C or less, but that

Fig. 2. SEM photograph of the cross section of a diamond film.

Intensity

1800 1400 1000
Raman shift (cm’)

Fig. 3. Raman spectrum of the cross section of a diamond film.
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treated at 750°C was covered with a carbon film, as shown
in Fig.5A.”* The grain boundaries and the portion facing
the substrate were particularly oxidized (Fig.5B), as noted
by Hata et al in the diamond films oxidized by air or oxygen
plasma,” indicating the presence of non-diamond compo-
nent or microparticles of diamond in these portions.

3.3. Changes in Film Resistance

First, the as-grown and surface-treated films were pro-
vided with golden electrode under the SC-1 sputtering con-
ditions in air, following the procedure described in Section
2.2, to measure their resistance. Next, three types of the
specimens were prepared and measured in a similar manner;
films provided with golden electrodes under the SC-2 con-
ditions, with platinum paste as electrode and these with
golden electrodes, under the SC-3 conditions in an argon
atmosphere. It should be noted that gold and platinum show
similar I-V characteristics as diamond.” The results are
given in Fig.6. Unit of resistivity is Qcm for all the speci-
mens, except that provided with platinum electrodes, for
which Q is used because of its unstable shape (distance
between the electrodes: 1 to 2cm). Resistance of the films
generally decreased as temperature increased, and continued
to decrease while they were held at 870°C. However, some
specimens showed rapidly increasing resistance while they
were being heated.

The rapid increase in resistance, starting at around 300
to 500°C, was found during the heating process with the
as-grown, aqua-regia-treated, chromic-acid-treated and
heat-treated (at 400°C) specimens out of those provided with
golden electrodes in air. But no such trend was observed
with the specimen treated at 550°C and that measured for
its resistance at varying temperature (870°C at the highest)
and then exposed to air for 24hr in the specimen chamber
for the second resistance measurement (here in after referred

18KV 1 .35KX 7.41F 2754 650

Fig. 4. SEM photograph of the surface of diamond film heat-
treated at 650°C for two hours.

Fig. 5. SEM photographs of (A) surface and (B) rear face of the
diamond film after heat treatment at 750°C.
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to as the retested specimen or film). The specimens pro-

vided with electrodes in an argon atmosphere, and those

with the electrodes of platinum paste also showed no such
trends.

Those showing rapid increase in electrical resistance had
the following characteristics:

1) Comparing resistance (R,) during the heating process at
from room temperature to Tr (at which resistance started
to increase) with resistance (Ry) during the cooling pro-
cess:

These specimens fell into the two general categories:

® R4R20, for the as-grown, aqua-regia-treated and
heat-treated (at 400°C) specimens, and

@ Ry-R,<0, for the chromic-acid-treated and retested
specimens

2) For the specimens showing the tendency of R4-R,20,
bringing the sputtering conditions from the SC-1 to SC-2
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by increasing sputtering time in air and pressure caused:

@ T, to shift to the higher-temperature side,

@ the value R¢-R, to increase, and

@ the difference between the highest resistance during
the heating process and resistance at the same temper-
ature during the cooling process to decrease.

3) The temperature level T, at which resistance started to

increase rapidly was the lowest at around 300°C with the
as-grown specimen (C1) provided with the golden elec-
trodes under the SC-1 conditions, and the highest at
around 500°C with the specimen (CS) provided with the
golden electrodes under the SC-2 conditions, in place of
the SC-1 conditions. This level was around 400°C with
the other specimens. It is however not clear whether or
not the difference in the T, level at around 400°C was
attributable to the treatment conditions, because the SC-1
conditions were not strictly controlled.
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Fig. 6. Resistivity and resistance of diamond films Al - E4 plotted as a function of temperature. Data was taken along by the arrow.
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Those specimens which showed no tendency of starting
rapid increase in resistance at 300 to S00°C during the heat-
ing process had the following characteristics:

1) The specimens generally had a higher resistance during
the heating process than during the cooling process, ex-
cept specimen (C7) described later and those specimens
showing rapid fluctuations in resistance readings, whose
resistance was partly lower during the heating process
than during the cooling process.

2) The specimens provided with the electrodes of platinum
paste, but not with the golden electrodes, had resistance
sharply fluctuating during the measurement. No such
fluctuations, however, were observed with those treated
at 400° and 550°C.

3) Of the specimens provided with no surface treatment (C6
and C7), one (C7) showed increased resistance at from
around 80°C during the measurement with the platinum
electrodes. It was also noted, though not shown here,
that the specimen (A) treated with aqua regia to remove
the substrate and (C) provided with no surface treatment
and not dried at 110°C after having been coated with
platinum paste showed similar resistance changes as the
specimen (C6).

4) The specimen provided with the golden electrodes in an
argon atmosphere had resistance sharply fluctuating dur-
ing the measurement.

A number of unsaturated bonds (dangling bonds) are
found on the surface of a semiconductor, because it serves
as the terminal of the regularly configured atoms that con-
stitute the crystal. This results in many local levels formed
on the surface, and they are referred to as surface levels.
The terminal is not the sole cause for the surface level, and
it is known to result also from surface roughness, adsorbed
impurity and surface reconfiguration.

It was found in this study that resistance of the films
prepared under different conditions, i.e., the as-grown, sur-
face-treated and those provided with electrodes under dif-
ferent conditions, changed differently with temperature.
Most of the samples showed rapid increase in resistance
during the heating process, but exhibited semiconductor be-
havior during the cooling process, because their resistance
increased gradually with temperature. No change in Raman
spectral pattern was observed with the specimens heated to
870°C, from which it was judged that these resistance
changes were related to desorption of the gases adsorbed on
the diamond surfaces and diamond/electrode interfaces.

A number of attempts have been made to adsorb oxygen
on diamond surfaces by various methods, including treat-
ment with chromic acid,”® treatment with hydrochloric and
nitric acids,"” thermal treatment in air, and treatment with
oxygen plasma®®,"® and NO plasma.”” In the case of the
treatment with NO plasma, it is reported that oxygen is the
only adsorbed species and nitrogen is not adsorbed. On the
other hand, treatments in a hydrogen atmosphere and with
hydrogen plasma have been attempted, after the system at-
mosphere is degassed, in order to adsorb hydrogen on a
sample.”**® Some researchers observe that hydrogen is ad-
sorbed on the as-polished specimen with olive 0il.”*” Es-
sentially no oxygen is found on the film synthesized from
the vapor phase, even it is from CO/H, as the starting mix-
ture, as far as the X-ray photoelectron spectroscopy (XPS)
results indicate,”” suggesting the presence of hydrogen.
The groups that are possibly present on the surface, together
with hydrogen or oxygen, include carbonyl, carboxylic, lac-
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tone, tertiary alcohol, cross-linked oxygen and epoxide.”

The diamond surface will be reconfigured by the adsorp-
tion/desorption of these gases.”'***” The 1x1 surface hav-
ing the same symmetry as the crystal can be kept intact
when oxygen or hydrogen is adsorbed, but will be reconfig-
ured into the 2x1/2x2 surface on desorption of hydrogen.
On the other hand, it is discussed that strength of the LEED
patten of the diamond film oxidation-treated with nitric acid
or aqua regia increases slightly with temperture up to 450°C,
at which it starts to rapidly decrease, and is diminished
completely at 800° to 1000°C.” It is considered, based on
these results, that oxygen is adsorbed on the films treated in
this study with aqua regia, chromic acid or heat in air, and
hydrogen on the as-grown film. It is also considered that
oxygen is adsorbed on the films prvided with the electrodes
under the SC-1 and -2 conditions, as is the case with the
previously discussed treatment with NO plasma, because of
the formation of plasma in the gases in which the ion-sput-
tering was conducted. Changes in resistance observed dur-
ing the heating or cooling process result conceivably from
desorption of these adsorbed gases. It is particularly noted
that behavior of resistance, starting to increase rapidly at
300° to 500°C during the heating process, is similar to the
spectral pattern associated with thermal desorption of the
diamond power treated with oxygen, observed by
Matsumoto et al,'*'**"** in that the spectra of the specimens
treated at 25° to 554°C in an atmosphere containing 107 Torr
of oxygen start to rise at the treatment temperature and attain
a peak at 500° to 600°C. The researchers also discuss that
adsorbed oxygen is desorbed in the form of CO or CO,,
adsorption of oxygen falls into two general categories (ot the
B), and the o type is further subdivided into o1 through
o-4 types. Adsorbed oxygen, when desorbed massively
from the diamond surface in the form of CO or CO,, will
leave behind a number of unsaturated bonds, which will trap
the carriers, to increase resistance. These unsaturated bonds
cannot stably exist in large quantities on the surface, and the
surface is reconfigured, to decrease resistance. Marsh et al
discuss, as described earlier, that the LEED pattern is even-
tually diminished by desorption of oxygen. The results of
this study, on the other hand, indicate that unsaturated bonds
are possibly reconfigure, though not regularly, but to an
extent sufficiently to change resistance. In addition,
changed conditions of adsorbed oxygen as a result of surface
treatment will change temperature at which resistance starts
to increase rapidly and surface conditions after desorp-
tion,'"'**'* The examples are the shift of T, to the higher-
temperature side and the increased Ry-R, value as a result
of the changed golden electrode depositing conditions from
the SC-1 to SC-2. It is considered that the adsorbed gases
would not be desorbed rapidly from those samples showing
no tendency of rapid increase in resistance during the heat-
ing process. In such samples, formation of the unsaturated
bonds caused by desorption of the gases and reconfiguration
would occur orderly, with the result that resistance de-
creased uniformly. It is considered, for the specimen pro-
vided with the golden electrodes under the SC-1 conditions
and treated with chromic acid, that oxygen present in the
vicinity of the film surface is adsorbed under two or more
different adsorption conditions, judging from different be-
havior of resistance changes; for example, oxygen adsorbed
during the surface treatment would exert effects different
form that adsorbed during the golden electrode deposition
process.
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For the specimens heat-treated in air, that treated at
400°C showed rapid increase in resistance at around 400°C,
when it was provided with the golden electrodes, and
showed behavior similar to that of the retested specimen
(C2), when it was provided with the platinum electrodes.
On the other hand, the specimen treated at 550°C had resis-
tance sharply fluctuating during the measurement, when it
was provided with the golden electrodes, and that provided
with the platinum electrodes was characterized by its resis-
tance which was relatively unaffected by temperature up to
400°C, at which it started to decrease, and increased grad-
ually with temperature during the cooling process. Such
differences result conceivably from the diamond surface
modified by the treatment at 550°C, and oxygen from the
air plasma selectively adsorbed on the diamond film.

Treatment with the argon ion has been used to clean the
diamond surface,” and some researchers discuss that it
tends to transform the diamond surface into graphite.'” The
deposition of the electrode in an argon atmosphere will
make the adsorbed gases unstable, which may account for
rapid fluctuations of resistance.

Landstrass et al discuss that desorption of hydrogen ad-
sorbed on the as-grown film and the film treated with hy-
drogen plasma starts at around 100°C, which causes
resistance to increase by several digits.*® It was observed
in this study that one of the specimens provided with the
platinum electrodes has resistance starting to increase at
around 80°C, which might result from desorption of oxygen
adsorbed while the film was held at 110°C for 1hr.

4. Conclusions

The as-grown diamond films prepared using high-fre-
quency thermal plasma and those provided with surface
treatment were measured for their resistance under the con-
ditions of pressure in a range from 3x10” to 1x10°® Torr and
temperature in a range from room temperature to 870°C.
Changes in resistance with temperature varied, depending
on the surface treatment conditions, suggesting that these
changes resulted from desorption of the gases adsorbed on
the surfaces. Oxygen adsorbed on the surfaces, when de-
sorbed in the form of CO and CO,, will leave the unsatu-
rated bonds, which is accompanied by the reconfiguration
(probably having no regularity) of these bonds to change
resistance. It is also suggested, from the changes in resis-
tance of the treated films, that there are two or more differ-
ent adsorption conditions.
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Improvement of Thermal Stability of SiC Fiber by
CVD-C, SiC Coating
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The effects of CVD conditions, thickness and composi-
tion of CVD-C, SiC coating on the mechanical properties,
microstructure and thermal stability of Nicalon-SiC fi-
bers were studied. Tensile strength of fibers coated at
1300°C was lower than that of as-received fiber, because
large flaws were formed on the fiber surface during the
heating stage of the CVD process. When a fiber was
treated at elevated temperatures, the coating layer acted
as an effective fiber-coating interfacial diffusion barrier,
and resisted the gas (CO, SiO) evolution from the fiber
surface, which improved thermal stability of coated fi-
bers. Thicker coating layer was more effective to prevent
decomposition of Nicalon fiber at higher temperatures.
The fibers coated at 1200°C possessed high values of
strength, though these decreased due to the interface
reaction in the heat treatment process.
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1. Introduction

Fiber-reinforced ceramic matrix composite materials
have been noted recently as high temperature structural ma-
terials having high strength, high elastic modulus and high
toughness. The characteristics of fiber-reinforced ceramic
matrix composite materials depend on the respective char-
acteristics (especially at elevated temperatures) of reinforc-
ing fibers and matrix, and on the behavior at the interface
between fiber and matrix. Ceramics materials themselves
used as the matrix possess a good thermal stability, but most
of the reinforcing fibers commercially available are short of
thermal stability. For instance, carbon fibers have a prob-
lem of oxidation in an oxidizing atmosphere, and alumina
fibers have various problems at elevated temperatures of
coarsening and deformation of crystal grains, and of reac-
tion with glass matrix."” SiC based fibers like Tyranno
fibers” and Nicalon fibers,"® which are both produced by
pyrolysis process of organic materials, have the problems of
decomposition of fiber and of coarsening of crystal grains
at elevated temperatures beyond 1000°C. Nicalon fiber it-
self is chemically unstable, thereby, when it is heated at the
temperature beyond 1000°C, the fiber surface is generated
with microvoids by the chemical reaction of fiber itself. As
a result, stresses are concentrated at these microvoids under
a given tensile stress.”’ While in the case of composite
materials, a stress to work to the fiber surface becomes
larger than that to work inside the fiber, because an interfa-
cial shearing stress is added. Therefore, fibers tend to be

failed from the surface flaws, instead of from the internal
ones.” Consequently, it is important to control the reinforc-
ing fibers in terms of surface state, surface flaws at the
surface, and composition at the surface. A coating on the
fiber surface can be one of the practical methods for the
control of the interface between fiber and matrix in the
fiber-reinforced composite materials.

The objectives of fiber coating usually include the im-
provements of oxidation resistance and thermal stability of
fibers, the prevention of reaction between fiber and matrix,
and the optimization of interfacial bonding.lo'w In our cur-
rent study, we studied the effects of fiber coating on thermal
stability of fiber. In the first place, we coated Nicalon fibers
by CVD process, and measured tensile strength of the
coated fibers. In the second place, we heat-treated at ele-
vated temperatures as-received Nicalon fibers and CVD-
coated ones, and investigated the effects of various factors
as thickness, composition, and so forth of the coating on the
thermal stability and the microstructure of Nicalon fibers at
elevated temperatures, and, based on these results, we dis-
cuss the optimum CVD process condition for the coating
of Nicalon fibers.

2. Experimental Procedure

Fibers used in our experiments were Nicalon-NL200,
produced by Nihon Carbon Co., Ltd.. They had an average
fiber diameter of 15um, an average strength of 2910MPa,
and an average elastic modulus of 203GPa (according to the
catalogue data). Surface coating of the fibers was carried
out using a CVD apparatus of high temperature and low
pressure type. The fibers were put in a reaction furnace of
the CVD process. After the furnace was heated to the spec-
ified temperatures under the argon atmosphere at a pressure
of latm, the pressure was reduced and CVD reaction gases
were introduced into the furnace. A heating rate of 6°C/min
was applied. The reaction gases were composed of SiCl,
and CH,, and the carrier gas used was H,. The CVD reac-
tion was processed at the respective temperatures of 1200°C
and 1300°C and at the pressure of 20Torr. Gas flow rates
of SiCl, and CH, were 40 and 40SCCM respectively, and
that of H, was either 120 or 170SCCM. (1SCCM means a
gas flow rate of 1CC/min of gas at 0°C and at latm.)
Nicalon fibers are known to degrade at elevated tempera-
ture. Therefore, in order to assess the degradation of
Nicalon fibers during the heating period in the CVD pro-
cess, we treated the as-received Nicalon fibers by heating at
1300°C under the argon atmosphere at a pressure of latm
(then by holding them under the argon atmosphere at a
reduced pressure of 20Torr), and by cooling without CVD-
coating the fibers. In order to investigate the effect of heat
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treatment on the strength of fiber, we heat-treated both the
as-received fibers and the fibers coated at 1300°C (by hold-
ing for 6h under the argon atmosphere at a pressure of
latm), and at 1500°C (by holding for Sh under the vacuum
of 10”Torr), and then observed the surface state of respec-
tive fibers using an SEM. We carried out tension test of the
fibers treated in various conditions as afore-mentioned in
accordance with the testing method for carbon fibers spec-
ified by JIS-R7601 using a gauge length of 25mm. Then
we observed the fractured fibers to find out the fracture
origin using an SEM, and measured the diameter of fiber
and the thickness of coating layer also using an SEM. We
calculated the tensile strength of a single fiber from the fiber
diameter measured and the maximum load recorded in the
tension test.

3. Test Results and Discussion

3.1. Structure of CVD-coating Layer

As proven in our previous report,” coating layers in
thickness of 0.1 to 0.5um were formed on the fiber surface
in the CVD reaction time of 5 to 30min. The coating layer
exhibited a very smooth surface, but SiC grains in domelike
shape were observed to be deposited in the layer, though
their number was very few. Elementary compositions of the
CVD-coating layer were found to be carbon (C) (in thick-
ness of about 0.1 to 0.5um) in the initial coating layer on
the fiber surface, and to be Si and C in the outer coating
layer, which ranges several dozen nm depthwise from the
surface of coating layer. As the mechanism of CVD coating
on the surface of Nicalon fibers, carbon particles are depos-
ited initially on the fiber surface by thermal decomposition
of CH, at elevated temperature, and subsequently Si is de-
posited in such manner as to disperse in the C layer initially
formed, and with the gradual increase of Si deposition
amount, a mixed coating layer of SiC and C is formed, and
a coating layer of pure SiC is eventually formed.

3.2. Mechanical Properties of CVD-coated Fibers

In order to clarify the effect of thickness of coating layer
on tensile strength of fiber, we carried out a tension test
using Nicalon fibers coated in various CVD process condi-
tions. For comparison purposes, we also measured respec-
tive tensile strengths of the as-received Nicalon fiber and
the same fiber after heat treatment in the same condition (at
1300°C for 10min) as in the heating period in the CVD
coating precess. It was revealed that the as-received
Nicalon fibers exhibited an average tensile strength of

Fig. 1. Fracture surface of fibers coated at 1300°C (Hz
120SCCM, 20torr) with tensile strength of (a) 1640MPa, (b)
1695MPa.
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2450MPa, and the heat-treated ones exhibited an average
tensile strength of 1220MPa. That is, tensile strength of
Nicalon fibers was reduced to half by the heat treatment.
Fracture origin of the as-received fibers was the flaws ex-
isting at the surface of fiber, and that of the heat-treated ones
was the surface flaws containing a lot of micro-voids caused
by abnormal SiC grain growth in the fibers. Figure 1 shows
SEM micrographs of the fracture surface of CVD-coated
fibers after the tension test. It is seen in Fig.1(a) that the
structure of the fracture surface of coated fibers contained
a typical fracture origin, which consisted of various zones
of mirror-mist-hacklel-crack-braching,'®'” in the same man-
ner as in the case of tension fracture of the as-received
Nicalon fibers, and the fracture origin was surface flaws.
All of the coated fibers fractured due to similar surface
flaws. Some time during the fracture of fibers, coating lay-
ers debouded from the fiber surface (as seen in Fig.1(b)).
This phenomenon suggests a weak bonding between fiber
and coating layer, and, as a reverse interpretation, a tough-
ening effect of fiber-reinforced composite materials can be
expected due to a pull-out of fiber from the composite ma-
trix. Figure 2 shows the relationship between tensile
strength of CVD-coated fiber at 1300°C and coating layer
thickness. In the case of coating thickness in the range of
0.1 and 0.5um, average tensile strengths of the fibers were
nearly constant at about 1470MPa, but in the case of coating
thickness beyond 0.5pum, average strengths of the fibers de-
creased with the increase of coating thickness. As shown
in Fig.2, tensile strength of CVD-coated fibers is lower than
that of as-received fiber, even when the coating thickness is
thin. This phenomenon is attributed to the decreased tensile
strength of fiber itself caused during the heating period in
the CVD process. In other words, SiO,, free carbon and
SiC contained in Nicalon fiber reacted with each other dur-
ing the heating period because of instability of the fiber
itself, and the evolution of reaction products of SiO and CO
gases and the grain growth of SiC in the fiber caused large
flaws on the fiber surface. These flaws are found to exist
in the region, in which SiC crystal grains grew abnormally
and a lot of micro-cavities were generated.” These surface
flaws remain on the surface of fiber (at the interface between
fiber and coating layer) without being modified during
CVD-coating process, thereby, we assume the strength of
coated fiber decreased.

As observed in Fig.2, tensile strength of coated fiber
having a coating thickness of Sum decreased to a half of
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Fig. 2. The relationship between the coating thickness and the
tensile strength of CVD-coated fiber.
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that of coated fiber having a thin coating (in thickness of
0.1 to 0.5um). As mentioned in our previous report,ls’
composition of coating layer changes from carbon to a mix-
ture of carbon and SiC, and eventually to pure SiC along
with the increase of coating layer thickness. As the growing
rate of SiC grain is high, grain boundaries remain between
the grains. Flaws such as micro-void and others exist in
those grain boundaries, and when a tension stress is given,
a stress concentration takes place around these flaws, result-
ing in the decreased strength of fiber."'? When a coating
layer was formed in as high thickness as 25um, the coated
fiber became so brittle that we could not measure its tensile
strength. We suppose it was because SiC grains in the coat-
ing layer were accompanied with the weaker boundaries.

When the CVD-coating treatment was applied at 1200°C
for 30min, a coating layer in thickness of 0.3um was formed
on the fiber. The coating layer was observed to be com-
posed of carbon in the neighborhood of fiber surface, and
of SiC in the outside. The coated fibers exhibited an aver-
age tensile strength of 2380MPa, which was close to that of
as-received Nicalon fibers. Figure 3 shows an SEM micro-
graph of the fracture surface of this coated fiber after tension
test. This fracture surface appears similar to that shown in
Fig.1, but the fracture origin is observed to be smaller in
size than that in Fig.1.

Table 1 gives average tensile strengths (6) and estimated
Weibull parameters (m) of as-received Nicalon fibers, heat-
treated Nicalon fibers at 1300°C for 10min without coating,
and coated Nicalon fibers at respective CVD process tem-
peratures of 1300°C and 1200°C. Here, we presumed a
two-parameter system Weibull’s distribution as applicable
in the statistic analysis of tensile strength, because the frac-
ture origin consisted of a single kind (surface flaws), and,
based on this presumption, we estimated m values by a
maximum likelihood estimation method.  As-received

Fig. 3. Fracture surface of fiber coated at 1200°C (H»
120SCCM, 20torr) with tensile strength of 2345MPa.

Table 1. Average tensile strengths (c) and Weibull’s parameters
(m) of Nicalon fibers with different treatments (N: number of

specimens).
N [} m
as-received fiber 50 2450 4.5
heat-treated fiber 12 1220 5.0
CVD-coated at 1300°C
coating thickness(u m)
0.12 27 1495 7.9
0.25 18 1510 7.5
0.40 12 1420 6.8
0.50 22 1455 6.8
CVD-coated at 1200C
coating thickness(u m)
0.30 16 2380 4.4
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Nicalon fibers and heat-treated Nicalon fibers exhibited the
m values of around 5. The coated fibers at 1300°C exhibited
the larger m values of around 7. The reason why the coated
fibers exhibited such large m values is thought to be that the
large flaws generated on the fiber surface during the heating
period in the CVD process were distributed relatively uni-
formly over the whole fiber surface, thereby, fluctuation of
the flaws decreased conversely. Meanwhile, the coated fi-
bers at 1200°C exhibited m values similar to those of the
as-received fibers and the heat-treated ones. The reason for
such similar m values is believed to be that these coated
fibers had similar surface flaws in their size and distribution
as the non-coated fibers. Judging from the experimental
results and the reasoning, we deem a CVD-coating temper-
ature of 1300°C and a coating thickness in the range of 0.1
and 0.5um as the optimum CVD process conditions for
Nicalon fibers.

3.3. Effect of Heat Treatment on Mechanical properties
and Microstructure of Coated Fibers

In the preparation process of fiber-reinforced ceramics
matrix composite materials, reinforcing fibers are exposed
to an elevated temperature for a long time. Therefore, it is
necessary to clarify the effect of heat treatment at elevated
temperatures on the characteristics of fibers, even though
they are coated on the surface. We accordingly experi-
mented to expose the as-received Nicalon fibers and the
coated ones to the two different temperatures of 1300°C and
1500°C, and investigated the effect of the heat treatments
on the mechanical properties and the microstructure of re-
spective fibers.

In the first place, we heat-treated the as-received fibers
and the coated fibers at a treatment temperature of 1300°C
(in the argon atmosphere of a pressure of latm for 6h).
Figure 4 shows the bar graphs comparing the tensile
strengths of the respective fibers before and after the heat
treatment. In the case of the as-received fibers, average
strength decreased greatly from 2450MPa to around
900MPa by the heat treatment for 6h. In the case of the
CVD-coated fibers at 1200°C, the strength also decreased
greatly from 2380MPa to 1060MPa by the same heat treat-
ment. In the case of the CVD-coated fibers at 1300°C,
however, the strength did not change so much as to be kept
at around 1450MPa after the heat treatment, compared to
1470MPa before. After carrying out the tension test, we
observed their fracture surface using an SEM. In the case
of the CVD-coated fibers at 1300°C, fracture surface and
external surface of the fibers after heat treatment appeared
similar to those of the same coated fibers before heat treat-

before heat
treatment
after heat
treatment

]
N[

2000 |-

1000 |- 7 7-

Tensile strength (MPa)

CvD-coated
at 1300°C

CVD-coated
at 1200°C

as-received

Fig. 4. Variation of fiber tensile strengths, heat treated at
1300°C in Ar (6hrs).
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ment. In the cases of the as-received fibers and the CVD-
coated fibers at 1200°C, however, both fracture surface and
external surface changed greatly by the heat treatment. That
is, in the case of the as-received fibers after the heat treat-
ment, the fracture surface was observed to contain a large
fracture origin, in which the zones of mirror and mist were
enlarged, compared to those in the fibers before the heat
treatment, and the zones of hackle and crack-branching dis-
appeared, as if these fibers were low strength and brittle
materials. In addition, a reacted layer was observed to be
in the depth-wise range of about 1um from the external
surface of the fiber, and was identified as a region in which
SiC crystal grains grew abnormally and a lot of micro-voids
were generated.””

Figure 5 shows an SEM micrograph of the external sur-
face of the CVD-coated fiber at 1200°C after the heat treat-
ment at 1300°C. We can observe in this figure a trace of a
reaction taken place between coating layer and fiber. As
mentioned in our previous report,m when fibers are CVD-
coated at 1200°C, a coating layer in thickness of 0.3um is
formed, and it is composed of carbon and SiC. Since
Nicalon fibers are composed of C, SiC and SiO,, we assume
that a reaction as expressed by equation (1) below took place
between C in the coating layer and SiO, in the fiber during
the heat treatment at 1300°C.

3C+Si0=SIC+2C0 <505 424 v 5 5w 1)

We accordingly assume that the large surface flaws as
observed in Fig.5 were caused by this reaction, which took
place at the interface between fiber surface and coating
layer. Figure 6 shows an SEM micrograph of the fracture
surface of the same CVD-coated and heat-treated fiber after
tension test. A large fracture origin is observed in this figure
in the same manner as in the case of the as-received fiber
after heat treatment. We assume that this fracture origin was
caused by the development of the region, in which SiC
grains grew abnormally and a lot of micro-voids were gen-
erated, to the center part of fiber, and the strength of fiber
decreased thereby. In addition, a reacted layer, in which SiC
grain grew abnormally, was observed to have been formed
by the heat treatment in the neighborhood of the surface of
the CVD-coated fiber at 1200°C (as seen in Fig.7). This
observed result suggests that the reaction of equation (1)
took place not only at the interface, but also in the inside of
fiber. On the contrary, in the case of CVD-coated fibers at
1300°C, neither the abnormal growth of SiC crystal grains
in the neighborhood of the fiber surface nor the reaction

Fig. 5

Fig. 5. SEM micrograph of coated fiber, heat treated at 1300°C in Ar.
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between fiber and coating layer took place by the heat treat-
ment.

As-received Nicalon fibers are existed with an oxygen-
rich layer in their surface region, and when they are heat-
treated at 1300°C in argon atmosphere, oxygen amount at
the fiber surface region decreases gradually as the result of
internal reaction of the fiber itself. The reaction products
are SiC in solid state and SiO and CO in gas state, 50 0xygen
amount at the surface of fiber tends to become smaller than
that in the inside of fiber with the increase of treatment time
and treatment temperature.l‘g) We therefore assume that this
reaction behavior resulted a smaller oxygen amount in the
neighborhood of fiber surface in the case of Nicalon fiber
CVD-coated at 1300°C than in the ease of that at 1200°C.
When this CVD-coated Nicalon fiber at 1300°C is heat-
treated at 1300°C, the oxygen amount in the neighborhood
of fiber surface is small (SiO, content is small), thereby, the
afore-mentioned reaction of equation (1) takes place less at
the interface between fiber and coating layer, and, as the
result, coating layer acts as an effective barrier for prevent-
ing the evolution of reaction products (CO and SiO gases),
and for the result suppressing of the additional progress of
the reaction of fiber. On the contrary, when the CVD-coated
Nicalon fiber at 1200°C is heat-treated at 1300°C, oxygen
remains in a high concentration in the neighborhood of fiber
surface, therefore, we assume that the said reaction took
place actively at the interface between fiber and coating
layer, and as a result the continuous coating layer was bro-
ken and the reaction of fiber itself was not suppressed.

In the second place, we heat-treated both as-received
nicalon fibers and CVD-coated Nicalon fibers at 1300°C in
a more severe condition (at 1500°C in vacuum for 5h). As
Nicalon fibers themselves are thermally unstable, evapora-
tion of the reaction products (CO and SiO gases) becomes
more vigorous in the heat treatment condition of higher
temperature and lower atmosphere pressure (vacuum).*"*
Figure 8 shows SEM micrographs of the fractured fibers
heat-treated in the above-mentioned condition. In the case
of as-received Nicalon fiber (Fig.8(a)), the fiber was ther-
mal-decomposed completely to consist of micro-voids and
crystal grains of B-SiC and 0-SiC. In this state, the strength
of the fiber was almost negligible. In the case of coated
fiber with a coating of 0.1um thick (Fig.8(b)), a similar
reaction took place inside the fiber and similar texture of
fiber resulted, as in the case of as-received fiber, but most
of the coating layer remained in the as-coated state. How-
ever, some of the coating layer indicated a trace of reaction

Fig. 7

Fig. 6. Fracture surface of coated fiber, heat treated at 1300°C in Ar with tensile strength of 610MPa.
Fig. 7. SEM micrograph of coated fiber, heat treated at 1300°C in Ar, showing a reaction zone around fiber surface.
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Fig. 8. SEM micrographs of coated and uncoated fibers heat
treated at 1500°C in Vacuum: (a) uncoated fiber, (b) and (c)
fiber with coating (0.1um), (d) with coating (0.5m).

with the fiber (Fig.8(c)). Through the heat treatment tests
of Nicalon fibers at an increased temperature of 1500°C, we
noticed some different interfacial reactions taking place
which did not take place in the heat treatment at 1300°C.
These are, in the case of a coating layer as thin as 0.1pum,
large surface flaws generated at the fiber surface during the
heating period in CVD process which were not covered
completely with the coating layer, thereby, the reaction of
equation (1) proceeded in the surface flaw region during the
heat treatment, and the interfacial reaction took place simul-
taneously, and, as the result, the reaction propagated radi-
ately along the surface flaws. We suppose that the surface
flaws served as a passage for the evolution of the reaction
products of CO and SiO gases to the outside, and as a result
had the effect of accelerating the reaction inside the fiber,
therefore, thermal decomposition of fiber was not sup-
pressed by the coating layer.

While, in the case of a thick coating layer as 0.5um
(Fig.8(d)), both the reaction of the fiber itself and the inter-
facial reaction between coating layer and fiber were much
suppressed during the heat treatment, but the coated fiber
became brittle, so that its strength could not be measured.
We suppose that the thick coating layer covered all surface
flaws, which otherwise might have served as a passage for
the evolution of the reaction products of CO and SiO gases,
as previously mentioned, and as a result contributed to sup-
press further progress of the reaction. We further suppose
that, even if the reaction between C and SiO, takes place at
the interface between fiber and coating layer, it is prevented
from further progress because the outside coating layer is
constructed with a dense structure composed of C and SiC,
thereby, the CVD coating becomes effective for the im-
provement of thermal stability of Nicalon fibers. Judging
from the results mentioned above, we conclude that a thic-
ker coating is more effective to be applied on Nicalon fibers,
as far as the fibers are used at a higher temperature.

4. Conclusion

Nicalon fibers coated with SiC by a CVD process were
studied in terms of their mechanical properties and thermal
stability. When the fibers were coated at 1300°C, large
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flaws were generated on the fiber surface due to the evolu-
tion of the reaction products of CO and SiO gases from the
fiber surface during the preliminary heating period in the
argon atmosphere at a pressure of latm in the CVD process.
As a result, the CVD-coated fibers (with coating of 0.1 to
0.5um thick) exhibited an average tensile strength (around
1470MPa), which was much lower than that of as-received
Nicalon fibers (2450MPa). When a thicker coating layer in
thickness beyond 0.5um was formed at the same CVD-pro-
cess temperature of 1300°C, flaws like micro-voids were
generated at the boundary of SiC grain which grew abnor-
mally at a high rate. As aresult, strength of the coated fibers
decreased rapidly with the increase of coating thickness.
Meanwhile, when the fibers were CVD-coated at 1200°C,
the reaction of the fiber itself was not so vigorous that the
strength of the as-received fibers was almost maintained as
to exhibit an average tensile strength of the coated fibers of
2380MPa.

When Nicalon fibers variously prepared were heat-
treated at 1300°C, both the as-received fibers and the CVD-
coated ones at 1200°C were deteriorated in their structures
and decreased their strengths rapidly down to 1000MPa, but
the CVD-coated fibers at 1300°C maintained the strength in
the similar level to that before the heat treatment. In the
former case of CVD-coating at 1200°C, oxygen remains in
a high concentration in the neighborhood of the fiber surface
after the coating, thereby, a reaction between C and SiO,
takes place at the interafce between fiber and coating layer
during the heat treatment at 1300°C, resulting in the de-
crease of fiber strength. In the latter case of CVD-coating
at 1300°C, oxygen concentration in the neighborhood of the
fiber surface is reduced, thereby, the reaction at the interface
is suppressed during the heat treatment, and the strength of
the fiber does not decrease so much. The coating layer
composed of C or C + SiC acts as an effective barrier to
diffusion of the reaction products of CO and SiO gases at
elevated temperature, suppressing the progress of thermal
decomposition of fiber, and further resulting in the improve-
ment of thermal stability of Nicalon fibers.

When heat treatment temperature was increased to
1500°C, both the reaction at the interface between coating
layer and fiber and the reaction inside the fiber took place
even in the case of the CVD-coated fibers at 1300°C. How-
ever, an increase of thickness of the coating layer was found
as effective for the reduction of these reactions.
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Changes in Swelling Characteristics and Structure of
Na-Fluorine Micas with Ga- and Al-substitutions
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Series of Ga- and Al-substituted Na-fluorine micas
NaMg,.,Li, (T,Si,..,Ge,0,0)F, and NaMg,,Li,, (T,
Gey.,Si,0,0)F>; x=0.0~1.0, T=Ga, Al, y=0, 1, 2, 3, were
synthesized. Variations of infrared spectra, lattice con-
stants and swelling properties were studied, and com-
pared with those of corresponding K-series micas.
Continuous changes in basal spacing (c-sinf) with in-
creasing Ga- and Al-contents proved that there were
complete series of solid solutions between the end mem-
ber micas with an exception of NaMg;(AlSi;O)F,.
Linear relations between c-sinf or b-axis values and
mean radius of tetrahedral cation were obtained for Ga-
and Al-substituted Na-micas having x-value of 1.0. How-
ever, the b-axis values of Na-micas are far smaller than
those of corresponding K-analogues, demonstrating that
the degree of distortion in tetrahedral rotation angle o
and octahedral flattening angle v is determined by the
size of interlayer cation as well as that of tetrahedral
cation. The values of o for Na-micas increased with the
amounts of Ga- and Al-substitution. Na-micas lose also
their swelling ability with increasing Ga- and Al-substitu-
tion. The loss of hydration property of interlayer cation
results from the increase of o and the change of charge
balancing, which increase the stability of interlayer
structure.
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Key-words: Na-mica, Swelling, Ga-substitution, Al-sub-
stitution, Tetrahedral rotation angle, Basal spacing

1. Introduction

Isomorphic substitution in fluorine micas takes place
with various kinds of ions, because the structure of fluorine
micas has a “flexibility” of allowing large distortions.”
This structural flexibility makes chemistry of fluorine micas
complicate on one hand, but contributes to give various
materials characteristics to fluorine micas on the other hand.
Therefore, it is important to study systematically the
relationships between chemical composition, structure and
properties of fluorine micas. In our current study, the
authors paid our attention to the swelling characteristics of
fluorine micas, and, using Na-taeniolite [NaMg,Li(Si,0,y)
F,]” and its analogues with Ge-substitution as the basic
compositions of mica samples, we investigated the changes
of structure and swelling characteristics of micas in accord-
ance with the isomorphic substitution with Ga™ and AI**
ions at the four-coordination sites. Swelling characteristics
of micas are closely related with such important properties
as ion exchangeability” and complex formation,” therefore,

the clarification of the causes for swelling behavior of micas
in this study is expected to be useful for designing synthetic
fluorine micas as the functional materials. We previously
reported™® our study results on the effects of Ga- and Al-
substitutions at the four-coordination sites to infrared ab-
sorption spectra and lattice parameters in the case of
K-taeniolite [KMg,Li(Si;0,0)F;] and its analogues. So we
examined our current study results by comparing them with
those obtained in our previous study as much as necessary.

2. Experimental Procedure

2.1. Synthesis of Fluorine Micas

Na-fluorine micas are expressed by two series of general
formulas as NaMg,,,Li;«(T,Sis.,Ge,01)F, and NaMgy.,
Li; (T Geyx,Si,0,0)F,, [T=Al and Ga; x=0.0, 0.2, 0.4, 0.6,
0.8 and 1.0; y=0, 1, 2 and 3], and have 16 compositional
series. We measured guaranteed reagents of SiO,, GeO,,
MgO, MgF,, LiF, NaF, AL,O; and Ga,0; in such respective
amounts as to agree with the respective mica compositions
(in total amount of 2g), and mixed them together respective-
ly. Then we put and sealed each sample in a platinum
container (in size of 9x9x40mm), fused it for 2h at 1400°C
in the case of high SiO, content, and at 1300°C in the case
of high GeO, content, and cooled it slowly down to 800°C
at a cooling rate of 2 to 3°C/min. After that, we further
cooled it naturally at the outside of furnace, obtaining a
crystalline mica aggregate. In the following description, we
abbreviate the compositions of 16 series of Al- and Ga-sub-
stituted Na-fluorine micas by the respective tetrahedral com-
positions, for instance, NaMg,,,Li; (Ga,Si,.,0,0)F; series by
Ga,Si,., series.

2.2. Microscopic Observation

Mica samples prepared by the procedure described in
section 2.1 were observed visually as well as with a micro-
scope, and the size of mica crystals precipitated and the
presence of foreign minerals were examined.

2.3. Measurement of Infrared Absorption Spectrum

Mica crystal aggregates synthesized were crushed into
fine size of minus 325mesh using an agate mortar. Infrared
absorption spectra of the micas were measured with these
fine particles as test sample by KBr pellet method using an
infrared spectrometer (model IR-430), made by Shimazu
Seisakusho Ltd. Wavenumber of absorption band was cor-
rected using polystyrene.

2.4. X-ray Diffraction
Mica crystal aggregates synthesized were crushed into
fine size of minus 325mesh. X-ray powder diffraction
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analysis was carried out with these fine samples, and the
presence of foreign minerals other than mica was examined.
When these mica samples did not have swelling charac-
teristics, we measured 12 to 16 diffraction lines appeared in
the conditions of room temperature and 24°=26(CuKo)=<
74°, and determined the lattice parameters of the micas by
means of least-squares method. While, when the samples
had swelling characteristics, we dehydrated them at a
temperature of 120°C, and, immediately after that, we
measured only basal spacing values (c-sinf) of the micas.
Diffraction angle of mica was corrected based on that of
silicon.

2.5. Swelling Characteristics and Thermal Analysis

We also measured basal spacing values of micas by X-ray
diffraction analysis of respective mica samples in the wetted
state with water, and determined the type of maximum
hydration phase of respective micas from the measured data.
In addition, after dried these wet mica samples at room
temperature (R.H.=60%) in air, we measured DTA and TA
curves, from which we determined the dehydration amount
and the temperature for dehydration of single-layer hydrated
type mica.

3. Results and Discussion

3.1. Synthesis of Na-fluorine Micas

Based on the results obtained by microscopic observation
and X-ray powder diffraction analysis, we classified the
conditions of forming micas, and plotted the classified
results on the ternary composition system diagram for
tetrahedral layer, as shown in Fig.1. In both cases of Al-
and Ga-substitution series micas, the sample having other
composition than in the regions circled by dotted line in
Fig.1 were composed of mica only, or of mica accompanied
with a trace of by products. This result suggests that the
compositions of synthesized micas herewith almost agree
with those of batch materials, thereby, AI** or Ga* ions are
proved to substitute Si** or Ge** ions at the tetrahedral sites
in the case of Na-fluorine micas, in the same manner as in
the case of K-fluorine micas in our previous report. While,
in the case of the samples having composition in the regions

Fig. 1. Formation region of Na- micas and other phases
shown by the ternary systems of tetrahedral composition
for NaMganLii«(TSisxyGeyOro)F> and
NaMgziLiix(TxGeaxySiyOi0)Fa: (1); T=Al, (2); T=Ga.

O: mica

(): mica + trace of MgGeOs

@: mica + small amount of MgGeO:; or richterite

@: mica + richterite and norbergite
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circled by dotted line on the Ge-rich side in both Al- and
Ga-substitution series diagrams, mica was coexisted with
MgGeOs, but since its formed amount was very small, we
judged that the compositions of synthesized micas could be
approximated by those of batch materials. In the case of
the samples having composition in the region circled by
dotted .line on the Si-rich side in Al-substitution series
diagram, mica was coexisted with amphibole and norbergite
in a considerable amount. Therefore, we excluded these
samples from the following measurements.

3.2. Infrared Absorption Spectrum

As the typical examples, Fig.2 shows the infrared absorp-
tion spectra of four kinds of Na-fluorine micas of Ga,Sis.,
Ga,Ge,., Ga,Si;,Ge and Ga,Ge;,Si series.

The composition of Ga,Siy, series micas with x=0.0,
which is given in Fig.2(1), is equal to that of Na-taeniolite
[NaMg,Li(Si;00)F,]. All of absorption bands at various
wave-numbers 1110, 980 and 706cm™ in the spectra of this
series micas are assigned to stretching vibration of Si-O, and
a band at wavenumber 462cm’ in this spectrum is assigned
to deformation vibration of Si-O. Especially when judged
from the assignments based on lattice vibration of (Si,Os),
of talc” and mica,” absorption bands at 1110, 980, 706
and 462cm’ can be respectively assigned to modes
al, e}, aj and el?  Infrared absorption spectra of Na-
taeniolite were found to be similar to those of corresponding
K-taeniolite [KMgzLi(Si4OIO)FZ],5’ because the absorption
band assigned to mode a; shifted toward the lower
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Fig. 2. Infrared spectra of Ga-substituted fluorine micas. (1)
Ga,Siax, (2) GayGea, (3) GaSizGe, (4) Ga.GesxSi



Vol. 99-1176

wavenumber side only by about Scm™ and band assigned to
mode e,' shifted toward the higher wavenumber side only
by about 18cm” in the case of Na-taeniolite, compared to
the corresponding bands in the case of K-taeniolite. These
slight differences in the position of respective absorption
bands suggest the effect of interlayer ions on lattice vibra-
tion of (Si,0s),. Two absorption bands at 1110 and 980cm
were apparently separate in the case of x=0.0 in Ga,Sis
series micas, but shifted toward the direction as to come
closer with each other in accordance with the increase of
value x, until they joined into a broad absorption band at
x=1.0. In addition, with the increase of value x, a new
absorption band appeared at around 740cm” and its absorp-
tion intensity increased. This new absorption band is as-
signed to lattice vibration of Ga"-0.”

Fig.2(2) shows infrared absorption spectra of Ga,Ge,
series Na-fluorine micas. The sample with x=0.0 is equal
to a Na-analogue of Ge-substituted K-taeniolite
[KMg;Li(Ge,0,0)F;], and exhibits similar spectra to those
of Ge-substituted K-taeniolite. Absorption bands at 880 and
780cm’ in these spectra are respectively assigned to the
absorption bands, which are respectively assigned to modes
a} and e}, based on (Ge,0s), lattice vibration. In the case
of Ga,Ge,, seies micas, these two absorption bands as-
signed to respective modes a} and el, shifted toward the
direction as to come closer with each other with the increase
of value x, until they joined into a broad absorption band at
x=1.0, as they did in the case of Ga,Si, series micas.

Both Ga,Si;,Ge series and Ga,Ges,Si series micas,
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Fig. 3. Infrared spectra of Al-substituted fluorine mica. (1)
AlLSiay, (2) AlGes, (3) ALSi3Ge, (4) AlGes.(Si
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respectively shown in Figs.2(3) and 2(4), have tetrahedral
composition in ternary system. Infrared absorption spectra
of these two series micas exhibited the same major absorp-
tion bands as exhibited in the spectra of Ga,Si,., series and
Ga,Ge,, series ones. Both spectra of these two series micas
changed continuously with the increase of value x, as they
did in Figs.2(1) and 2(2). Intensity ratio between two ab-
sorption bands, which were respectively assigned to vibra-
tion of Si-O and Ge-O, and which appeared in the
wave-number range of 800 and 1100cm’, changed with the
change of content ratio between Si and Ge. Other micas of
Ga,Si,.,Ge,, Ga,Si,.,Ges, Ga,Ge,.,Si, and Ga,Ge,.Si; series
exhibited the similar spectra to those shown in Figs.2(3) and
2(4).

Figure 3 shows infrared absorption spectra of typical
Al-substituted Na-fluorine micas, namely, Al,Si,.,, Al,Ges.,,
AlLSi; ,Ge and AlL,Ge;,Si series. Fig.3(1) shows the absorp-
tion spectra of AlSis, series micas. Absorption bands at
1110 and 980cm™ were apparently separated at x=0.0, but
shifted as to come closer with each other with the increase
of value x, and joined into a broad band with an accom-
panied shoulder at x=0.6. It was additionally observed that
a new absorption band at around 810cm™ came to appear in
a shoulder with the increase of value x. This new band is
assigned to lattice vibration of AI"-0.®

Figure 3(2) shows the absorption spectra of Al,Ge,,
series micas. Absorption bands assigned to respective
modes a! and e} also shifted as to come closer with each
other until they joined into a broad band at x=1.0.

Figures 3(3) and 3(4) show the respective absorption
spectra of ALSi;Ge series and ALGe;,Si series micas.
They both exhibited the same major absorption bands,
which appeared in the spectra of Al,Si, series and Al,Gey,
series micas. With the increase of value x, the spectra of
both series micas changed continuously, as they did in
Figs.3(1) and 3(2). Absorption intensity ratio between two
absorption bands, which were respectively assigned to
vibration of Si-O and that of Ge-O and appeared in the
wavenumber range of 800 and 1100cm”, changed with the
change of content ratio between Si and Ge. Other micas of
AlLSi,,Ge,, AlSi,.Ge;, AlGe,,Si, and AlGe,,Si; series
exhibited the similar spectra to those shown in Figs.3(3) and
3(4). All of the spectra of Na-fluorine micas of any sub-
stitution series were similar to those of corresponding K-
analogues. As above mentioned, infrared absorption spectra
of synthesized micas of both Ga- and Al-substitution series
changed continuously with the change of value x, that is,
Ga and Al contents in the synthesized micas, and a new
absorption band at 740cm’ in the case of Ga-substitution
series, and that at 810cm™ in the case of Al-substitution
ones, which respectively appeared with the increase of value
x, were judged to be assigned to respective lattice vibrations
of Ga"-0 and A1"-O. Consequently, the change of infrared
absorption spectra indicates the continuous change of
chemical composition of synthesized fluorine micas of
respective substitution series with the change of value x.

3.3. Lattice Parameters of Na-fluorine Micas

Table 1 shows the lattice parameters of various end
member Na-fluorine mica series, which so not exhibit swell-
ing characteristics as described later in section 3.6, together
with those of Na-taeniolite and its Ge-substituted analogues.
The figures given in parentheses indicate the last figure of
standard deviation of respective parameter. Table 2 shows
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X-ray powder diffraction data of two typical end member
Na-fluorine micas. Figure 4 shows the relationship be-
tween value x and lattice parameters of Ga,Ge,, series Na-
fluorine micas, which turn to be non-swelling micas when
x is 0.2 or larger than that. As seen in Fig.4, the respective
values of a-axis, b-axis and axial angle B increased linearly
and the value of c-axis decreased almost linearly with the
increase of value x. Such continuous change of respective
lattice parameters with the change of value x suggests that
these respective substitution series micas take complete
series of solid solution between the end member micas.
However, chemical expansion'” caused by isomorphic sub-
stitution exhibited a remarkable anisotropy, which was in-
dicated by the change of lattice parameters. Content ratio
between Mg”* and Li* ions at octahedral sites of respective
substitution series micas changes with the change of value
X, but, since respective ionic radii of Mg** and Li** are 0.72

Table 1. Lattice constants for various end-member Na-fluorine
micas. Standard deviations are given in parentheses.

Composition of micas a(/i) b(/k) c (/i) B (/")
NaMg;Li (Ge,0,,)F, 5.310(2) 9.199(2) 10.129(3) 100.07(3)
NaMg, (GaGe; 0,,)F, 5.346(3) 9.256(3) 10.045(3) 100.26(3)
NaMg, (GaSiGe,0,,)F; 5.318(2) 9.210(2) 9.994(4) 100.22(4)
NaMg; (GaSi,GeO,,)F; 5.292(2) 9.163(2) 9.941(2) 100.07(2
NaMg, (AlGe;0,,)F; 5.325(4) 9.234(5) 10.006(5) 100.13(5)
NaMg, (A1SiGe;0,,)F; 5.304(5) 9.185(5) 9.948(5) 100.10(6)
NaMg,Li (Si40,,)F; 5.228(5) 9.045(6) 9.766(6) 100.02(6)

Table 2. X-ray powder diffraction data of Al- and Ga-substituted
Na-micas [NaMgs(AlSiGe:010)F. and NaMgs(GaSiGe:0i0)F],
showing 1M mica structure.

NaMg, (A15iGe,0,,)F; NaMg, (GaSiGe;0,,)F,

d /i 1/1, hk1l a /k 1/1, hkl
9.79 70 001 9.84 25 001
4.897 55 002 4.918 75 002
4.593 3 020 4.605 4 020
4.540 3 110 4.550 4 110
4.381 < 11 4.396 3 1ni
3.898 3 1 3.907 1< 11
3.615 2 12 3.631 4 12
3.350 6 022 3.361 16 022
3.265 100 003 3.279 100 003
3.102 6 W2 3.109 9 112
2.866 4 13 2.879 8 13
2.661 2 023 2.671 7 023
2.641 5 207,130 2.648 7 207,130
2.610 6 200,137 2.616 9 200,137
2.493 2 202,131 2.501 4 202,131
2.449 4 004 2.459 9 004
2.419 3 201,132 2.424 6 201,132
2.240 4 203,132 2.249 7 203,132
2.152 1< 202,133 2.157 1< 202,133
1.959 45 005 1.967 35 005
1.718 3 205,134 1.726 4 205,134
1.647 7 204,135 1.652 8 204,135
1.632 30 006 1.639 3 006
1.531 3 060, 337 1.535 4 060.337
1.508 7 206,135 1.515 8 206,135
1.399 9 007 1.472 2 116
1.335 4 207,136 1.405 6 007
1.341 4 207,136

Intesities are probably affected by preferred orientation
which enhances (001) reflections.
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and 0.76A," and differ only a little with each other, we
assume that the effects of different size of these cations at
octahedral sites to the changes of b-axis value and basal
spacing value are small. While, respective ionic radii of
Ge* and Ga™ at tetrahedral sites are 0.39 and 0474, so
radius of Ga™ is considerably larger than that of Ge*.
Therefore, respective increases of a-axis value and b-axis
value in the case of Ga-substitution are explained as to be
mainly due to the larger size of Ga ion at tetrahedral sites,
but the decrease of basal spacing value is not explained only
by the size of this ion. These anisotropic behaviors in ex-
pansion and contraction of lattice parameters can be ex-
plained if we take account of structural distortion, which is
expressed by a coordination polyhedral model of mica struc-
ture described in the following, as it was explained in the
case of analogous substitution series K-fluorine micas.”®
It has been well known that mica structure is caused of
structural distortion in both tetrahedral and octahedral sheets
in order to cancel the misfit of the size between these two
sheets.  As illustrated in Fig.5, structural distortion in
tetrahedral sheet is expressed by tetrahedral rotation angle
o, and that in octahedral sheet is expressed by octahedral
flattening angle y."'” Angles o and  are related to b-axis
value, as respectively expressed by equations (1) and (2)."'”

oa=cos'(B/2V3 - ep) ... 1)

1015

1010

c/A

1005}

1000
930

925

b/A

9.20

9.15 4
535

a/A

5.30]
1002

1000

B/°

Fig. 4. Lattice constants of NaMgz..Li «(GaxGes.xO10)F series
fluorine micas

1) (2) (3)

Fig. 5. Schematic illustration of tetrahedarl rotation angle (o)
and octahedarl flattening angle.

The value o for (2) is much larger than that for (1), forming
nearly six-coordination around interlayer cation.
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y=sin b33 dy) )

Here, b indicates b-axis value we measured, e, does basal
0-0 distance, and d, does average octahedral cation-anion
distance. By applying the values e, and d,, which we es-
timated in our previous study on analogous substitution
series K-fluorine micas, into equations (1) and (2), we cal-
culated o and y, which are larger in both cases of Ga- and
Al-substituted Na-fluorine micas with increasing Ge con-
tent, thereby, the structural distortion is larger (see Table 3.).
It is also revealed that the values o. and y of Ga-substituted
micas are larger than those of corresponding Al-substituted
ones. The reason for this difference in values o and W is
assumed to be that Ga™ ion has a larger ionic radius than
AI* ion has, thereby, a misfit between tetrahedral sheet and
octahedral one became larger in the case of Ga-substitution
and the values o and y increased in order to cancel the
larger misfit.

The values o of these various Na-fluorine micas are
larger by about 2 degree than those of the corresponding
K-fluorine micas. As seen in Fig.5(2), interlayer Na cations
are coordinated in a closer state to six-coordination with the
increase of value o. This larger rotation angle value of
Na-fluorine mica series is attributed to the small ionic radius
of Na®, which allows the tetrahedron rotate in a wider angle
range, in contrast to the case of K-fluorine mica series, in
which the tetrahedron is allowed to rotate in a certain limit,
because K ion is larger in radius and touches the basal
oxygen.

Table 3. Predicted values of a* and y” for some Na-fluorine
micas and e, and do” values used for calculation

Composition of micas e s (/k) d . (/i) a (/°) ¥ (/°)
NaMg,Li (Ge 0, ,)F, 2.773 2.092 16.7 57.8
NaMg, (GaGe; 0, ,)F, 2.846 2.076 20.1 59.1
NaMg, (GaSiGe,0,,)F; 2.798 2.072 18.1 58.8
NaMg, (GaSi,GeO,,)F; 2.748 2.066 15.7 58.6
NaMg, (AlGe;0,,)F; 2.811 2.076 18.5 58.9
NaMg, (A1SiGe,0,,)F, 2.767 2.070 16.7 58.6
NaMg,Li (Si,0,,)F; 2.617 2.061 3.9 57.6

a ; tetrahedral rotation angle
®’ ¢ ; octahedral flattening angle

e, ; the basal 0-0O distance

?’ do; the average octahedral cation to anion distance

(a) (b)
1000 1000 [
990} 5 (4) 990 F (4)
< =
g | e (3)
A 5
& b

970} 970

Fig. 6. Basal spacings plotted against x (tetrahedral Ga-substitu-
tion).
(a): NaMga.Lijx(Ga(Gesr,SiyO0)Fa series micas

(1) GaGe.Sis, (2) GaGe2.\Si, (3) Ga.GesSi, (4) GaGea
(b): NaMga«Lij«(Ga,SisryGeyOi0)F; series micas

(1) Ga\Sisy, (2) Ga\SizGe, (3) GaSiz«Gea, (4) GaSii«Gez
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While, the values y of various Na-fluorine micas are
smaller by 1 to 1.2 degree than those of corresponding K-
analogues. This smaller y value suggests that structural
distortion of Na-fluorine micas is cancelled relatively more
by the rotation of tetrahedron than by the flattening of oc-
tahedron. It shall be noted for reference that, according to
a study report”’ on the similar cancellation mechanism of
structural distortion in the case of biotite, the temperature
factor for basal oxygen (Oy) was larger than that for apical
oxygen (O,), thereby, the rotation angle value o was not
affected so much by the composition of octahedral sheet.

3.4. Relationship Between Basal Spacing (c-sinf) and
Amount of 3-valence Ion Substitution

Figure 6 shows the relationship between c-sinf} and
tetrahedral Ga-substitution amount in the case of Ga-sub-
stituted series Na-fluorine micas. It was found that c-sinf
and Ga-substitution amount were related with each other not
in a linear line like Vegard law, but in a curve having a
maximum point or a turning point. Fig.6(a) concerns the
series of substituting Ge** with Ga™. Among them, Ga,
Ge,.,Si; and Ga,Ge,,,Si, series respectively exhibited a max-
imum c-sinf} value at a certain x value, and Ga,Ges,Si and
Ga,Ge,, series respectively exhibited a simple decrease of
c-sinf} value with the increase of value x. The difference of
value c-sinf (value Ac-sinf) between the end members at
x=0.0 and x=1.0 was negative in any series, and the value
Ac-sinP was larger with the increased Ge content. While,
Fig.6(b) concerns the series of substituting Si* with Gas,.
Among them, Ga,Si,, series exhibited a simple increase of
value c-sinf} with the increase of value x, and Ga,Si;,Ge and
Ga,Si,.,Ge, series respectively exhibited a maximum ¢-sin
value at a certain x value, and the x value, at which the
maximum ¢-sinf} value is exhibited, shifted toward the lower
x value side with the decrease of Si content and the increase
of Ge content. Ga,Si;,Ge; series exhibited a simple
decrease of ¢-sinf value with the increase of value x. The
value Ac-sinf} between the end members was positive in the
case of Ga,Si,., and Ga,Si;Ge series, and was negative in
the case of Ga,Si,Ge, and Ga,Si,Ge; series. Therefore,
although Si** ion was substituted with Ga’* ion having a
larger ionic radius, the value c-sinf decreased when Ge

(a)
1000f 1000 (b)
< SF o <
= (4) < @)
£ ¢
S ) 2
980 [ “ ss0f- )
(2) N
o \u) a0l
/(‘)
960 P 960 [ ow
00 0z 04 06 08 10 00 02 04 06 08 10
X X

Fig. 7. Basal spacings plotted against x (tetrahedarl Al-substitu-
tion).
(a): NaMga.Liix(ALGesrSiyO10)Fa series micas
(1) ALGe,Si3, (2) AliGe2.Sia, (3) AlGes.Si, (4) AlGeax
(b): NaMg:.,Lij«(Al:SisyGeyO10)F2 series micas
(1) ALSis, (2) ALSizxGe, (3) ALSi2Ges, (4) ALSiixGes
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content was high in the Ga-substituted mica series.

Figure 7 shows the relationship between value ¢-sinf3 and
tetrahedral Al substitution amount in Al-substituted series
Na-fluorine micas. Fig.7(a) concems the series of substitut-
ing Si** with AI”", and Fig.7(b) does those of substituting
Ge** with AI*". In both series, this relationship changed in
a similar manner to those in the Ga-substituted series above
mentioned, but the value Ac-sinf} was smaller when it was
positive, and was larger when it was negative, compared to
the respective ones in the Ga-substituted series, because of
the effect of a smaller ionic radius of AI** than Ga™.

The value c-sinf is related to interlayer thickness (IL),
tetrahedral sheet thickness (TL) and octahedral sheet thick-
ness (OL), as expressed in the equation given below.

csinf =1L + 2TL + OL

In the series of substituting Si** with Ga®, TL increases as
the effect of substitution of a smaller radius ion with a larger
radius one, thereby, the increase of value ¢-sinf in the lower
x value region has been caused by the effect of increased
TL value. However, in the higher x value region, in which
Ga-substitution to Si increases and TL further increases, the
misfit between a tetrahedral sheet and an octahedral sheet
is compensated by the flattening of octahedral sheet, there-
by, the decreasing effect of flattening and the increasing
effect of TL to ¢-sinf is assumed to cancel with each other,
resulting to make the value ¢-sinf} turn to decrease. In the
series of substituting Ge** with AI** having the same ionic
radius, the value Ac-sin, which is negative, become larger
with the increase of Ge content. This phenomenon suggests
that both thicknesses of OL and /L are affected by the charge
balancing in mica structure in such way as to contract more
by the substitution of 4-valence ion with 3-valence one.
(Here, the charge balancing means a system of indicating
which positive charge deficiency generated in an octahedral
sheet or in a tetrahedral sheet is compensated by an inter-
layer cation in a mica structure.) These additional contrac-
tions of OL and /L are caused by the change of the
tetrahedral structure into a structure having a larger rotation
angle 0., because not only the ionic radius of Na* is too small
to fit the itnerlayer spacing, but also the larger substitution
amount of 4-valence ion with 3-valence one effects to more
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Fig. 8. Relationship between b-axis dimension and mean
tetrahedarl ionic size for Na-micas (Na) and corresponding K-micas
(K; after Kitajima et al., 1989, 1990).

Tetrahedral composition of micas is shown in abbreviated symbols.
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localize negative charges to basal oxygen Oy. In the case
of K-fluorine micas, IL increased with the increase of rota-
tion angle value 0, but, in the case of Na-fluorine micas,
IL is supposed to decrease instead when the effect of afore-
mentioned localized negative charges to O, is given, be-
cause Na* ion is small in radius. Although the change of
value ¢-sinf caused by the Ga- and Al-substitution is not
simple as mentioned above, it is systematic and continuous,
therefore, the afore-mentioned series Na-fluorine maces are
implied to have a complete series of solid solution.

3.5. Relationship Between b-axis Dimension and Basal
Spacing Value (c-sinf3) and Mean Four-coordina-
tion Ionic Radius

Figure 8 shows the relationship between b-axis dimen-
sion and mean tetrahedral ionic radius (R,,) for the end mem-
ber Na-fluorine micas'” and the same for the corresponding
K-analogues. It is seen that both 3-valence substituted Na-
mica and K-mica series have respective linear relationships
between b and R, and these two lines are nearly parallel
with each other. This result suggests that not only the size
of tetrahedral ion determines the dimension of b-axis, but
also the size of interlayer ion gives a decisive effect to the
determination of b-axis dimension. In other words, when
Al- and Ga-substituted Na-fluorine micas are compared to
the corresponding K-analogues, the b-axis dimension is
smaller in the former than in the latter, and this smaller
b-axis dimension indicates that Na-micas have a larger rota-
tion angle (o) of the tetrahedron, as shown in Fig.5(2),
thereby, they have a more-distorted structure.

Figure 9 shows the relationship between c-sinf} and R,
for the end member Na-fluorine micas and the same for the
corresponding K-fluorine micas. It is seen that the relation-
ship between c¢-sinfd and R, is linear in the case of Na-mica
series in the same manner as it was in the case of K-mica
series, but the values c-sinf} are much smaller in the former
than in the latter. This difference of value c-sinf is at-
tributed to the smaller dimension of interlayer Na” ion, com-
pared to that of K" ion, and the difference of value c-sinf
between these two mica series increased with the increase
of R,. These much larger ¢-sinf values in the case of K-
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Fig. 9. Relationship between ¢-sinfl and mean tetrahedarl ionic
size for Na-micas (Na) and corresponding K-micas(K).
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mica series are caused by the increase of o value with the
increase of R,, and the resultant elongation of the thickness
of coordination polyhedron of interlayer K* ions along the
c’-axis direction. In other words, hexagonal holes formed
with Oy are transformed to ditrigonal holes having a smaller
dimension with the increase of o value, as shown in Fig.5,
thereby, when K ions having a larger radius are filled into
the interlayer sites, the interlayer is assumed to be neces-
sarily expanded in the ¢-axis direction.”

3.6. Swelling Characteristics

In the case of mica samples having swelling charac-
teristics, all of the TG curves showed one-stage weight loss.
It was revealed that this weight loss was attributed to
dehydration of interlayer water, and that the dehydration
amount decreased and the swelling characteristics decreased
with the increase of x value. It was also revealed that both
Al- and Ga-substitution series micas did not contain inter-
layer water when Ge content was higher and x value was
higher, when the TG data were compared to the correspond-
ing X-ray diffraction data. We determined the water con-
tents of the mica samples, which were equilibrated in air
(R.H=60% at 20°C), from the TG curves, and classified
them into four categories, obtaining Fig.10. In both Al- and
Ga-substitution series micas, water content decreased with
the increase of 3-valence ion substitution amount (x), and
was less than 0.5% in the compositional region, which is
indicated on the right-hand side to the dotted line in Fig.10.
This implied that the micas in this region lost swelling char-
acteristics and contained only free water adhered on their
surfaces. From the X-ray diffraction data of micas wetted
with water, we classified the maximum-hydrated phases into
three cases of double-layer hydrated phase observed, single-
layer hydrated phase observed, and no hydrated phase ob-
served. Figure 11 shows the classified results. It is seen in
both Al- and Ga-substitution series micas that, when Ge
content in mica is high, swelling characteristics are lost
completely by the increase of 3-valence ion substitution
amount.

3.7. Causes for Loss of Swelling Characteristics by
3-valence Ion Substitution
With the increase of Al- or Ga-substitution amount, rota-
tion angle value o increases, therefore, tetrahedral layer
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changes from the structure illustrated in Fig.5(1) to that
illustrated in Fig.5(2), so the coordination of interlayer Na*
ions changes to be closer to a six-coordination state. Fur-
thermore, as the result of substitution of four-coordination
sites with 3-valence ions, effective negative charge of basal
oxygen (Oy) increases, thereby, Na-O, bond is strengthened.
Both of these changes are judged to contribute to stabilize
the interlayer structure, resulting to make the hydration of
interlayer ions unnecessary in terms of energy balance. The
substitution of four-coordination sites with 3-valence ions
additionally effects to accelerate rotation of tetrahedron, as
the result of the increase of effective negative charge of O,
afore-mentioned. In other words, this substitution gives a
synergetic effect to the stabilization of interlayer region be-
cause of both the increase of value o and the change of
charge distribution. This effect can explain the loss of
swelling characteristics of micas in the lower x value range
with the increase of Ge content in mica. It is also supposed
that a remarkable contraction of basal spacing c-sinf by the
3-valence ion substitution in the case of Na-fluorine micas
containing a high Ge content is closely related to the loss
of swelling characteristics.

4. Conclusion

Series of Ga- and Al-substituted fluorine micas
NaMg.Li; «(TxSisx,Ge,010)F, and NaMgy,,Li . (TxGesux.y.
Si,010)F, [T=Ga, Al; x=0.0 to 1.0; y=0, 1, 2, 3], which were
based on the end member micas of Na-taeniolite
[NaMg,Li(Si,0,0)F,] and its Ge-analogues, were syn-
thesized, and using these mica samples, the changes of in-
frared absorption spectra and of lattice parameters in
relation to the isomorphic substitution were studied, the
changes of swelling characteristics of these substituted mica
series were studied, and the causes for the loss of swelling
characteristics were examined. The results are summarized
in the followings.

1) Infrared absorption spectra of Na-fluorine mica series
changed continuously with the change of amount of Ga-
and Al-substitution at four-coordination site, and the ab-
sorption bands of Si-O and Ge-O were observed to shift,
and new absorption bands caused by the Ga- and Al-sub-

Fig. 10. Water content shown by ternary systems of tetrahedarl
composition for (1) Al-substituted micas
NaMgzxLi1x(AliGes.xySiyO10)F2, NaMgasLii«(ALSisxyGeyOro)F2
and (2) Ga-substituted micas NaMga.Lii x(GaxGes.xySiyO10)F2,
NaMgz.:Liix(GaSisryGeayOi0)Fa.

®: < 0.5wt%, D: 0.5~-3wt%, ): 3~5wt%, O: > 5wi%

The samples were equlibrated in air at 20°C, R.H.= 60%

Fig. 11. Swelling tendency represented by the highest hydration
pahse under wetted coditions with water. The results are shown
for Al-substituted micas (1) and Ga-substituted micas (2) in the
same ternary systems as in Fig.10.

@: anhydrous phase,

(D: single-layer hydrated phase,

O: double-layer hydrated phase
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stitution were observed to appear in the substitution
series containing larger Si contents.

2) Basal spacing value (c-sinP) changed continuously with
the change of Ga- and Al-substitution amount. This be-
havior proved the presence of a complete series of solid
solution between the end member mica series.

3) Basal spacing value changed simply in some cases, and
changed as to have a maximum at a certain x value in
other cases. These complicated changes of basal spacing
value could be explained by the respective changes of
structural distortions (o and ) and of interlayer struc-
ture.

4) The respective structural distortions (0. and ) of
tetrahedral sheet and octahedral sheet increased with the
increase of Ga- and Al-substitution amount. When struc-
tural distortions were compared between the correspond-
ing analogues Ga-substituted micas were found to
exhibit larger o and y value than Al-substituted ones did.

5) b-axis values and c-sinf values were plotted against mean
ionic radii (R,,) of four-coordination cations for the end
member Na-fluorine micas, which included Al- and Ga-
substitution series micas, together with those for the cor-
responding K-fluorine mica series. Both plots for Na-
and K-fluorine mica series gave respective linear relation
lines. These linear relationships indicated that the dis-
tortion of coordination polyhedron was determined not
only by the dimension of four-coordination ions, but also
by the dimension of interlayer ions.

6) In the case of Na-fluorine micas, interlayer structure
changed to be closer to the ideal six-coordination state,
which is a more stabilized structural arrangement, with
the increase of a value, thereby, swelling characteristics
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were lost.
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In an attempt to develop a new method for decorating
porcelain, TiN films were deposited onto the glaze of
porcelain by reactive DC magnetron sputtering of Ti in
NH; discharge gas. For comparison with the glaze, ef-
fects of other substrates such as Si, Ti, AL, O, ZrO, and
MgO on the formation of TiN films were examined. A
pleasing gold-like appearance was obtained under the
following sputtering conditions: pressure of 0.007Torr,
discharge power below 40W and substrate temperature
above 300°C. At higher pressures, higher discharge pow-
ers, or lower substrate temperatures, the hue of TiN films
changed gradually to reddish gold and then dark red.
The degradation in color is ascribed to the increasing
oxygen contamination as well as the deviation of the
nitrogen content from the stoichiometry. XPS analysis
revealed the existence of a considerable amount of O-H
bonds in the film when the substrate temperature was
below 200°C. In the case of oxide substrates such as
glaze, gray diffusion layers with a thickness less than
100nm were formed between TiN films and the sub-
strates. The layers contained more Ti-O bonds and less
nitrogen than those on Si or Ti substrate. TiN films with
a similar hue and reflection to gold over-glaze were ob-
tained on the glaze with surface roughness of 0.25um.
[Received June 24, 1991; Accepted August 22, 1991]

Key-words: TiN film, Reactive sputtering, Glaze of porce-
lain, Color, Diffusion layer, Surface roughness, Reflection.

1. Introduction

TiN films are featured by an extremely high chemical
stability, a high hardness, a high abrasion resistance and a
very beautiful golden color. Therefore, they are being put
to various industrial (such as cutting tools and press molds)
and decorative uses.” Regarding the formation of TiN
films, a good number of study reports have been made avail-
able, and TiN films are currently formed by various methods
such as ion-plating,” reactive sputtering,”'” thermal CVD,'”
and, more recently, plasma CvVD.'>¥ However, very few
study reports are available on the effect of mutual diffusion
of atoms at the interface between substrate and TiN film to
the hue of the film.

Gold over-glaze of porcelain is prepared by using paints
made of gold powder which was mixed with flux of bismus
bride or bismus oxide, or of gold chloride which was dis-
solved in oils, and by baking at 800°C as to be fixed on the

porcelain glaze. However, the gold over-glaze of porcelain
thus prepared has poor abrasion resistance and poor adhe-
sion to the glaze, so that it is worn and exfoliated during
use, or it is discharged and changes in color by microwave
in an electron range, resulting in less commercial value.
Accordingly, an attempt to develop a new technique of the
abrasion resistant and exfoliation resistant decoration on ce-
ramic wears, to authors applied a coating of TiN film on the
surface of porcelain glazes which were ordinarily used on
porcelains in the Arita district in Saga prefecture, and inves-
tigated the effect of the deposition condition of TiN film and
that of the diffusion layer formed between TiN film and
substrate to the hue of film. In order to compensate for the
drawback of low reflectance of TiN compared to that of
gold, we also attempted to improve the hue of TiN film by
increasing the apparent reflectance of TiN film by giving
some appropriate surface roughness to the substrate.

2. Experimental Procedure

We used a flat-type DC magnetron sputtering apparatus
for the deposition of TiN films. The electrodes were disk
shaped of diameter 10cm made with Ti metal (in purity of
99.5%, made by Nippon Denkyu Kogyo), and the distance
between the electrodes was set as Scm. Permanent magnets
of cylindrical shape and of columnar shape were set equi-
axially behind the electrodes so as to make the electric field
and the magnetic field cross perpendicularly in the neigh-
borhood of the anode. Nitrogen source we used was NH;
gas (commercially available). We did not refine this NH;
gas, because the handling of reagents for dehydration and
deoxidation was compliex and expensive. Using various
discharge voltages in the range of 200 and 510V and various
discharge currents of 50, 100 and 200mA, we deposited TiN
films on the substrates, which were located at 1.5cm above
the cathode, and preheated. The substrates used were either
fired porcelain glaze at 1300°C for 30min (chemical com-
position of the glaze: Si0,=75.94%, Al,0;=12.71%,
Fe,05=0.31%, Ti0,=0.05%, Ca0=6.37%, Mg0=0.15%,
Na,0=1.98%, K,0=2.48%, Total=100.0%, or plates of sin-
gle crystals of Si (100) and Ti, and of sintered bodies of
AL Os, ZrO, (stabilized with 9.8mol% of Y,0;) and MgO,
all of which were polished to a mirror finish. We not only
observed the TiN films deposited using a scanning electron
microscope (SEM), but also determined the composition
and the hue of the films and the elements contained in the
films by measuring powder X-ray diffraction, surface rough-
ness, reflection spectrum of light in the range of visible
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wave length, and X-ray photoelectron spectrography (XPS).
Reflection spectrum of light in the range of visible wave
length was measured by sending a light at an incidence
angel of 30 degrees against the perpendicular direction to
the substrate surface and by receiving the reflected light at
the same angle. Surface roughness of substrate was ad-
justed by polishing the substrate using water-proof polishing
papers or SiC abrasive grains. The surface roughness was
determined by the largest surface roughness (R.,) measured
in the measured distance of 50pm. Adhesion strength be-
tween film and substrate was measured using a strength
tester of SEBASTIAN-V model, made by Quad Group, in
which aluminum stands in diameter of 0.106 inch were at-
tached to the film at a perpendicular angle using an adhesive
reagent of epoxy system. As an additional evaluation
method for adhesion strength between film and substrate,
we made a Vickers indent onto the film using a micro-
Vickers hardness tester, and examined the presence of exfo-
liated film using an SEM.

3. Experimental Results and Discussion

3.1. Effects of Reaction Gas Pressure, Substrate
Temperature and Discharge Current

TiN films were formed at the respective rates of about 5,
7 and 2nm/min under the reaction gas pressures of 0.007,
0.06 and 0.5Torr, when the fixed process conditions of dis-
charge current of 200mA and substrate temperature of
300°C were applied. SEM observation revealed that the
texture of TiN films was a dense columnar structure, which
grew perpendicular to the substrate, and had a flat surface.
Figures 1 and 2 show a L'a’b" color coefficient diagram,
recommended by CIE (International Committee on Illumi-
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hibited various colors in the range from reddish gold to gray.
When gas pressure was 0.06Torr, a higher substrate temper-
ature was.required to obtain gold-like color. As seen in
Fig.2 on the effect of discharge current, when discharge
current was higher than 100mA, the film color tended to
change toward the red side, and this tendency was especially
remarkable when gas pressure was 0.06Torr. Figure 3
shows the relationship between substrate temperature and
lattice parameter of TiN films. When processed in the con-
ditions of gas pressure of 0.06Torr and discharge current of
100mA, lattice parameters of the TiN films formed were
constant regardless of substrate temperature as to be nearly
equal to that of stoichiometric TiN.” When discharge cur-
rent was increased to 200mA under the same gas pressure
of 0.06Torr, lattice parameter decreased remarkably from
0.425nm to 0.420nm along with the decrease of substrate
temperature from 400°C to 200°C. According to the X-ray
diffraction patterns observed, when a low gas pressure of
0.007Torr, a low substrate temperature of 210°C and the
same discharge current of 200mA were applied, diffraction
peaks of cubic 8-TiN phase were no longer observed, but
broad peaks of tetragonal €-Ti,N (002) came to be observed
clearly.

Table 1 shows the results of XPS analysis of TiN films
formed on the glazes for pottery and porcelain. TiN film
No. 1, which exhibited a bright gold-like color, had a Ti/N
atomic ratio of nearly 1. While, other TiN films, which
exhibited reddish golden color or dark golden color, had a
decreased nitrogen content and an increased oxygen content.
Figure 4 shows O, photoelectron spectra of four kinds of

Table 1. Sputtering condition and atomic ratios in the film deter-
mined by XPS.

nation),” of TiN films formed on porcelain glaze. Here, L’ . SPULERTING Gondition | STCAINE || EYONTC YSTIG
corresponds to lightness, and @ and b respectively corre- P(Torr)|Ts("C) | 1d(uh) | tineCh) @in)| W1 | o/
spond to hue and saturation, based on the original point 10.007 | 300 | 100 1 |G| 8 0.9 | 0.20
without color. When gas pressure was 0.007Torr and sub- 2006 | 300 | 100 2 |RG| 5 0.78 0.61
strate temperature was higher than 300°C in the sputtering, 3| 0.06 | 300 | 200 2 |ml s 0.82 0.62
the films exhibited gold-like color almost conszstently, but 2 o007 ] 120 | 100 | 2 | o’ s 0.92 | o83
when substrate temperature was lower than 200°C, they ex- ¢ Teolds: 0 Sroddishiesld, OF Tk el
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Fig. 1. Effect of substrate temperature on color coefficients a” and b of TiN film. Lightness (L") is shown in parentheses. Solid line:

0.007Torr, 100mA; dotted line: 0.06Torr, 100mA.

Fig. 2. Effect of discharge current on color coefficients a and b” of TiN film. Lightness (L") is shown in parentheses. Solid line: 0.007Torr,

300°C; dotted line: 0.06Torr, 300°C.

Fig. 3. Effect of deposition condition on lattice parameter of TiN film. a) 0.007Torr, 200mA, b) 0.06Torr, 100mA, c) 0.06Torr, 200mA.
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TiN films listed in Table 1. In the case of TiN films, which
exhibited degraded colors, the peaks, which were assumed
to correspond to O-H bond, were observed in addition to
those to Ti-O bond, and especially in the case of TiN films
(NO.4) formed on an unpreheated substrate at 120°C, hy-
drogen was recognized to reside in a considerable amount.

We assumed that the following might be some of the
reasons for the degradation of color of TiN films. Impurity
matters such as O, and H,O are contained in the reaction
gases. Sputtering rate of Ti increases with the increase of
discharge current. When nitrating rate is low, excessive Ti
remained unnitrided in the gas phase reacts with oxygen
component at an increased probability. While, when sput-
tering rate of Ti is increased and NH; gas pressure is in-
creased, over-saturation degree for TiN formation is
supposed to be increased, resulting to accelerate the nucle-
ation of TiN in the gas phase and the growth of these nu-
clei”® During this process of nucleation and nucleus
growth, oxygen components in the gas phase are trapped in
the TiN particles. These TiN particles deposit onto a sub-
strate, thereby, TiN films involved with these particles are
assumed to be more contaminated with oxygen than the TiN
films grown on the substrate.

Compared to the lattice parameter of TiN of 0.424nm
determined by JCPDS (6-0642), the parameter we obtained
in our current experiment was a slightly larger value of
0.425nm. We assume that this difference was not caused by
the change of lattice parameter due to the difference of
thermal expansion coefficient between porcelain glaze
(6.35x10%°C) and TiN (9.35x10°/°C), but was mainly
caused by the contamination of oxygen in TiN crystal lat-
tice,” since the presence of oxygen in the lattice was de-
tected by XPS. When substrate temperature is lower than
300°C, at which nitrating reaction rate on a substrate is
assumed to decrease, the amount of Ti sputtered onto the
substrate increases with the increase of discharge current
density. Therefore, we assume that TiN of nitrogen-defec-
tive type became easier to be formed and the lattice param-

intensity
z
o
[N

No.4

542 538 534 530 526
binding energy (eV)

Fig. 4. Os electron spectra of TiN film. See Table.1 for No.1,
2,3 and 4.
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eter became smaller resultantly.” When substrate tempera-
ture was further decreased to lower than 200°C, we assume
that degassing reaction at substrate surface did not take
place sufficiently, thereby, hydrogen remained in the TiN
deposg)ed, resulting in a remarkably degraded hue of TiN
films.

3.2. Effect of Substrate

In the case of substrates made of pottery and porcelain
ceramics, TiN films deposited by reactive sputtering in the
process conditions of 0.007Torr, 100mA and 300°C exhib-
ited a golden hue when the treatment time was longer than
1h, but exhibited a gray hue when it was shorter than 30min.
Since the hue of TiN film seemed to be effected by the
chemical composition of substrate used, we experimented
to deposit TiN films onto various kinds of substrate as met-
als and oxides in the same sputtering condition as above
described. Figure 5§ shows the hues resulted. In the case
of substrates made of metals such as Si and Ti used, the hues
of the TiN films formed were concentrated in the same
region as that formed onto a substrate of gold, although the
reflectance of the films was low, even when the treatment
time was as short as 30min. However, in the case of sub-
strates made of oxides used, the hues of TiN films formed
were concentrated in the region of gray color. When TiN
films were formed in a higher thickness than 100nm onto
oxide substrates, the effect of the kind of substrate disap-
peared, and the hues of TiN films formed were almost con-

20 ° Al(46)
15 Ti(27)
si(29)
10 uauu(2.“>)
5 s | z002(29)
g ° A1203(29) T |
lass(34) 19 502(30)
v Mg0[37)
- 1 0 E
-10 -5 0 S5 10 15 20
a*

Fig. 5. Color coefficients a" and b* of films deposited onto vari-
ous substrates. Lightness (L*) is shown in parentheses.
0.007Torr, 300°C, 100mA, 30min.
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Fig. 6. XPS depth profile of film deposited onto silicon sub-
strate. Etching time by Ar is assumed to be responsible to the
depth from film surface.
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centrated in the region of yellow color as to exhibit golden
color. In the case of substrate made of Si, we examined the
concentration profile of elements in the depth-wise direction
of TiN film by XPS, the results of which are shown in Fig.6.
Oxygen content in the bulk of film were in the range of 10
and 15at.% when they were corrected only by the analysis
result of Si substrate. While, in a diffusion layer formed at
the interface between TiN film and substrate, the contents
of Ti, N and O gradually decreased in the direction toward
the substrate, and the content of Si increased in the same
direction. The diffusion layer was estimated to range in a
thickness of about 40nm, judging from the thickness of TiN
film over 100nm, and contained Ti and N in an atomic ratio
of nearly 1. In the case of substrate made of porcelain glaze,
we obtained concentration profile of elements in the depth-
wise direction of TiN film by XPS as shown in Fig.7, and
the O, photo-electron spectra also in the depth-wise direc-
tion of TiN film as shown in Fig.8. Oxygen content in the
diffusion layer increased along with the direction toward
substrate surface, which was a reverse behavior to the case
of TiN film deposited onto Si substrate, as seen in Fig.7,
and O spectrum peak, which is assumed to be attributed to
Ti-O bond, gradually increased in the diffusion layer on the
side of TiN film, and reached a maximum intensity, as seen
in Fig.8. This spectrum peak started to decrease gradually

80
I (o]
:5'/ 60
§
= 40 Ti
H si
® N
2
g 20

Ca
0

0 20 40 60 80 100 120
etching time (min)
Fig. 7. XPS depth profile of film deposited onto glaze substrate.
Etching time by Ar is assumed to be responsible to the depth
from film surface.
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