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Self-Oscillation Mechanism of Necking on
Extension of Polymers*

QL P. ANDRIANOVA, A S. KECHEIVYAN, and V. A. KARGIN, f

A. V. Topchiev Institute of Petrochemical Synthesis,
Academy of Sciences of the USSR, Moscow, USSR

Synopsis

A new phenomenon in necking of some polymers, including poly(ethylene terephthal-
ate) (PETP) was detected. It was found that extension of PETP films under certain
conditions results in periodic stress oscillations and a periodic change in appearance of the
sample. The conditions at which self-oscillations appear have been determined, and the
principal regularities of this regime of deformation are described. The following factors
are critical for the appearance of self-oscillation : speed of straining and compliance of the
sample. The self-oscillation of stress and formation of the periodic transverse bands is
attributed to heat dissipation during necking corresponding to local temperature jumps
and periodic strong variation of elasticity modulus due to poor heat conductivity of the
polymer. Changing the external conditions of heat transfer influences the possibility
and development of the effect. The phenomenon is common for various crystallizing
polymers, being dependent on physical properties of the polymer and conditions of
deformation.

Extension of poly(ethylene terephthalate) (PETP) under certain condi-
tions gives rise to periodic stress oscillation and a periodic change in appear-
ance of the sample.

The nature of this phenomenon is closely associated not only with the
mechanics of deformation, but also with such structural changes as crystal-
lization and necking. The stress oscillation and attendant changes in ap-
pearance of the sample on extension occur in PETP within a convenient
time scale and extension rate. However, as will be shown below, the physi-
cal phenomena are of a general nature and are caused by properties inher-
ent in any polymeric material. Indeed, analogous effects were observed by
us on extension of other polymers, polyethylene and polypropylene, for
example.

It should be noted that the appearance of longitudinal periodicity of
various types on extension of polymers has been described.4~4

*Presented in part as a short communication at the International Symposium on Mac-
romolecules, Leiden, 1970.
f Deceased.
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Experimental

Experiments were conducted on samples of amorphous PETP. Samples
of commercial films, 250-300 ji thick were selected. From these films were
cut out either rectangular strips of various lengths (ranging from 20 to 400
mm) and 10 mm wide or standard spatulas 5 mm wide with a working base
of 10 mm.

The samples were extended in a testing machine, one clamp being con-
nected to a tensometric force transducer and the other was fixed rigidly to a
drive frame which moved at an assigned constant speed. With this unit
tests could be made at a series of extension rates varying, in steps of 1:10,
from 0.00435 to 435 mm/min. Some of the tests were carried out on an
FM-1000 testing machine where speed can be varied continuously from 10
to 90 mm/min. The change of stress with time was recorded as a function
of extension by means of an electronic recording potentiometer or a bifilar
oscillograph. During tests the temperature of the samples could be con-
trolled in air, vacuum, or a liquid bath over the temperature interval 10 to
100°C.

For the purposes of this work it was important to measure the true rate of
neck formation, which generally does not coincide with the average speed
of clamp movement. This true rate is determined by the relative speed of

undefonned
sample

neck

Fig. 1. Scheme used for measuring of the true rate of neck formation: (1) spring
clamps; (2) insulator (3) rheostat, nichrome wire, diameter 0.07 mm (4) brush; (It)
resistance; (B) battery.
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separation of two points in the immediate vicinity of the line along which
the neck is forming. To measure this speed, a simple circuit was set up
(Fig. 1), consisting of two clamps, one with a nichrome wire, and the other
with a brush fixed in it. The clamps were fastened on the two sides of the
neck boundary. The wire served as a simple rheostat to which a constant
voltage was fed. The voltage across the fixed clamp and brush was mea-
sured. This voltage is related linearly to the movement of the neck front
and makes it possible to follow the rate of its formation. The measured
voltage was fed to a multichannel oscillograph, the signal from the tenso-
metric transducer measuring the stress being fed simultaneously to another
channel. This circuit enables comparison of the voltage change in time
with the rate of neck formation.

Results

Under definite conditions of deformation, the range of which will be es-
tablished below, periodic oscillations appear. Their nature can be judged
from Figure 2, which presents a typical record of the variation of stress
with time, and Figure 3. which illustrates the external appearance of the de-
formed sample.  (Fig. 3a shows the appearance of a film with many periods,
and Fig. 3b the typical change in appearance of the sample during several
periods in enlarged scale.) Anexamination of the appearance of the sample
reveals that the repeat period consists of three distinct sections with definite
boundaries: (I) a region where the film remains transparent; (Il) -aregion
of marked whitening (clouding )of the neck, where the film is completely
opaque, and (HI) aregion in which the film has become cloudy, but not yet
opaque. These regions cover the entire neck in this sequence. The bound-
aries between regions | and Il and between Il and | are very distinct, but
that between Il and I11 is somewhat arbitrary.

This type of deformation is observed most simply for samples which al-
ready have a neck, or at least a weak point favoring neck formation. On
extension of a “fresh” (undeformed) sample, the stress has to pass through a

M
8

¥

Fig. 2. Stress vs. time under conditions of steady self-oscillations during extension of
PETP (oscillographic recording), Ilate of extension, 43.0 mm/min.
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®

Fig. 3. Photomicrograplis of a PETP specimen strained under self-oscillation conditions;
(a) general view of specimen; (b) several bands greatly enlarged.

t

Fig. 4. Diagram of stress development in time at an imposed constant rate of deforma-
tion.
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Fig. 5. Variation of (a) stress with time and (6) accompanying change in true rate of
deformation in the region of passage of polymer into the neck. The broken line shows
the imposed “average” rate of deformation calculated from relative speed of clamp
movement.

maximum (<0in Fig. 4) before the regime corresponding to necking (change
in stress between the limits <max and <tvm on the diagram on Fig. 4) can be
reached. In the range of the amorphous PETP under study, at room tem-
perature, (o exceeds the stress range <max to ecmil very greatly. For this
reason, the sample fails, as a rule, before the steady-extension regime can be
attained, except for very low (<0.435 mm/min) speeds.

But if there is a defective region in the polymer—and it is quite sufficient
to bend (“crumple”) the sample at one point a few times for one to appear—
the stress €0decreases sharply, approaching <mex  If there already is a neck
in the sample, then <0is approximately equal to snaxand stable oscillations
occur with the corresponding periodic changes in appearance of the sample.

We shall now establish relations between changes in stress <, the rate of
movement of the neck front, and the change in appearance of the sample.
Figure 5 shows, on an enlarged scale, (a) several periods of stress variations
and (b) the corresponding changes in rate of necking. It is evident from
this figure that two regions of stress change correspond to the three struc-
tural regions shown in Figure 4: one region where the stress increases slowly
(on the order of 50 kgf/cm2sec at an extension rate of 43.5 mm/min) and
another region where there is a very sharp drop of the stress (at least one
order of magnitude greater than the rate of increase). The region of increas-
ing stresses corresponds to very slow necking (Fig. 5b). Thus, in the ex-
ample under consideration, at an average extension rate of 43.5 mm/min,
the rate of necking is not more than 12 mm/min, i.e., roughly speaking,
practically no neck is formed in this case. Necking occurs almost entirely
in the region of declining stresses, so that all three regions described above
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Fig. 6. Diagram showing points marked on the specimen for measuring rate of necking.

o

form successively in a time of less than 0.1 sec. The rate of extension
thereupon increases very sharply (Fig. 5b), exceeding the average extension
rate by an order of magnitude. Hence, in the example under considera-
tion, ca. 0.1 mm of neck length forms per cycle during growth of the stress,
and up to 1 mm on the declining branch. Thus, the entire cycle shown in
Figure 3 occurs almost entirely in the region of declining stresses.

The relations among the nature of stress change , rate of necking, and ex-
tension-contraction of the neck already formed is clear from the diagram in
Figure 6. The velocity Vc of point C can be considered as the sum of the
velocity v /v of point C relative to B plus the velocity V B/A of point B rela-
tive to A plus the velocity VAaof point *4 relative to the fixed clamp, i.e.:

Fe - Vc/B. Vsia - Va0

Obviously, V.40 ~ 0, the since initial part of the sample is much more
rigid than the long neck already formed and deforms a negligible amount
and hence VB/A = VB.

The value Vc = constant is equal to the imposed velocity of the movable
clamp. The value of VObdetermines the rate of deformation kof the neck
already formed of length I since t = Vc/B/I'm Therefore we may write:

Vc = versa + H = constant

The example shown in Figure 5b illustrates the relation between V¢ and
Vb/am In the region of increasing stresses VB/A ~ 0, and hence the rate of
extension of the neck ist = Vc/Im In the region of decreasing stresses we
have vosa » v c; therefore, the neck contracts at the rate i - - vs/asi
and a new part of the neck forms from the initial material.
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Fig. 8. Actual nature of stress development and growth of self-oscillations during ex-
tension of PETP at a constant rate.

In the simplest behavior, the oscillations described above may be re-
garded as strictly periodic, of constant amplitude and period and with a
stress-time curve of constant shape. But with increasing compliance* of
the sample the change in stress becomes more complex and a “double” pe-
riodicity appears, where the stress pattern is repeated every other period in
such a way that a very pronounced stress maximum is followed by a some-
what smaller one.

This is illustrated, for example, in Figure 7, while the oscillogram in Fig-
ure 1 exhibits strictly periodic stress oscillations. But these effects most
probably are due to secondary causes; the key problem is, strictly speaking,
the self-oscillation of the deformation process, which is the point of main in-
terest in this study.

First of all, let us determine the conditions under which the periodic os-
cillations arise.  Obviously, if the sample fails because of brittleness before
the neck is formed, no periodic oscillations will ever arise. The initial length
of the samples and the length of the preformed neck are of great importance.
As a matter of fact, self-oscillations arise only when the length of the neck
already formed exceeds a certain critical value characteristic of given rate of
extension and the initial length of the sample. The lower the extension
rate, the higher should be the compliance of the sample (e.g., the length of
the preformed neck or the initial length of sample) for oscillations to arise.

Usually the process develops in the following manner: necking begins
suddenly at a certain strain, after which steady neck formation continues at
constant stress. At this stage the process of necking is stable, since, as ex-
periment has shown, weak external influences (a stream of cold air, weak
mechanical influences, etc.) do not cause undamped oscillation. But after
critical conditions are reached (these being the critical length of preformed

* Here and in the following, by compliance we mean the change in length of the sample
divided by the stress causing the change; the dimensions of this quantity are cm3¥kgf.
If the neck length is large compared to the rest of the sample, the length of the neck al-
ready formed may be taken as the measure of compliance.
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Fig. 9. Regions of deformation conditions corresponding to different regimes of exten-
sion of a PETP specimen.

neck in the sample under consideration) the process becomes unstable.
Hence any weak accidental action can give rise to periodic stress oscillation
and to corresponding periodic changes in appearance of the sample.
This can be seen clearly in Figure 8, where 1lindicates the region before neck
formation, 2, the region of steady neck formation, and 3, the region of self-
oscillations.  Finally, there is a velocity of any arbitrary order of smallness,
at which, under the conditions of the experiment no oscillations can be in-
duced.

All this is illustrated in Figure 9, where the lower line determines the criti-
cal conditions for appearance of self-oscillation. However, even at very
high compliance, self-oscillations will not arise since the stresses developed
exceed the ultimate strength of the sample. This is denoted in Figure S by
the upper line which separates the region of self-oscillations from that of
failure.

Thus, oscillations arise only within a relatively narrow region of experi-
mental conditions, shown for the material under study as a shaded field in
Figure 9. It is obvious that location of this region depends on the proper-
ties of the material and on experimental conditions. Figure 9 indeed repre-
sents a plane section of a three-dimensional diagram, the temperature of ex-
tension being the third coordinate axis.

The compliance of the sample, which determines the conditions under
which self-oscillations occur, can be imitated by the compliance of a spring
connected in series with the sample. This spring may be, for example, the
transducer spring, from the deformation of which the stresses acting in the
sample are calculated (measured).

In the experiments described above, very rigid dynamometers were used,
whose strain could be neglected compared to the extension of the sample.



SELF-OSCILLATION IN NECKING 1027

We also carried out a model experiment, which in the compliance of the sam-
ple was insufficient (according to Fig. 9) for self-oscillations to appear, but a
soft spring was connected in series with the sample so that the total compli-
ance (of sample plus spring) corresponded to the point marked by an asterisk
in Figure 9. This point was selected to fail in the self-oscillation region.
In this model experiment, the periodicity described above was indeed
realized, whereas without the soft spring the sample deformed under steady
necking conditions. It is clear that in samples with a sufficiently long neck,
i.e., possessing high compliance, it assumes role of the soft spring. It
stretches during the period of gradual stress growth, in parallel with very
insignificant neck formation, and contracts at the moment of sharp drop of
the stress and necking of the main part of the polymer (see Fig. 5 and rele-
vant discussion).

Now we shall try to account for the appearance of self-oscillations. A
possible mechanism of this process could be temperature fluctuations and the
corresponding change in mechanical properties of PETP. For this mecha-
nism to be realized one would expect the temperature rise to be a few decades
of degrees. It is usually thought that the glass transition temperature cf
PETP is close to 70 or 80°C; but it will be shown below that a fairly abrupt
change in properties of the PETP sample studied by us begins at approxi-
mately 50°C.

We estimated the true temperatures of the samples in the course of de-
formation by means of organic crystals with melting points within the tem-
perature intervals of interest.  For greater contrast these crystals were col-
ored with nigrosine dye, and the melting point of the organic crystal-nigro-
sine eutectic was determined in a capillary in the usual way. We used mix-
tures of benzotriazole with nigrosine (mixed melting point 90°C) and of ben-
zoic acid with nigrosine (mixed melting point, 110°C). Athin layer of tem-
perature indicators was dusted onto the surface of the film studied. After
extension the film was subjected to a weak current of air. Where crystals
had melted the dye remained on the surface, while the unmelted crystals
were blown away. Then the film was photographed on a black background.
Figure 10 is a typical photograph obtained in this way, the dark band cor-
responding to the transparent section of the film (I in Fig. 3); the light band
with numerous black spots is the opaque white section of the sample (1)
with the resolidified temperature-indicator crystals adhering to it; the grey
band without spots is the cloudy region (I11 in Fig. 3) which completes the
cycle.

Direct measurement with a copper-constantan thermocouple showed the
temperature to be about 90°C. Thus, in some sections of the deforming
sample the temperature may rise by many tens of degrees. At slow exten-
sion rates this does not occur. In the example under consideration at an
extension rate of the order of 43.5 mm/min the maximum temperature may
be up to 90°C. At an extension rate of 435 mm/min it exceeds 110°C, and
on further increase of the rate the maximum temperature reaches 140°C.
It is quite clear from Figure 10 that the region of maximum temperature in-
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Fig. 10. Photomicrograph of PETP film strained with a temperature indicator in a self-
oscillation regime.

crease coincides with the very opaque band (I1). The highest tempera-
tures develop beginning immediately from the boundary between the trans-
parent and opaque regions and fall off on passing from region 11 to region 111
of the cycle.

To show how such a change in temperature affects the properties of the
films, the stress an at which necking occurs is plotted in Figure 11 against
temperature under isothermal conditions at an extension rate of 435 mm/-

I'ig. 11. Temperature dependence of stress during steady necking on extension of
PETP,
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Fig. 12. Dependence of necking stress tm on rate of deformation of PETP, measured
(—-- ) in air and (- -) under water.

min. In contrast to the experiments described above, the data of Figure 11
were obtained for extension of the film under water, which prevented any
substantial local heating of the film owing to the high heat conductivity of
water as compared to air.

It is clear from the material described above that the local increase in
temperature is related to the rate of extension, namely, the higher the de-
formation rate, the greater is the temperature jump. Hence, one would ex-
pect an increase in extension rate to have the same effect as an increase of
temperature on the stress at which necking occurs.  That this is actually the
case is confirmed by the experimental data shown in Figure 12 as a solid
line. At low extension rates, <, increases with the rate because the tem-
perature effects are as yet of no importance. On further increase of the ex-
tension rate, andecreases in a manner analogous to the decrease in anin
Figure 11 with increasing temperature. That this effect is actually due to
changes in temperature and not to the effect of extension rate itself is
proved by determining the dependence of smon the rate under isothermal
conditions. As indicated above, conditions of efficient heat removal could be
attained by stretching under water. The results of such measurements are
represented in Figure 12 by the broken line. The obvious contrast between
the shapes of the solid and broken lines is due to the effect of temperature.

The effect of heat dissipation to the surrounding medium can be elimi-
nated completely by stretching in a high vacuum. We performed such ex-
periments at a gauge pressure of 10~5mm Hg. Though the general picture
of the self-oscillation process remained unchanged, the bands became nar-
rower and sharper as the gauge pressure decreased.
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An interesting confirmation of the difference in mechanism of formation
of the “transparent” and “turbid” sections of the strained sample is offered
by a study of film shrinkage on heating. Experiment shows that only the
transparent section shrinks, whereas the width of the opaque bands remains
unchanged. This means that the formation of transparent sections is re-
lated to imposed elastic strains which develop below the glass transition
temperature, while the opaque bands form by plastic deformation, which is
possible only above the glass temperature.

The transparent and opaque sections of strained PETP samples also have
different structures, the macromolecules in these regions being oriented to
different extents.

Thus, the experiments described above show that the appearance of self-
oscillations on extension of PETP is actually related to local temperature
jumps in the sample, which substantially change the mechanical properties
of the polymer.

The experimental facts described above suggest the following scheme in
the self-oscillation regime of necking. With one end of the sample moving
at a constant speed, its most compliant part deforms. This compliant part
may be a preformed fairly long neck (or soft dynamometric spring). The
strain is elastic and is accompanied by an increase of stress. This is ac-
companied by insignificant neck formation, which may be neglected in the
approximate scheme under consideration. When the stress reaches a cer-
tain limiting (maximum) value, it becomes possible for unoriented material
to pass abruptly into the neck. This moment is similar to attainment of
the yield point in elastic-plastic media. Hence, on attainment of the max-
imum stress, necking begins to develop intensively. This corresponds to
abrupt formation of a transparent band in the neck. The very rapid de-
formation is due to rapid liberation of heat which results in the local tem-
perature jump described above. Therefore neck formation actually occurs
nonisothermally, and a turbid band appears beyond the transparent band.
But the temperature jump causes a drop in stress whereupon necking occurs
(see Fig. 11 and Fig. 12). This iswhat determines the interrelation between
the turbid band formation, the temperature jump, and the drop in stress.
Since the polymer possesses very low heat conductivity, the temperature
jump is of a local nature and the region in which the glass temperature is ex-
ceeded extends only over the narrow opaque band. Then, owing to the
fact that the temperature of the polymer at some distance from the region
of local heating drops below the glass temperature, necking there requires
much higher stresses than are actually present in the material. This causes
a pause in necking, during which the stress slowly increases again and the
most compliant part of the sample is deformed. The process then repeats
itself and becomes self-oscillatory.

Thus, the following factors are critical to formation of periodic oscilla-
tions: rate of deformation, compliance of the sample, and conditions of heat
removal. At a very low rate of deformation the value of a is small and
therefore heating is insufficient for the glass temperature to be exceeded and
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Time fiom ¢/>e stalt of XYoimotion

2D- ‘sec Isec "ise

Fig. 13. Varialion of frequency and nature of self-oscillation will) increase of com-
pliance of specimen, showing (a) high frequency oscillations, 1 min after start of deforma-
tion; (b) relatively low-frequency oscillations, 2‘/2 min after start of deformation; (c)
double periodicity, 31/3min after start of deformation.

self-oscillation is impossible. The higher the rate, the more rapid is the
liberation of heat, and the shorter the time required for the minimum tem-
perature jump needed. Hence, beginning from a certain rate, periodic 0s-
cillations become possible, and their frequency increases with increasing
rate.

The rigidity of the strained part of the sample determines the possibility
of the stress increasing without the sample failing. If the rigidity is very
high, either a steady process becomes possible with a rate of necking equal
to the imposed rate of extension, or the sample may fail on increase of the
stress. But ifthere is a soft element in the system slow increase in the stress
becomes possible, and the softer this element is, the more time will be taken
up by the region of stress increase. The latter is due to the fact that in the
elastic region ais proportional to g and the rate of increase of stress is given
by a~ Vcl/l.

The higher lis (i.e., the greater the compliance), the lower will be the rate
of stress increase. The most obvious manifestation of this relationship is
that the oscillation cycle becomes longer as the sample is extended. This
effect is obviously due to the increase in compliance as the neck grows longer
with developing strain (Fig. 13).

Finally, concerning the role of heat conductivity, according to the scheme
outlined above, self-oscillations become possible because of local tempera-
ture jumps and the abrupt change in properties of polymer on passing
through the glass temperature. If the temperature jump is eliminated, no
self-oscillation can develop. This can be confirmed most vividly by exten-
sion under water to ensure rapid (compared to air) cooling and prevent a
sudden temperature increase. Indeed, when PETP was stretched under
water, no self-oscillation could be induced under any conditions. Even a
weaker influence is sufficient to eliminate periodic oscillation. For ex-
ample, oscillations are usually prevented if the sample is exposed to a stream
of cold air. In this case the critical factor is usually the strength of speci-
men, because the film fails owing to the increase in stress as the preformed
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Fig. 14. Photomicrograph of transverse banding of the types described previouslyl in

PETP specimens.

neck is being extended. The role of heat conductivity can readily be illus-
trated by the following simple experiment. A thin strip of filter paper
moistened with water was laid on the specimen in the initial state at right
angles to the direction of tensile stress at a point sufficiently remote from
the line of transition to the neck. Then deformation was begun in the self-
oscillation regime. Passage of the polymer into the neck occurred
periodically, as described above, but continued only up to the point where
the strip lay. Here the specimen always failed. This experiment shows
vividly that if local temperature jumps are eliminated, self-oscillation in
necking becomes impossible.

The mechanism described gives only a general scheme of the self-oscilla-
tion process without allowance for such details as slow passage into the neck
in the region of increasing stress and more complex structure of the stress -
time dependence than described above. Evidently, these details are sec-
ondary and do not play a decisive part in this phenomenon.

The self-oscillation mechanism of necking was also observed by us on ex-
tension of quenched samples of polypropylene and high-density polyethyl-
ene. The development of the process for these polymers occurs quite an-
alogously to that of PETP. In the case of polyolefins, however, self-oscilla-
tions can be realized only at temperatures below 0°C and at extremely high
rates of deformation.

The self-oscillation regime of necking discussed in this paper should not
be confused with other instances of periodicity arising during deformation,
described in the literature. Thus, a previous paperldescribes in detail the
occurrence of transverse banding of polypropylene and polyethylene at large
strains, just before the specimens failed. The transverse bands had a period
of 1.7-3 . and were due to morphological formations whose origin had noth-
ing to do with the deformation regime. Therefore neither the conditions
of extension nor the temperature were critical for this phenomenon. We
obtained similar transverse banding of approximately the same periodicity
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in the PETP specimens studied. However, certain special conditions are
required for such periodicity to occur; it is easier to obtain, as a rule, upon
further deformation of a previously strained transparent section | of PETP
at right angles to the axis of the first extension (Fig. 14).

Still more profound structural features of polymers are responsible for the
periodicity detected at the electron-microscopic level2-4 (relating to struc-
tural elements about 150-230 A in size.) In both cases the periodicity is
primarily morphological in nature and unrelated to the self-oscillation re-
gime of deformation. The same can be said of periodicity at a definite angle
to the direction of extension,5which appears as a result of plastic slippage in
the direction of the maximum shear stresses. Though all these effects give
rise to periodicity, they develop over the entire sample simultaneously and
have no relation to self-oscillation on extension. They therefore differ es-
sentially from the periodicities studied in this work.

We suggest that this new phenomenon is connected with the effect of
necking of polymers in general. The experiments described are analyzed
theoretically by Barenblatt.6 Starting from the equations of motion and
thermal equilibrium, and adding the relation between stress and tempera-
ture and rate of necking, he showed that at certain values of essential con-
stants the solution of these equations leads to a self-oscillating regime of
neck formation, as it is described above.

Conclusions

The self-oscillation regime observed on extension of polymers, consisting
in periodic variations of stress in the polymer and of its appearance, has
been studied for poly (ethylene terephthalate).

The conditions at which self-oscillations appear on extension have been
determined, and the principal regularities for this regime of deformation are
described. It is established that self-oscillation is related to the effect of
local heating associated with passage of the polymer into the neck. A
mechanism is suggested and studied.
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Diffusion Mechanisms in Solid and Molten
Polyethylene

P. N. LOWELL* and N. G. McCRUM, Department of Engineering Science,
University of Oxford, Oxford, England

Synopsis

Thu diffusion coefficient 1) and solubility coefficient K of small molecules [0 3ll,-,
ClLo, (CFLhC] are determined at very low solute concentrations in annealed linear
polyethylene over a wide range of temperature above and below the melting point Tm.
For measurements above | Mthe specimen was lightly crosslinked by irradiation from a
60C 0 source. The diffusion data fit equations of the form D = Do exp{—AHd/RT\.
An abrupt change in AHDoccurs at Tm: representative values (for C 4H io) are 4.53 an |
14.9 kcal/mole above and below TM At T,,,, Do also changes abruptly: representative
values (for C 4H i») are log DO = —2.65 above TMand log DO = +2.70 below TM The
mechanism of diffusion therefore changes at the melting point. The melt exhibits typi-
cal liquidlike characteristics (negative values of activation entropy ASd) The ratio
ASd/AHd = 3 (/3 denoting the isobaric coefficient of volume expansion) holds below
but notabove IM Equations of the form k = kOexp {7AHh/RT} fit the solubility data.
The log Kversus T~I plots above and below TMmare parallel but separated by a step at
Tm If crystallization followed by annealing is assumed to leave a weight fraction of
polymer ak (the amorphous fraction) in w+ich the solute can absorb and if the specific
solubility coefficient of the amorphous fraction is identical to that of the melt, then log
akequals the magnitude of the step at Tm values of @t determined from the observe!
step are very close to values of amorphous fraction determined by measurement of den-
sity. The solubility experiments support the concept of polyethylene as a two-phase
solid with the amorphous fraction of specific volume equal to the extrapolated specific
volume of the melt. The passage of a solute molecule from one potentialwellto another,
however, occurs by processes in the melt and the amorphous fraction which are entirely

different.

INTRODUCTION

The study of the absorption of small molecules in polyethylene is a power-
ful technique for probing the properties of the amorphous fraction. It is
well known that the solubility coefficient k decreases with increasing den-
sity, which leads to the relation

k = ak* @)
in which a is the weight fraction of amorphous material and k* the specific
solubility coefficient of amorphous polyethylene. The implication of this

* Present address: Royal M ilitary College of Science, Shrivenham , Swindon, W ilt-
shire, England.
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statement is that the crystalline fraction does not absorb small molecules, a
conclusion in complete accord with experimental evidence.1-4

Since the solute absorbs in the amorphous fraction alone, the lines of flow
of the diffusing molecules are determined by the geometrical arrangement of
the crystals. This problem is analogous to the problem of impermeable
fillers in rubber, which has received much attention.5-9 The theory of the
diffusion coefficient D and solubility coefficient of pure rubbers is well ad-
vanced due to the pioneer experiments of Barrel-0 van Amerongen,i
Meares,22 Ryskin,13 and others. In filled rubbers, therefore, the several
theories formulated to describe the flow of solute are, in principle, easily
tested by experiment. For a crystalline and spherulitic polymer such as
polyethylene understanding of the diffusion coefficient is inhibited for two
reasons. First, amorphous polyethylene does not exist in bulk and there-
fore cannot be studied in the pure state. Second, the morphology of the
solid is extremely complex: the amorphous fraction lies in thin lamellae,
tens of Angstroms thick, sandwiched between the lamellar crystals which
are of the order of 100 A thick. In the spherulite this layered structure is
twisted about the spherulite radius. A realistic calculation of the geometri-
cal impedance to flow is obviously extremely difficult. Nevertheless, a for-
mal statement of the problem in terms of a structure or transmission
factor has been of considerable conceptual if not quantitative assistance.
The relationship between the diffusion constant of the semicrystalline poly-

mer D and the intrinsic diffusion constant of the amorphous fraction D*
jg-2,3,14— 16

D = w* @)

in which kis the structure factor (k< 1). The utility of eq. (2) depends on
two hypotheses. First, D* is independent of the crystal volume fraction;
that is to say, D* is truly the intrinsic diffusion coefficient of the amorphous
fraction and is independent of the size of the amorphous layers and of ther-
mal history. Second, for a particular morphology which is determined by
crystallization conditions and subsequent annealing, k is independent of
temperature. The slender experimental evidence, fully supported by the
experiments described in this paper, supports both hypotheses, and we ac-
cept eq. (2) as a basis for the following molecular interpretation.

The coefficient D* is related to the jump-length a of the diffusing molecule
and to «, the mean time-of-stay between jumps, by

D* =\aZ~1 (3a)

in which Xis a constant of order 10-1 which depends on the geometry of the
diffusion step. In the derivation of this elementary equation it is assumed
inter alia that there is no correlation between jumps; that the probability
of a jump occurring in a particular direction is independent of the directions
of the proceeding jumps. It is apparent, however, that in many solids this
is not true. For instance, if the atomic jump takes place through a va-
cancy mechanism the diffusing atom may be more likely to return to the
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previous site than to move in any of the other possible directions. This is
taken into account by writing, I/

H* = (3b)

in which/is the correlation factor. Forsolids,/< 1

According to the theory of reaction rates as applied to diffusion and am-
mended by Wert and Zener,8Bthe temperature dependence of H* is con-
trolled by the temperature dependence of r-1:

t“l= r0lexp{—MIJRT] @
in which
r0 1= nv expjAS/,/HT]

where v is the linear vibrational frequency of the diffusing molecule in its

potential well, n the number of nearest-neighbor potential wells, and As b
and AH Dare the entropy and enthalpy of activation for diffusion. Hence

H* = 1V exp{- AHd/RT] ©)
Ho* = Xabivf exp{A/SB/-ff} ®)

The mechanism of diffusion is best defined in terms of HO* and AHD.
From egs. (2) and (5):

dinH* _ _dinH
R d(I/T) d(1/T)

assuming kand / to be independent of temperature. Thus AHD is deter-
mined by measuring the temperature dependence of D.  Unfortunately, 1V
cannot be determined. Extrapolation of the log D versus T |plotto T~I
= Ovyields log DO.  Since k< 1, it follows from eg. (2) that

AHd U]

Ho* > HO )

Thus a determination of HOis useful in the limited sense that it provides in-
formation on the lower bound of HO*

The objective of the experiments described in this paper was to seek dif-
ferences between the properties of the two noncrystalline phases; the melt
at temperatures above the melting point Tmand the amorphous fraction at
temperatures below Tm  Although the amorphous fraction of the solid can-
not be studied in the pure state, the melt can. In developing the theory of
two-phase (crystalline-amorphous) polymers the classical hypothesis is that
the amorphous fraction is a supercooled liquid. The value of the amorphous
weight fraction a is usually obtained by measuring the specific volume
of the specimen vand then, on the assumption that the crystalline and amor-
phous phases are of volume vcand ta,

a= (V- pos(ya- v 9)
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In the estimation of vathe classical hypothesis assumes a linear relation be-
tween specific volume and temperature above Tmto extrapolate linearly to
25°C to yield va That the procedure is extremely successful cannot be
doubted. That is to say, many diverse pieces of experimental evidence are
fully rationalized on this assumption.  Yet, there are grounds for hesitation
in accepting the model completely. To be specific, is it reasonable for the
interlamellar, amorphous material to possess properties identical to those of
the supercooled liquid? In this sense the model may be seen to be fairly
presumptuous. One way of testing this point is to study properties of the
solid which are dominated by the amorphous fraction. In the experi-
ments described in this paper this is done by studying the diffusion and solu-
bility of small molecules in linear polyethylene at temperatures above and
below the melting point. The molecules selected for study were hydrocar-
bon gases (e.g., n-ChHio) for which the solubilities obey Henry’s Law.

The experiments were performed at very small (oncentrations of solute,
of the order of 1 part in 103by weight. At such small concentrations it is
possible to neglect several complicating factors (such as the interaction of
solute atoms with one another, plasticization, and the dissolution of crys-
tals) which become important at high concentrations.

EXPERIMENTAL

Apparatus

A Sartorius vacuum microbalance was employed to obtain solubility and
diffusion measurements. The solubility coefficient was determined from
the total weight of gas absorbed by the polymer and the diffusion coefficient
D was determined from the rate at which the gas was absorbed. Specimens
of rectangular cross section of varying thickness were studied.

Both the weighing technique for determining D and fci3and also the
principles of the Sartorius vacuum microbalance are well known.1 In this
section we emphasize certain experimental problems which were encoun-
tered and do not present a detailed description of the experimental arrange-
ments.

Figure 1 shown a schematic diagram of the microbalance. The quartz
arm A holds at one end the specimen B (weight approximately 0.5 g) and at
the other end a counterbalance C. The balance is sealed in glass. Both
the specimen tube (D) and the counterbalance tube (E) are coated with a
colloidal suspension of carbon and earthed to prevent the buildup of electro-
static charge. On the most sensitive scale a change in weight of 1 gg in-
duces a change in current of 1 ftA. Measurements were made with a
chart recorder with full-scale deflection (10 in.) equal to 100 gg.

The specimen tube is immersed in an oil bath F having a thermal fluctua-
tion of +0.1°C. In order to suppress temperature surges due to the
heaters switching on and off the specimen tube is surrounded by a metal
baffle G which has its own stirred oil supply heated by conduction from the
main bath. Small temperature surges must be eliminated since they cause
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Fig. 1. Schematic diagram of microbalance.

fluctuations in the density of the gas and hence in the buoyancy, thereby
causing an apparent oscillation in the weight of the specimen.

Convection currents in the specimen tube presented a serious problem.
They were reduced to negligible proportions by inserting a long copper fer-
rule H (Fig. 1) which extended below the oil level. Paper-thin copper fins
within the ferrule restricted the flow of gas and thereby suppressed convec-
tion currents. The wire carrying the specimen passed through a close-fit-
ting hole in the ferrule. Mounting of specimen and ferrule was achieved by
means of a cone and socket joint (not shown in Fig. 1) in the specimen tube
just above the ferrule.

To reduce the time required to desorb gases from the specimen in the mi-
crobalance several desorption chambers were added to the vacuum line.
The specimens could then be desorbed at ambient temperature for several
weeks before use thereby reducing the desorption time required in the
microbalance.

After removal from the desorption chamber the specimen was transferred
to the microbalance and degassed at temperatures up to 90°C. The spec.i-

Fig. 2. Illustration of the course of an absorption experiment: a plot of recorded
weight against time. Att = 0, gas is admitted causing an apparent loss in weight due to
buoyancy. The time-dependent absorption process than commences. The experiment
is terminated when the equilibrium weight of gas, M is absorbed.
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men was considered to be degassed when the desorption rate was less than
1¢ig/hr.  The specimen was then maintained at the required temperature
and measurements of D and k obtained. This was done by admitting gas
to the microbalance to the required pressure, usually 400 torr (mm Hg).
The course of an experiment is illustrated in Figure 2. From the weight in
vacuum m there is an instantaneous weight drop due to increased buoyancy
(of the order of 0.2 mg)  The recorded absorption process yields a time-de-
pendent weight increase M(t) which finally comes to an equilibrium value
M,,. The specimen is then desorbed under vacuum in preparation for the
next experiment.
The solubility coefficient k is calculated from M,, by using the relation-
ship
k = M,,/pm, (10)

where m is the mass of specimen and p is the gas pressure. In obtaining
it is necessary to calculate the buoyant force. The buoyant force cannot be
measured accurately since absorption commences as soon as the gas is ad-
mitted. This leads to a “rounding off” of the recorded weight (see inset
Fig. 2) which inhibits an accurate determination of the buoyant force. It is
therefore necessary to calculate the buoyant force with some precision, since
it is often larger than the weight of absorbed gas. This means that the vol-
umes of the components on both sides of the balance must be known. Gas
densities were obtained by using Hoyle’s law. Temperature-induced
changes in the specific volume of polyethylene were taken into account since
they lead to a buoyancy correction as high as 5% at 100°C.

The diffusion coefficient is calculated by using the standard equations for
absorption of solute into a thin flat strip of thickness L,

m =i_t 8 exp; t i
M. < (Zn + T)ZR2 "1\ 6/(2n ¥ )X
e = 12t (12)

Consideration of eq. (11) shows that fort > 0.3 9 all terms other thann = 0
may be neglected in comparison with experimental error. Hence, for t >
0.36, we write

(11)

1 d, (M, - M(t\
#~ ~ dtlhl{ if. )

The major random error in the determination of D lies in the determination
of the specimen relaxation time 6 from the measurement of the slope. The
relaxation time was calculated by plotting log{ [M,, — M (£)}/*/!/,.} against t
and determining the slope. Then D was calculated from 9 by using eq.
(12). The calculation of D is sensitive to the measurement of specimen
thickness since it appears as a squared value. Thicknesses were measured
with a micrometer to within 0.0002 cm; the mean of ten squared readings
was taken for L2 The specimen thickness was not corrected for thermal
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expansion; this accounted for an error of approximately 3% at 100°C.
The thickness was so chosen that an experiment could be completed within
2 hr.

Materials and Specimen Preparation

Sheets of the linear polyethylene (LPE) resins described in Table | were
compression-molded to a thickness of 60 mils (60 X 1CV3in.). The speci-
mens were then machined to the required thickness. The major problem in
machining was in holding the specimens true and flat. Down to a thickness
of 10 mil the specimen could be held on a vacuum plate. With the thickness
under 10 mils, specimens were warped by the vacuum in a pattern cor-
responding to the holes in the vacuum plate. Specimens under 10 mil
thick were held with double-sided adhesive tape.

TABLE |
Properties of Linear Polyethylenes
Melt ch3
Polyethylene Manufacturer index Mw 103
PE-85 E.l. duPont de Nemours 2.92 1.44 X 105 1
Rigidex Type 2 B.P. Plastics. 0.2 1.7 X 105 1

Measurements in the melt were made with specimens crosslinked by radi-
ation from a @Co source to a dose of 6 Mrad. These specimens were 60
mils thick. Measurenents of D and k in the melt were found to be inde-
pendent of radiation dose for the doses studied (below 20 Mrad).

The amorphous fraction awas determined from measurements of density
by Archimedes method at room temperature. Values of va = 1.171 cc/g
and vc = 1.001 cc/g were used to obtain aA3'5 [eq. (9) ]

The gases used in the study were ethane, cyclopropane, butane, and
neopentane and were supplied by Air Products Ltd. The stated purities
were 99%, 99.9%, 99.99%, and 99.87%, respectively. The ethane, which
was relatively impure, was used only in the preliminary experiments out-
lined in the next section.

RESULTS

It was necessary early in the experimental program to establish a stan-
dardized procedure for preparing the specimen surface. According to Eby,D
specimens as-molded yield higher values of D than specimens whose surfaces
have been machined. Eby attributes this fact to the existence of an
oriented surface layer in the specimen as-molded, through which the solute
passes more rapidly than in the bulk. On the other hand, Michaels et al.2L
report that permeabilities in films having oriented surface layers ranging
from 4 to 25% of the total film thickness were the same. The machining of
thin specimens of polyethylene is an awkward procedure, and we were relue-
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tant to undertake it lightly. Nevertheless it seemed essential to do so if
Eby’s findings were correct and so the preliminary experiments described in
the following section were initiated.

Surface Orientation

Four specimens were compression-molded from resin PES5 (see Table 1):
two of thickness 15 mil and two of 30 mil.  One specimen of each thickness
was quenched from the melt and one cooled at a moderate rate. The den-
sities of the four specimens are given in Table Il together with the fractional
thickness of the surface layer. The fractional thickness is equal to the sum
of the two surface layers divided by the total thickness of the specimen.
The thickness of the surface layer was obtained by the study of microtomed
sections using a microscope with crossed polaroids.  Since the thickness of
the surface layer varied along the film, an average of ten readings was used
to determine the fractional thicknesses given in Table I11.  Specimens were
cut from each sheet and annealed in a nitrogen atmosphere at 124°C to es-
sentially equal densities. Specimens were not studied in these experi-
ments in the unannealed state.

TABLE 11
Specimen Densities and Fractional Thicknesses of Surface Layer
Initial density, Annealed density,
Specimen3 g/cc g/cc Surface layerb
15Q 0.939 0.964 0.42
35Q 0.948 0.964 0.26
15MC 0.954 0.966 0.13
35MC 0.961 0.965 0.18

3 The specimen code numbers indicate roughly the thickness of the specimen (in mils)
and the crystallization procedure (quenching or cooling from the melt at a moderate
rate).

bThe thickness of the surface layer is taken as the average of ten measurements along
the surface.

The experimental procedure was as follows. (1) The temperature de-
pendence of D to ethane gas at 400 torr was measured for each of the four
films. A higher temperature range was used for the thicker specimens to
keep the experimental time to periods of the order of 1 hr. (2) The speci-
men was removed from the microbalance and a layer greater than the thick-
ness of the largest surface layer (4 mils) was removed from each side of the
specimen by machining. (3) The density of the specimen was measured.
A negligible increase of 0.001 g/cc over that of the total film was normally
observed: density values in Table Il are prior to machining. (4) D was
again measured for each of the films.

The results of the investigation are plotted in Figure 3 as log D against
1/T. The most important result is that the diffusion coefficient is reduced
(by ~10%) in all cases when the surface film is removed. Other results of
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T°C

Fig. 3. Dependence on T~I of diffusion constant D for CsHe in linear polyethylene
showing effect of removal of the surface layer: (----) specimens with surface layer;
(--) specimens with surface layer removed by machining. All specimens annealed to
essentially constant density (see Table 11). Quoted thickness values for as-molded
specimens prior to removal of surface film.

interest are: the values of D for quenched and annealed specimens exceed
(by ca. 100%) those for slow-cooled and annealed specimens, despite the
fact that the densities are essentially equal; also, the activation energy for
diffusion both before and after removal of the surface layer is 10.6 keal/
mole.

It is clear from the results that the surface layer affects the measured D:
in the following experiments care was taken in all cases to machine the sur-
face of the specimen to remove the oriented surface layer.

Sorption in Molten and Solid Polyethylene

The intention in these experiments was to study the absorption and diffu-
sion of three different gases in polyethylene from room temperature up to
temperatures well above Tm Preliminary experiments showed that be-
tween 100°C and Tmthe time required for the specimen to reach thermal
equilibrium was quite long. We studied, therefore, the absorption of a
single gas, (C3H9 in LPE up to 160°C leaving the specimen at each tem-
perature for the time necessary to achieve equilibrium, (in some instances in
excess of 4 hr). Having established the general pattern of behavior it was
then possible to confine measurements on the solid to temperatures between
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20 and 90°C: that is to say, to avoid taking measurements between 100°C
and Tm in which range the attainment of thermal equilibrium was ex-
tremely time-consuming due presumably to crystal premelting. Equilib-
rium above Tmwas achieved rapidly.

Figure 4 shows a plot of log k versus T~I for the absorption of CJh in
LPE. Below Tm measurements were made on an annealed specimen (p =
0.965 g/cc), 35 mils thick and irradiated to a dose of 12 Mrad. Measure-
ments were begun at the lowest temperature and then at successively higher
temperatures. The specimen was held at temperature before commencing

Pc
180 180 140 10 10 60 60

Fig. 4. Temperature dependence of the solubility constant k for C3TT6in linear poly-
ethylene above and below the melting point. Measurements taken at successively in-
creasing temperature.

the experiment for sufficient time to attain thermal equilibrium. Equilib-
rium was judged by agreement (or lack of agreement) between repetitive
measurements of k.  Measurements of log D versus 7'~ are plotted in Fig-
ure 5. From these results it is apparent that the pattern of behavior of
both D and k can be obtained by measuring from Tmup to 1G0°C and, for
the solid, in the range 20-90°C. Measurements for the other gases studied
were confined to these ranges of temperature.

Figure 6 shows a plot of log k versus T~I for the absorption of C3Hr,
CHI10 and C(CH34in LPE. Below Tm measurements were made on ir-
radiated, annealed specimens 20 mils thick machined from a 60-mil compres-
sion molding. The density of the specimen used for CH6and C(CH?3)4was
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T°C
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Fig. 5. Temperature dependence of the diffusion constant D for C3H6in linear poly-
ethylene above and below the melting point. Measurements taken at successively in-
creasing temperature.

p = 0.967 g/cc and for Cdho, p = 0.965 g/cc. Values of the heat of solu-
tion AHK,

Ah n dInk
d@T)
were obtained from the data of Figure 6 and appear in Table I1l1. Up to a

pressure of 300 torr the solubility was found to obey Henry’s law.

Figure 7 shows a plot of log D versus T~1 for the diffusion of the three
gases in LPE. The temperature dependence of log D is taken to be given
by eq. (5). Values of A//Dare listed in Table IV together with the constant
term D,, Diffusion was found to obey Tick’s first law at all temperatures;

TABLE 11l
Heats of Solution of Hydrocarbon Gases in Molten and Solid Linear Polyethylene
Molten polymer Solid polymer
AHMm (£ std. AHK (£ std.

Gas deviation), kcal/mole log kO deviation), kcal/mole log ka
C3H6 -3.53 £ 0.03 -0.2154 -3.89 = 0.03 -1.194
n-Cdho -4.38 = 0.06 -0.4092 -4.77 £ 0 09 - 1.418
(CH3)4AC -4.30 * 0.32 -0.2538 -4.49 = 0.10 -1.187
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160 140 120 100 80 60 40

Fig. 6. Temperature dependence of the solubility constant k of C3H6 C4119 and (CID-iC
in linear polyethylene above and below the melting point.

D was independent of pressure up to 300 torr. In both Figures 6 and 7, al-
though measurements were not taken just below Tm the log k and log D
versus T~I plots are drawn to exhibit steps in accordance with the experi-
ments described in Figures 4 and 5.

T°C
160 140 120 100 80 60 40

Fig. 7. Temperature dependence of the diffusion constant D of C3H§ C-itho, and (CLI13)4C
in linear polyethylene above and below the melting point.
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TABLE IV
Activation Enthalpies and Values of log Da
for Molten and Solid Linear Polyethylene

Molten polymer Solid polymer
AHd™ (£ std. AHd' (%
deviation ), deviation), AHd™
Gas kcal/mole log D, kcal/mole log DO AHd-
CjFT6 4.02. + 0.39 -2.79 13.7 + 0.24 2.26 0.29
/;-CAHD 4.53 + 0.50 —2.65 14.9 + 0.05 2.70 0.30
(CILAC 6.43 £ 0.29 - 1.93 209 = 0.77 5.90 0.31

The log k versus T~1 plot exhibits a strikingly simple pattern. Doth solid
and liquid states yield negative values of A//* which, for a particular gas, are
essentially equal (Table 111).  Asimple explanation of the course of melting
follows at once. Take the solubility constant of the polyethylene melt, km
to be equal to the specific solubility of constant amorphous polyethylene k*.
More precisely, take the value of km(T) extrapolated to temperature T
below Tm [see Fig. 6, data for (CH34C] to be equal to k*(T):

Hypothesis 1:

km(T) = k*(T)
It follows from eq. (1) and Hypothesis I that,

logas = log k(T) - log km(T) (15)

so that the magnitude of the drop in log k on crystallization is equal to the
amorphous fraction. Values of ak obtained from eq. (15) are compared in
Table V with values of amorphous fraction determined by density, (hence-
forth designated ap). The extrapolation of the kmdata below the melting
point was performed using computer techniques. The 95% confidence
limits of ak are also shown in Table V. Normally, density values may be
reproduced to £0.0005 which leads to a scatter in apof ca. £0.003.

It will be seen from Table V that apis very close to but systematically
greater than ak. The origin of this small discrepancy is discussed below in
the Discussion.

TABLE V
Values of Amorphous Fraction Determined by Solubility Technique
(ak) and Density (ap) for vp = 1.171 cc/g, vO = 1.001 cc/g

Specimen density p

Gas molecule (at 25°C), g/cc ap ah
CH6 0.967 0.19.5 0.177 +0.002
n-C4H10 0.965 0.207 0.172+0.010

(CH3),C 0.967 0.195 0.161+0.024
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Dependence of k on Amorphous Fraction

In the previous section the plot of log k versus 71-1 was found to exhibit a
step at Tm~I of magnitude approximately equal to the amorphous fraction.
This result is based on Hypothesis I. A second check in the validity of Hy-
pothesis | may be performed by measuring the effect on k of variations in ap
produced by annealing and then obtaining k* by using eq. 1

A quenched specimen of LPE (Rigidex 2) was degassed in the microbal-
ance at 90°C, and measurements of k were made between 90 and 60°C for
the gases CH6and CHiQ The specimen was removed from the microbal-
ance for a density determination at room temperature, replaced in the mi-
crobalance, and annealed at 95°C for 10 hr, after which k was measured be-
tween 90 and 60°C.  The specimen was removed from the microbalance for
a density determination and then replaced. The sequence of annealing in
5-10° increments, measurements of k between 90 and 60°C, and density
determination at room temperature was continued until the specimen had
had a final annealing at 130°C.

In Figure 8, k determined at. 80°C is plotted against apfor the gases CH6
and ChHio. The lines drawn in Figure Swere obtained from the data by the
least squares method, as were the values of k* (80°C) recorded in Table VI.

Fig. 8. Dependence of the solubility constant k (determined at SO0°C!) on amorphous
fraction ap for CH6and n-C4H10.
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TABLE VI
Values of k* and kmat 80°C
Gas k*, fig/g cm Ilg" km My/g cm ligh
CsHs 80.7 £ 3.5 93+ 2
W-CiH 10 176.5 £ 37.8 201 £ 11

aDetermined by extrapolation.
b Extrapolated to S0°C from data above Tm.

Values of kmextrapolated down to 80°C are also given in Table VI. It will
be seen that kmslightly exceeds k* for both CH6and C4H1 The origin of
this systematic difference is also discussed below.

DISCUSSION

Surface Orientation

It is clear from the results above that the removal of the oriented surface
layer lowers the observed diffusion coefficient of a specimen.  This result is
in agreement with the conclusions of Eby.D The contrary conclusions of
Michaels et al.2ZLare probably due to the use of the time-lag technique which
has a larger experimental error than the microbalance technique.

The result that the values of D for quenched and annealed specimens ex-
ceed those for slow-cooled and annealed specimens is in agreement with ear-
lier observations which, stated briefly, are as follows. 212 (1) If a series of
specimens is prepared with regularly decreasing density (by regularly in-
creasing rate of crystallization) then D will be found to increase with de-
creasing density. Clearly, in the molded specimen, the greater the amor-
phous fraction, the greater the value of D. (2) If this series of specimens
is then annealed to achieve equal density, the measured values of D for all
specimens increase. The values of D after annealing are not equal: the
greater the value of D prior to annealing, the greater the value of D after
annealing. The amorphous fraction in the annealed specimens is not now7
the determining parameter. The best explanation is that annealing-
causes recrystallization which increases the structure factor k D* in eq. (2)
remaining constant.

The result that the activation energy for diffusion, both before and
after removal of the surface layer, is 10.6 kcal/mole is of considerable inter-
est, since it show's beyond doubt that the basic diffusion act, at the molecular
level, occurs independent of crystal geometry and amorphous fraction.
According to the two-phase model this result is observed because a change in
crystal geometry changes the structure factor but not the character of the
amorphous polyethylene through which the flow7occurs. That is to say, D*
is independent of crystal volume fraction whereas kis a complex function of
the initial conditions of crystallization and of subsequent recrystallization.
In drawh polyethylene this is not true; annealing changes both D* and k23
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Absorption

The difference between the heat of solution of melt (AHkm) and solid
(AH/) is small (Table I11). For the gases, CHE CHig and (CH34C, the
difference between AHkmand AHksamounts to 9, 8, and 4%, respectively.
These values are taken to be in accord with the prediction for dilute solu-
tions that the heats of solution for ideal mixtures should be controlled by the
heat of condensation of the solute and independent of the physical state of
the solvent.

It will be seen in Table V that the values of amorphous fraction deter-
mined from density apexceed slightly the values obtained from solubility
ak. The amorphous fractions determined by density exceed those deter-
mined by solubility by 1.8, 3.5, and 3.4% for the gases CH6 CHiQ and
(CH34C, respectively.

The simplest explanation of this discrepancy is that the specimens con-
tained a small void content.24 The effect of a small void content is to de-
crease the apparent p (and hence increase ap with no effect on k (and hence
no effect on ak).

A second explanation is that the values of the constants vc and v&are
incorrect.  The most suspect constant is of course v&

A third explanation is that Hypothesis I, which is the basis for the deter-
mination of ak, is not exact. It is clear from the approximate agreement
shown in Table V that Hypothesis | is at least qualitatively correct. It
could well be, however, that quantitative examination of Hypothesis | will
show it to be systematically in error so that the derived ak values are too
low.

Of these three explanations we favor the first. A void content of ca.
0.3% would lower the apparent ap from 19.5% to a value of 17.7% (the
latter being the value of ak determined for CH6 for which the 95% confi-
dence limits are tightest). The second explanation would imply vato be
greater than 1.171 cc/g. The third explanation (lack of precision in Hy-
pothesis 1) we do not reject. Nevertheless, in our opinion it seems more
likely that a small void content in the polyethylene specimens is the major
factor causing the systematic difference between apand ak.

The presence of a small void content also explains satisfactorily the sys-
tematic differences shown in Table VI between k* determined at 80°C (by
extrapolation of the k versus apdata, Fig. 8) and kmdetermined at 80°C
(by extrapolation of the k versus T~ 1data for the melt, Fig. 6).

The linear extrapolation of the volume-temperature curve of the melt to
room temperature has been questioned by Swan, Mandelkern et ah,®5
and by Schultz and Ivavesh.Zz28 At room temperature the specific volumes
quoted are vc = 0.994Z7Band 1.00 cc/gDand va= 1.12Z2Band 1.11 cc/g.B
The amorphous fractions obtained by using these values of vc and ca are
considerably larger (approximately 50%) than the ak and apvalues shown
in Table V.

The solubility determination of amorphous fraction is of course entirely
based on Hypothesis | and to this extent, it is not possible to attack the
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specific volumes given by lvavesh and Schultz and by Mandelkern et al.
Thus it could be argued (to gain agreement with Kavesh and Schultz or
Mandelkern et al.) that the absorption coefficient of the amorphous fraction
of the solid k* is less than the extrapolated melt value km Values of k*
equal to approximately 0.7 kmwould bring the solubility determination into
agreement with the density determination based on the specific volumes of
Kavesh and Schultz and of Mandelkern et al. There is no a priori evidence
which would lead us to accept a value for k* equal to kmas being more
likely than a value for k* equal to 0.7 km  Nevertheless the acceptance of k*
equal to kmis the simplest assumption and is certainly in satisfactory agree-
ment with the accepted value of the specific volume.

Diffusion

An empirical relationship between log DOand AH Dhas been found to hold
for many rubbers and diffusing gases by Barrel-, D Barrer and Skirrow,2
and van Amerongen.® Self-diffusion in inorganic systems obeys an analo-
gous relationship derived from an elastic continuum model by Keyes.3.

ASd/AHd = 4d (16)

in which @is the isobaric coefficient of volume expansion. Lawson2 has
applied this equation to the diffusion of small solute molecules in organic
amorphous polymers with considerable success. In calculating ASn, Law-
son assumed essentially \nvf = 102sec-1 and a = 10 A. To facilitate
comparison we accept these values and calculate the values of ASB and
(ASD AHd) shown in Table VII. For the solid, the values of (ASD AlID
are in excellent agreement with a measured value of40 = 1.4 X 10_3°C_1*
For the melt there is no agreement whatsoever: the entropies are in fact
negative in two cases. It is of course an assumption that a simple reaction-
rate equation, eg. (5), is applicable above Tm There are theories of diffu-
sion in low molecular weight liquids which lead to temperature dependence
different from eq. (5).24 None of these theories however, has found sup-
port and we have therefore confined discussion to the application of eq. (5)
to the results above as well as below T m. We were unable to make use in
analysis of the theory of Cohen and Turnbull®owing to imprecision in the
definition of free volume in molten polyethylene.

There is no doubt that the mechanism of diffusion changes radically at
the melting point. This change is seen both in the abrupt changes in AHD
and in DOas well as in the ratio (AS,,/AHD. It isclear that the parameters
affecting the movement of the diffusing molecule in the melt are entirely
different from those in the amorphous fraction of the solid.

For the gases studied in these experiments the ratio of the activation en-
thalpies for diffusion above and below 1 mvary from 0.29 to 0.31 (Table IV).

*Eby has found reasonable agreement between this value of 4/3 and values of (AS/
AH) for the mechanical y relaxation.33 For the purposes of this comparison we choose
0 to be the coefficient of the bulk specimen and thus bypass the finer question whether
or not 0 for the amorphous fraction alone is the more appropriate parameter.
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TABLE VII
Comparison of Entropies and Enthalpies of Activation
for Diffusion between Solid and Melt

Melt at 150°C Solid at 50°C
asb, d/&Hd, AS D, &Sd/

Ohs cal/mole-°C °C*1 x 103 cal/mole-°C °C-1 X 103
Clb -3.6 -0.91 19 1.4
/i-CATL -3.0 - 0.66 21 1.4
(ciya 0.3 0.05 36 1.7

VanAmerongcniRobserved ratios of activation enthalpies above and below
Tmfor the diffusion of hydrogen, nitrogen, oxygen and carbon dioxide in
gutta-percha which ranged from 0.68 to 0.83. The explanation of the de-
parture of the ratio from unityJis that as the specimen is cooled below Tm
(ca. 50°C), the specimen continues to crystallize thus contributing a large
term to the apparent enthalpy of activation. This may well be true in
gutta-percha but cannot hold for linear polyethylene under the experimental
conditions described in this paper. All the specimens were annealed, typi-
cally at 124°C for 10 hr, and then cooled slowly to room temperature. The
measurements of D and k were made in the range 30-80°C and were repeat-
able. Other considerations, such as volumetric studies, make it certain that
for these annealed specimens and in the temperature range 30-S0°G there
was no additional recrystallization or annealing.

It will be shown elsewhere8by an adaption of the theory of Wert and
ZenerBthat the measurements of D for »-C4H10support the hypothesis that
the y mechanism in linear polyethylene is a platzwechsel mechanism involv-
ing the passage of small groups of atoms across a potential barrier from one
equilibrium position to another. The best available evidence for the y relax-
ation is that it occurs in the amorphous fraction3¥’ 4 and is a cooperative
mechanism involving the correlation of molecular segment rotationfand free
volume.8 If this is so, the process must be similar to the diffusion of a small
n-paraffin molecule of size equal to the size of the relaxing group. The en-
ergy required to create a hole and to bring the n-paraffin molecule to the
saddle point should be close to that required to create a hole and to bring
the polymer relaxing group to the saddle point. It will be shown that the
activation energy of the 7 relaxation (11-15 kcal/mole) is very close to
AH Dfor C2 C3 and C4n-paraffins in linear polyethylene (12.5, 13.6,Band
14.9 kcal/mole). The argument is also supported by comparison of mea-
sured values of log D for n-CHiOand values of log whax (ojnax value of fre-
quency of maximum mechanical tan 8).

CONCLUSIONS

The diffusion characteristics of small molecules in molten polyethylene
and in the amorphous fraction of the solid are quite different. The amor-
phous fraction exhibits higher activation enthalpy and higher DOthan the
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melt: that is to say the melt shows liquidlike characteristics when com-
pared with the amorphous fraction. It is clear that the properties of the
solute molecule at the saddle point between potential wells are entirely dif-
ferent in melt and amorphous fraction. The equilibrium propertes of the
absorbed molecule in its potential well in both melt and amorphous frac-
tion are identical. This is shown by the close agreement between the solu-
bility coefficient of the melt and the specific solubility coefficient of the
amorphous fraction. The solubility experiments support the concept of
polyethylene as a two phase solid with the amorphous fraction of specific
volume approximately equal to the extrapolated specific volume of the melt.

The authors wish to thank Professor A. Charlcsby and Mr. P. J. Fydelor for irradiating
specimens, Professor ,1. M. Schultz for the communication of results before publication
and Mr. A. 1). LeClaire for comments on the manuscript. The work was supported by
the Science Research Council.
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Emulsion Polymerization of Styrene in a Single
Continuous Stirred-Tank Reactor

ANDREW W. DeGRAFF* and GARY W. POEHLEIN,f Department of
Chemical Engineering, Lehigh University, Bethlehem, Pennsylvania 18015

Synopsis

The effects of mean residence time, initiation rate, and emulsifier concentration on
particle formation, particle growth, and polymerization rate are examined for the emul-
sion polymerization of styrene in a completely mixed continuous stirred-tank reactor.
Experimental measurements of number of particles, particle size distribution, polym-
erization rate, and molecular weights are compared with theoretical predictions. A
theoretical model which incorporates Stockmayer’s modification of the Smith-Ewart
theory into the particle growth equation allows reasonably accurate prediction of polym-
erization rate, particle formation rate, and particle size distribution. Agreement be-
tween experimental measurements of number-average and weight-average molecular
weights and a theory based on Smith-Ewart case 2 kinetics is also reasonable.

INTRODUCTION

A continuous stirred-tank reactor (CSTR) consists of a single vessel
equipped with a mechanical agitator to provide rapid mixing of the inflow-
ing reagent streams. Polymerization studies in a CSTR can be useful for
two reasons.  First, the results can be applied to the design of commercial
systems. Second, the data can be more discriminatory than batch data
for the elucidation of some process mechanisms.

Large-scale continuous systems have been used in polymer production
for more than twenty years. Early papers describe the synthesis of rub-
bers1-3and poly(vinyl chloride).4 More recent work has involved styrene,5
methyl acrylate,5 ethylene,6 vinyl chloride,7 and copolymers of ethylene
and vinyl chloride.8

Continuous processes are destined to become more important in the
future.9 Growing production rates will provide economic incentives.
Other factors, such as reduced product quality fluctuations and the ability
to manufacture products difficult to produce in batch reactors will provide
additional impetus toward continuous operation.

The potential differences in product characteristics can be extremely im-
portant for reactor designers who may face the task of designing commercial

*Present address: Jaekson Laboratories, E. I. duPont de Nemours & Co., Deep-
water, New Jersey 08023.
t To whom correspondence should be addressed.
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continuous systems on the basis of laboratory data obtained from batch
reactors. For example, Wall and co-workersOhave shown that differences
in molecular composition heterogeneity can be expected between copoly-
mer products from batch reactors and CSTIt’s. Graessley and Nagasub-
ramanian1l have demonstrated that molecular size characteristics of the
products of the two kinds of reactors can be different if branching reactions
are important. We have found that the latex particle-size distribution
in the product of a CSTR is different from a batch reactor product.

The second motivation for the use of continuous tank reactors in labora-
tory studies results from the ease and accuracy of analyzing a steady-state
process. As early as 1947 Denbigh12 discussed the advantages of using a
“homocontinuous” reactor for polymerization studies. The differences
between a single CSTR and a batch reactor are significant in emulsion
systems. The theory proposed by HarkinsI3 and Smith and Ewart# for
batch reactions includes three intervals: the first that of particle forma-
tion, the second the growth of particles swollen at equilibrium with mono-
mer, and the third that of polymerization of the remaining monomer in the
partially swollen particles. In a CSTR operating at steady state, particles
are formed continuously in the presence of many existing particles. The
data obtained from such a system includes the rate of particle formation
along with a rather complete knowledge of the state of the reaction mix-
ture which yields this rate. Possibly a more complete understanding of
particle formation rates can be obtained from such data.

A second major difference between batch reactors and CSTR’s is the
time for particle growth. In a batch reactor almost all particles are formed
at low conversions, and they grow rather uniformly until all the monomer is
polymerized. The particles formed in a CSTR, however, leave the reactor
with broadly distributed ages. This, of course, leads to a different latex
product.

The theoretical model for a CSTR presented in this paper is an attempt
to explain the performance of such a reactor for the emulsion polymerization
of styrene. Studies are continuing with other, more water-soluble, mono-
mers.

THEORY

The mathematical model presented in this paper was, to a large extent,
given by Gershberg and Longfield5in a paper which has not been published
in the open literature. We have altered the original derivation by remov-
ing an unnecessary assumption, by expanding the particle-size distribution
theory, and by including consideration of molecular weights. The frame-
work of the theory is rather general. Some of the specific relationships,
however, will probably require modification as more experimental data be-
come available, especially for monomer systems more water soluble than
styrene.

The theory is applicable only when the mean residence time is much
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larger than the average time between the entry of free radicals into a par-
ticle.  All of the data presented meet this criterion.

Particle Generation

Polymer particles could conceivably be formed by several mechanisms.
Free-radical oligomers in the aqueous phase could diffuse into micelles as
Harkins suggested. Also, the growing oligomer chains might become sta-
bilized by adsorbed surfactant before or after coalescence or termination
with similar chains in the aqueous phase. Many of the free radicals ini-
tiated in the water phase, however, will eventually be absorbed by existing
particles instead of forming new particles. The particle formation rela-
tionship in eqg. (1) is equivalent to Smith and Ewart’s model, which as-
sumes that the free radicals would be divided between particles and micelles
in direct proportion to surface area:

N = RiBNA(AtasSNA) Q)

where N is the particle concentration, /?, is the rate of free radical initiation,
d is the mean residence time of reagents and particles in the reactor, NA
is Avogadro’s number, S is the total surfactant concentration, asis the area
occupied by one molecule of adsorbed surfactant, and At is the area that
could be covered by the unadsorbed surfactant, which may exist in the
form of micelles or as molecularly dissolved species.

The simple relation given in eq. (1) will probably not account for all the
foregoing particle initiation mechanisms. As will be demonstrated later,
however, it does provide a reasonable model for styrene polymerization.

Particle Growth

The growth of emulsion polymer particles, at least for styrene, is quite
well understood. Early experimental studies by Roe and Brass®b and
Vanderhoff and co-workersT7 and subsequent theoretical treatments by
StockmayerBand O'Tooleld make eq. (2) a widely accepted growth rela-
tion:

dv/dt = 4urhir/dl = 2G[M]w 2

where V is the particle volume, r is the radius, t is time, [M] is monomer
concentration in the monomer-swollen polymer particle, K\ is a constant
dependent on the monomer, the amount of monomer swelling of the poly-
mer particles, and reaction conditions, and n is the average (in a time sense)
number of free radicals in the particle.

If the particles are small, corresponding to Smith and Ewart’s case 2
model, n is 0.5, and the volumetric growth rate dV/dt is constant. When
the particles become larger, n increases above 0.5 and the growth rate ac-
celerates; n might also be greater than 0.5 during the very early stages of
growth. If particles are formed according to the Harkins mechanism
they would contain one free radical from the instant of formation until the
second enters with subsequent termination.
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Equation (3) was derived by Stockmayer for the case in which free radi-
cals do not desorb from the growing particle:

n o= (al4) [70(a)//1(a) ) (3)
where
a = (8V/ktD'h

kt is the termination rate constant, 10{a) and 1\{a) are Bessel functions of
the first kind, and r is the average time between successive entries of free
radicals into the particle. This equation does not account for n > 0.5
during the early stages of growth but it does predict the accelerating growth
for large particles.

Residence Time Distribution

The distribution of residence times in a completely mixed stirred-tank
reactor is given by:

<70 = d~le~ti0 )

If one assumes that particles are formed uniformly throughout the reac-
tor, eq. (4) also describes the age distribution of the particles in the latex
product. Zwieteringd gives a more complete discussion of the relations
between residence time and age distributions.

Particle Size Distribution

The distribution of particle sizes can be derived from egs. (2) and (4).
A simplified solution is obtained for the ideal case in whichn = 0.5. In
this case. eq. (2) can be integrated analytically to give particle size as a func-
tion of age:

r3= rB+ (SAT[M)/STnt )

where rQis the particle size at t = 0, the instant of particle formation. For
those who prefer the Harkins model, rOmay be considered the micelle size,
or it could represent a critical nucleus size. In either case rOwill be small
relative to r and it can safely be neglected for all but small values of par-
ticle age t.

The distribution of particle radii U(r) can be obtained by combining egs.
(2) and (4) to obtain:

TTM _ {70
\dr/dt\ Q

= d~le~t/ofiirrt/K \[\I Jn)

If egs. (5) and (6) are combined and n is assumed to be 0.5, the following
relation is obtained for U (M)

u{r) = (Sr22Ai[M]0) exp j-S7r(r3- roSAMMI? )



EMULSION POLYMERIZATION OF STYRENE 195)

or if
r0« 0
ur) = K2-exp {—K2Z3'0\ (8)
where
K2 = 8*-/«![M]O.
The cumulative distribution function which is the usual quantity em-
ployed for plotting experimental data is given by eq. (9).

o)y = f u(r)dr
JO

1.0 —exp {—K>3;i\ 9

If the particles grow large enough for n > 0.5, Stockmayer’s relation,
eq. (3), must be used to determine the relation between r and t.  This cal-
culation is straightforward when numerical techniques are employed on i
digital computer. Details are given by DeGraff2l

Number of Particles and Polymerization Rate

Equation (1) for the number of particles has one undetermined pa-
rameter, Af. This free surfactant is the difference between the surfactant
charged and the surfactant adsorbed on the surface of the polymer particles
as given by:

Af = asSNA - (10)

where rip, the area of the polymer particles can be evaluated from a knowl-
edge of the particle size distribution as given by:

/» ©

=N 30 4uar*U(r)dr (1)

Substituting the relation for [/(?) of eq. (S) into this expression and carry-
ing out the integration gives the following expression for rip:

e = 3.61X(3/2fi)VW (12)

rip

Combining egs. (12), (10), and (1) and evaluating the parameter K>, gives
a final equation relating N to the reactor variables:

- = 1.0+ (aoRfi/ad5)[k,[MW(~ «i[M])}5 (13)

where is the propagation rate constant, a0 = 3.85 (MOVvY/z, m = MA'm
X 10-3, MO0is the monomer molecular weight, and Vv and Fmare the spe-
cific volumes of polymer and monomer, respectively. Equation (13) is writ-
ten in dimensionless form. The quantity, 1 —ai[M], is the volume frac-
tion of polymer in the particles swollen with monomer.
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The rate of polymerization Rv for a Smith-Ewart (S-E) case 2 system is
given by:

R, = kv[M\N/'2NA (149)

Combining egs. (13) and (14), therefore, yields a dimensionless rate equa-
tion:

Rfikp[M]/2Rp = 1+ (a0Rfi/ass){tp[MIe/a - &[M])}v* (15)

As was true in earlier developments, if some particles grow large enough
for n > 0.5, a numerical solution which incorporates Stockmayer’s equation
can be obtained on a digital computer.

Molecular Weight Properties

Two major factors contribute to the distribution of molecular weight in
the latex product from a CSTR. First, the stochastic process for the entry
of free radicals into particles leads to molecular size variations among par-
ticles of similar size. Second, the distribution of particle sizes leads to
large predicted differences in average arrival rates of free radicals, with the
larger particles capturing free radicals at a faster rate than small particles.
This fact causes an added broadening of the molecular weight distribution.

Katz et al.22 considered the problem of molecular size distribution of
polymer being formed in a monodisperse particle system. They showed
that the ratio Xw X n, of the weight-average to number-average degree of
polymerization, for the case of coupling termination, varies from 2.0 for
small particles (Smith-Ewart case 2 polymerization) to 1.5 for large par-
ticles (bulk polymerization). Their derivations assumed that the mean ar-
rival rate of free radicals and the mean rate of chain growth were not time
variant. Thus, in a batch reactor the predictions of Katz et al. would
only apply to the polymer formed in the midconversion ranges.  Such is not
the case, however, with a steady-state stirred-tank reactor, where the
conditions assumed by Katz et ah, with the exception of particle mono-
dispersity, do exist.

In the derivation which follows, the results of Katz et al.2 for Smith-
Ewart case 2 polymerization will be expanded to include the polydisperse
latex product of a CSTR. We begin with eq. (16), which describes the size
distribution of the polymer being formed in a particle of radius r:

f(x) = (B/G) exp {—Bx/G} (16)

where x is the degree of polymerization, B is the mean rate of free radical
arrival, and G is the mean rate of radical propagation. We note that Xw
X nis 2.0 for this distribution and that B would be equal to RINA/N for a
monodisperse latex.

If the latex is polydisperse, B becomes a function of particle size (i.e.,
of r).  The nature of this functionality depends on the model chosen for the
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movement of free radicals into particles. If one assumes a uniform radical
uptake per unit of surface area eq. (17) applies.

B = (RINAIN)(r2{r2) 17

where (r2 is the expectation of r2
If, on the other hand, one applies continuum diffusion theory, which pre-
dicts diffusion flux proportional to 1/r, B is given by:

B = (RINA/N) (r/(r)) (1S)

The basis for eq. (18) was presented by Flory.Z The derivation given by
Flory assumes a steady-state concentration gradient with spherical sym-
metry within an infinite container. Gardon2suggested that these assump-
tions are not valid and used a model based on Brownian motion to predict
that particles absorb radicals at a rate proportional to their surface, i.e..
as predicted by eq. (17).

In order to determine the overall distribution of molecular sizes in poly-
disperse systems one must “weight” the contributions of all particles.
Such a weighting is given by:

M = (RtNJN) JC(:) Bf(x)U(r)dr (19)

This relation assumes that the rate of polymer production (on a mass
basis) is not a function of particle size; i.e. asin Smith-Ewart case 2 polym-
erization. We note that/(.r) is a number distribution and that, on a num-
ber basis, those particles with the higher radical-arrival rates are producing
polymer molecules at a faster rate. These molecules, however, have a
smaller mean size. Thus the polymer produced in the larger particles
should have the lowest molecular weight.

Although the concept of some sort of distribution of free radical flux ac-
cording to particle size is widely accepted in the literature, molecular weight
data are somewhat confusing. Morton et al.5found that 400 and 800 A
particles fractionated from the same latex had the same molecular weight.
Williams and Granciobfound that molecular weight increased substantially
during periods of constant growth rate for monodisperse polystyrene latexes.
They suggest that radical utilization efficiencies of less than 100% may be
responsible for such observations.

In contrast to batch reactors, the steady-state nature of a completely
mixed CSTR will eliminate extraneous effects due to possible changes in the
reaction mixture. Thus the distribution described by eg. (19) should char-
acterize the latex product from a CSTR unless our mechanistic concepts are
incorrect.

If a specific model is chosen for the free-radical arrival rate B, the dis-
tribution /(.r) can be used to calculate X nand X,, via the standard tech-
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niques of probability theory. The use of eq. (17) for B leads to the follow-
ing results:

I, = <>= NG/RJf. = GI(B) (20)
= <> = 4.84G/(B) 1)

Thus XwW X n= 4.84, considerably larger than the value 2.0 predicted for
monodisperse systems. If the diffusion model as represented by eq. (IS)
is used for B, the number-average degree of polymerization is the same, as
given by eq. (20). The weight-average however is different and is given by:

Xw= 1.88K 2lix 22)

Thus Xw X nfor this model is not a single numerical value, but a function
of the variables K< G, and B. A qualitative comparison of the two models,
however, shows that the following relation will exist for all operating con-
ditions.

2.0 < XJXn < 484 (23)
Monodisperse  Continuum  Equal flux
latex diffusion model
model

Equation (23) follows directly from the fact that in the diffusion model,
smaller particles are more efficient, on an area basis, as collectors of free
radicals. This difference in efficiency will, in a relative sense, decrease the
average molecular size differences between particles of different sizes.

EXPERIMENTAL

Reactor System

A flow diagram of the experimental apparatus is shown in Figure 1
Two separate feed streams, monomer and a water solution of initiator and
surfactant, were fed at a constant rate by Milton-Roy duplex volumetric
pumps. These pumps maintained a set volumetric feed-rate ratio* for
water solution and monomer. The reactor had 480 ml working capacity
and was stirred by a flat-blade paddle rotating at about 190 rpin. The
feed tubes, temperature controller, and nitrogen purge line provided ade-
quate baffles to insure good mixing. The assumed exponential distribution
of residence times was confirmed with experimental salt-tracer studies.

The reactor and raw material storage tanks were blanketed with nitrogen
to prevent oxygen retardation. The effluent emulsion was collected and
continuously stirred in a vessel containing the inhibitor hydroquinone. Ex-
perimental runs were continued for at least eight mean residence times to
assure steady-state operation. The polymerization rate, as measured by
monomer conversion, had reached a steady-value well before this time;

*Monomer/water ratios in the reactor feeds varied from 0.43 to 0.67 but in most runs
were around 0.54.
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normally between two and three mean residence times. The conversion
in all runs was below 50%; low enough to assure the presence of a free
monomer phase in the latex product and therefore an equilibrium monomer
concentration in the growing latex particles.

Raw M aterials

Styrene was supplied, with inhibitor, by the Dow Chemical Company.
The inhibitor was removed by multiple washing with 5% caustic as out-
lined by Boundy and Boyer.Z The initiator, ammonium persulfate, and
the surfactant, sodium lauryl sulfate, were supplied by Fisher Scientific
Co. Numerical values for the rate constants and other independently
measured variables are listed in Table I. These values were used for all
theoretical calculations. The experimental data obtained in this work were
not used to determine the value of any of the variables appearing in the
theoretical equations.

The experimental studies of Gerrens and Kudiner/” and of Gershberg
and Longfield-5which are discussed below involved the same raw materials
except for the surfactant. Gershberg and Longfield used a GR-S type
emulsifier, and Gerrens and Kuchner used a Mesolate emulsifier. Values
for the adsorption areas of these materials are also given in Table I.



1961 DEGRAFI** AND POEIILEIN

TABLE |
Experimental Constants
Constant
V,, cmVg 0.95
F... em7g 1.13Y)
u,, AVmoleeule
Sodium lauryl sulfate" @l
(j11-S type emulsifierl N
Mersolale emulsifier' 42
1M1, mole/1.'1 >2
/5, 1./mole-see'l
Al 50°0 125
Al 70°C 265
Al 10()°C 975
M 1./mole-seed
At 5()°C 2.1 X 105
At 70°C 7.2 x 106
Initiation rate R, = 2241]0
ki, I./secf
At 40°C 2.2 X 107
At50°C 1X io-«
At70°C 2.33 X 10’6
At 100°C 1.4 X 10“3

* DataofBrodynan and Brown.'28

'*“Dalaof(iershbergand Longfield.15

" Dataof (ierrensand Kuchner.5
DataofVan DerH off.«

“ [1] isin units of mole/1.

1b ata of Miller anil Kulthoff.30

Measurement Techniques

Particle number, particle size distribution, rate of polymerization, and
the number-average and weight-average molecular weights were measured
as outlined below.

Particle size distribution and particle concentration were measured with
an electron microscope. The samples were prepared by the technique sug-
gested by Maron et al.*1 The resolution of the electron microscope was
limited to particles larger than 80-100 A. This measurement is somewhat
inaccurate for experimental runs at low residence times because theory
predicts a number of particles below 100 A in diameter. Light-scattering
measurements were used to check the electron microscope values for more
than 30 samples. A light-scattering diameter was calculated from the
distribution function obtained from the electron microscope measurements.
These diameters were then compared with the measured light-scattering
diameters. The average percentage difference (absolute value) was 9%.
One must remember, however, that light scattering places more weight on
the large particles. Thus, this comparison does not assure accuracy of the
electron microscope measurements in the small size range.
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Rate of polymerization was measured by gravimetric analysis. The
polymer product was coagulated, dried in a vacuum oven and weighed.

Number-average and weight-average molecular weights were deter-
mined with a calibrated gel-permeation chromatograph unit (Air Products
and Chemicals Inc.). The results from GPC were checked by light-scat-
tering measurements in our laboratories for three samples. The light-
scattering values were higher with an average deviation of +6.7%.

RESULTS AND DISCUSSION

Particle Size Distribution

The prediction of particle size distribution in the product from a CSTR
requires less knowledge about the process than is necessary for the theoreti-
cal calculation of any of the other dependent variables such as: rate of
polymerization, number of particles formed, molecular weights, etc. If
stochastic variations and particle coalescence do not substantially influence
the distribution, it may be calculated from a knowledge of the distribution

PARTICLE DIAMETER (A)

Fig. 2. Particle size distribution.

of residence times and a particle growth equation. Equations (S) and (9)
for the differential and cumulative distributions result from a theory based
on the Smith-Evart case 2 assumptions: that is, n = 0.5, and thus tbe
volumetric growth rate of all particles is constant and equal.

If some particles in the latex grow large enough for n to become greater
than 0.5, Stockmayer’s relation can be incorporated into the particle-growth
equation. Stockmayer’s model predicts that n will increase with particle
size and thus the volumetric growth rate of a particle will also increase with
size. For the limiting case of very large particles (bulk kinetics) Stock-
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mayer’s modification predicts that volumetric growth will be directly pro-
portional to particle volume, i.e.,

dv/dt « V
or (24)
dr/di c »

We were not able to obtain a closed solution for the particle size distribu-
tions similar to egs. (8) and (9) for the modified particle-growth theory.
These distribution functions were, however, evaluated numerically on a
digital computer. The procedure for obtaining the numerical solution in-
volved first assuming values for N and (?), the number of particles, and the
average radius. Then Stockmayer’s relation was used in eq. (6) to calcu-
late the particle size distribution. This was followed by the calculation
of N and (r) with the use of egs. (1), (10), and (11). If the calculated
values of (r) and N did not agree with the previously assumed values, the
assumptions were altered and the procedure repeated until convergence was
obtained.

Figures 2 and 3 show a comparison between the experimental cumulative
particle distribution and the predictions of the two theories, i.e., eq. (9) for
the S-E case 2 theory and the numerical solution for the Stockmayer modi-
fication. Both theories show good agreement with the experimental data
for the run with the short (15 min) mean residence time, as is shown in
Figure 2. The difference between the two theories is more pronounced at
the longer (59 min) mean residence time (Fig. 3) because larger particles
are formed. Since these larger particles contain, on the average, a higher
number of free radicals and thus experience more rapid growth, the experi-
mental particle size distribution is skewed toward the large end. The
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model based on S-E case 2 kinetics does not predict this behavior but the
model which includes Stockmaver’s modification does agree with the data.

I’igure 4 shows the influence of mean residence time on the breadth of the
distribution. The breadth increases at larger mean residence times be-
cause of the broader distribution of residence times and because of the pro-
duction of larger particles with n > 0.5. The use of the modified theory for
particle growth would be even more important for prediction of particle

size distributions in processes involving several stirred tanks in series.
Continued particle growth after the first reactor could lead to particles
with even larger values of n.

Particle Formation and Polymerization Rate

Rate of polymerization and particle-number predictions of the S-E case
2 model are given by egs. (13) and (15). The relation assumed for particle
formation, eg. (1), can be rearranged to a dimensionless form similar to
egs. (13) and (15) as follows:

RDNa/N = 1+ (Ap/Ai) (25)

Gershberg and Longfield (15) suggested a comparison of this equation with
egs. (13) and (15) to show that the second term on the right side of egs.
(13) and (15) has simple physical significance. It represents the ratio o:
surfactant adsorbed on the monomer-polymer particles to the unadsorbed
surfactant. If this ratio is small («1.0), the number of particles formed
and the rate of polymerization are directly proportional to both initiation
rate and mean residence time. The emulsifier concentration has no elfect
under such conditions because all initiated free radicals become stabilized
particles.
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Fig. 5. Emulsifier effects on particle formation and polymerization rate.

Qo M O=8

Fig. 6. Influence of mean residence time on particle formation and polymerization rate.
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Fig. 7. Initiation effects on particle formation and polymerization rate.

The conditions necessary to maintain Av/Ai 1 are usually so im-
practical that just the opposite is normally true; that is:
AJAt» 1

In this case etp (13) reduces to:
= (a»SNAaQ{kp[M}eNl ~ A[M]}“77, (26)

Thus polymerization rate and number of particles formed are directly
proportional to surfactant concentration and to the —2A potver of the mean
residence time. Initiation rate has no influence.

If the polymerization conditions are outside the S-E case 2 range, the
above equation will be somewhat inaccurate. Particles for which n > 0.5
will grow larger than predicted and thus consume more adsorbed soap than
predicted. Under these conditions, the theory of DeGraff,2Lwhich includes
the Stockmayer growth relation, will predict the formation of fewer par-
ticles than is in accord with the S-E case 2theory. The total rate of polym-
erization can be expressed as:

Up = (kPIM]/NANN @7)

Since decreases in N result from increases in n, the rate of polymerization
may not decrease.

Figures 5, 6, and 7 show the influence of surfactant concentration, mean
residence time, and initiation rate on particle formation and polymerization
rate. Experimental measurements follow the trends of both theories but
quantitative agreement is not always good.

Differences between theory and experiment can be due to several factors.
First, the model for particle formation based on area ratios might be in-
accurate. Second, the parameters such as rate constants, surfactant area
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Fig. S. Particle number correlation.

coverage, monomer concentration, etc., used in the theoretical equations
might be incorrect. Third, experimental errors could be significant in
some measurements, especially those involving particle numbers and size
distributions at small values of the mean residence time.

Equations (13) and (15) are written in dimensionless form and thus sug-
gest a convenient method of comparing experimental results obtained by
different investigators over a wide range of experimental conditions. Fig-
ures Sand 9 show experimental data from this work, those of Gerrens and
Kuchner,5and those of Gershberg and Longfield compared with the S-E
case 2 theory which is represented by the 45° solid line. The dimensionless
groups used are defined by egs. (28)-(30).

T = RAINAN @,
(aoRfi/ajrlk'iyiwQ- - «[M])}"* (29)
T, = Rflkp[\M]/'2R, (30)
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| + 12

Fig. 9. Polymerization rate correlation.

Nearly all the data points in Figure S fall above the 45° line of the S-E
case 2 theory, indicating that fewer particles are measured than predicted.
Both experimental errors and deviations from the theory cause changes in
this direction. Data on rate of polymerization (Fig. 9) lit the theory better
because the experimental measurements are more accurate and because
deviations from S-E case 2 kinetics involving smaller N and larger n tend
to cancel, as eq. (27) suggests.

Considering the numerous possibilities for errors in components of the
theoretical calculations and in the experimental measurements, the agree-
ment theory and experiment is acceptable. Certainly the expanded theory
is adequate for reactor design calculations.

Molecular Weight

The number-average molecular weight can be evaluated from eq. (20).
The weight-average molecular weight, however, depends on the free-radical
diffusion model [eg. (17) or eq. (18) ], the size of the particles, and the sig-
nificance of the n > 0.5 phenomena at and shortly after particle initiation.
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The weight-average molecular weight could be as large as 4.84M,,
if S-E case 2 conditions prevail and the radical diffusion flux is constant
[eq. (17)]. A number of factors, however, will tend to reduce Mw below
4.S4M First, the diffusion flux may be as described by continuum theory,

(1), INITIATOR CONC., gms/100 gms H0

Fig. 10. Influence of initiation rate on molecular weights.

Fig. 11. Influence of surfactant concentration on molecular weights and rate of poly-
merization.
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Fig. 12. Influence of surfactant concentration of molecular weights and rate of poly-
merization.

eg. (18). Second, the distribution of polymer being formed in particles
large enough for n > 0.5 will be narrower than that being formed when n ~
0.5 as indicated by Katz et al.2 Third, the theoretical development in-
cludes particles downto r = 0. Experimental work indicates that a newly
formed particle is substantially larger than r = 0. Thus the high molecular
weight material which theory predicts for extremely small particles will not
be present in the product.

Figures 10-13 show the influence of initiation rate, surfactant concen-
tration, and mean residence time on molecular weight. The theoretical
predictions were computed completely from the equations derived. Pre-
dicted, not measured, value of N, R, etc. were used in the molecular weight
equations.

Since R, does not exert an influence on the number of particles formed or
on the rate of polymerization, one would expect a linear decrease in Mn
with increasing Rt. The agreement shown in Figure 10 supports this ex-
pectation. Mn and Mmincrease with surfactant because more particles
are formed to share the free radicals being generated. Figures 11 and 1
show this effect for two polymerization temperatures (50 and 70°C).

Figure 13 shows the effect of mean residence time on molecular weight.
The agreement between experiment and theory is reasonable at large values
of 6 but poor for low values. This type of behavior is not restricted to
molecular weight but is also observed for particle concentration and polym-
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Fig. 13. Influence of mean residence time on molecular weights.

erization rate (see Figs. Gand 7). Molecular weight predictions are high,
however, even if experimental values of N are used for the calculation.
Thus errors in molecular weight cannot be solely attributed to incorrect
predictions of N.

Differences between measured values of particle concentration N and
theoretical predictions could, in the absence of other data, be attributed to
experimental errors in counting small particles. Such should not be the
case, however, for polymerization rate or molecular weight measurements.
The explanation of the low predictions for small mean residence times prob-
ably lies in a better understanding of particle formation phenomena and
reaction conditions in newly formed particles and in the water phase.

The experimental values of the ratio MW M naveraged 3.07 for 37 runs.
This value is considerably less than 4.84 and suggests that the constant-flux
flux model [eg. (17)] may not describe free radical movement into polymer
particles.

The kinetic and physical-chemical parameters listed in Table | were ob-
tained from the sources indicated. The values given for several of these
parameters can be questioned. The theory presented is based on the as-
sumption that af, the adsorption area per surfactant molecule, is indepen-
dent of particle size. While this assumption is probably valid for most
particles it could be questioned for micelles and very small particles.

The k, value taken from Van Der Hoff2 may be too high. Gardon2
discusses this point in some detail. He recommends a kt value about ten
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times lower. A lower kt would make the differences between DeGraff’s
theory and S-E case 2 theory even more pronounced than those reported.
That is, fewer particles would be formed but they would be larger. The
rate of polymerization would not be greatly effected but the MwWM n
ratio would become smaller.

CONCLUSIONS

The expanded theory of DeGraff can be used for prediction of particle
size, particle formation, and rate of polymerization for emulsion polymer-
ization of styrene in a CSTIt at moderate to large values of mean residence
time, if conversion is low enough to assure equilibrium swelling of the poly-
mer particles. Although the number-average molecular weight can be pre-
dicted with reasonable accuracy the ratio MWM nwas not as high as pre-
dicted. The present work does not provide enough information to pin-
point the reason for this difference between theory and experiment.
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Crystallinity and Conformational Changes in
Poly (/3-benzyl L-Aspartate)

HIROKO OBATA and HISAAKI KANETSUNA, Research Institute
for Polymers and Textiles, Kanacjawa-ku, Yokohama, Japan

Synopsis

The crystallinity of poly (0-benzyl L-aspartate) is highly variable, in a series of speci-
mens prepared under various conditions: films cast from chloroform solutions at various
evaporation rates, films cast comparatively slowly from chloroform-trifluoroacetic acid
solutions, films prepared from dichloroacetic acid solution by treatment with ethyl
alcohol, precipitates formed from trifluoroaeetic acid solution by addition of ether.
Film cast slowly from chloroform is in the highly crystalline wform. In contrast, the
conformation of the benzene rings in the a helix obtained from the a helix by heating is
distorted to some extent in comparison with the structure of the highly crystalline u
form. Crystallization and conformational changes from the a to the a form, and from
the @ to the /3form upon heating, are correlated with the dispositions of the side chains,
the packing of the benzene rings, and the motion of the side chains. The main chain of
the a helix is distorted into the a form when its side chains are in a favorable conforma-
tion. The a helix is stable in the disordered conformation, and it is distorted to some
extent at high temperature.

INTRODUCTION

It is well known that poly (/3-benzyl L-aspartate) (PBLAsp) forms a
left-handed a helix,12 which is converted into the ® helix by heating.
According to conformational studies,3 the w helix is characterized by
tetragonal stacking of benzyl groups around the helical core, and the con-
formation of the side chains is more ordered than in the a helix, but varies
a little from one sample to another. Moreover the coexistence of the
tetragonal phase with the hexagonal one in a concentrated solution in
w-cresol suggests that intermolecular interaction, especially the packing
of benzyl groups, is an important factor in the transition from the a
form to the wform.4

On the other hand, since a similar transition has been observed in
poly (/3-methyl L-aspartate)6and some of its copolymers with PBLAsp, it
has been suggested that the a helix is destabilized by the interaction of the
side-chain ester group with the main chain, and thus is readily distorted
by close packing of the benzene rings into tetragonal stacks.6

The variability of the conformation of PBLASsp is of great interest in
view of questions of structure and molecular motion in polypeptides. In
this study, conformational changes of the main chain and the side chain
were examined by means of infrared spectroscopy. Most of the samples
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were films prepared by casting from chloroform solution at various evapo-
ration rates. A discussion of the interrelations among conformation,
crystallinity, and molecular motion is based, in addition, on the results of
DSC thermograms, dielectric measurements, x-ray diffractometry, and
dilatometry.

EXPERIMENTAL

PBLAsp was obtained from Pilot Chemicals Inc. The molecular
weights of samples used were in the range 1.8 X 10bto 25 X 105 The
following types of specimens were prepared : (1) films cast from chloro-
form solutions at various evaporation rates, (2) films cast from chloro-
form-trifluoroacetic acid solutions, (3) films prepared from dichloroacetic
acid solutions by treatment with ethyl alcohol, (4) precipitates formed
by adding ether to solutions in trifluoroacetic acid.

Infrared spectra were measured with films (or KBr disks for precipi-
tates). The x-ray photographs were obtained with Ni-filtered CuKa
radiation. Spacings were calibrated by aluminum powder. The DSC
thermograms were measured under nitrogen, at a heating rate of 8°C/min
and a sensitivity of 2 meal full scale, and corrected to correspond to 4 mg
specimens. The dielectric measurements were carried out in the range of
—50 to 150°C at 1 keps. The dilatometrie measurements were carried
out with about 1 g of film.

PREPARATION OF SPECIMENS: CONFORMATIONS

Films Cast from Chloroform Solution

Films, a few microns thick, were prepared by casting from dilute
chloroform solutions at room temperature (25-30°C). Evaporation was

3600 2800 1800 1600 1400 1200 1100 800
Frequency (cm'l)

Fig. 1 Infared spectra of films cast from chloroform solutions: (a) quick-dried film;
(6) moderately slow-dried film; (c) slow-dried film.
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controlled in evaporating dishes at various rates from the most rapid
(allowing the solution to stand in the open) to slow drying for about 10 hr
(covering the dish with a Kre-Wrap film). Infrared spectra of the films
are shown in Figure L The amide | and Il bands for quick-dried film
are at 1667 and 1557 cm“], respectively, indicating the a conformation

Thickness )

Fig. 2. Intensities of absorption bands vs. thickness for the a and the w standard
films prepared from chloroform solutions by quick drying and slow diying: (O) a
film; ()ojfilm.

Fig. d. Variation of Rmand Ils with fraction of the a form for superimposed a and &
standard films.

Fig. 4. Relation between Cmand CBfor films cast at various rates from chloroform
solutions.
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Fig. 5. X-ray diliraction patterns of films prepared from chloroform solutions by (a)
quick drying, (b) moderately slow drying, and (c) slow drying and (cl) a film cast from the
mixed solvent system 1:1 TFA-chlorofomi. Flat camera, with beam normal to the
film (a, b, o-l, and d) and beam parallel to the film (c-2).
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TABLE |
X-Ray Reflections from Poly(;8-benzyl 1-Aspartate) Films Cast Slowly from Chloroform
=0 =1
hk d d
10 13.83 4.97
n 0.79 4.67
20 6.90 4.27
2 6. 19 3.99
22 491 3.42
30 4.(J 3.42
M 4.35 3.42
3.82 3.11
40 3.45 2.91
1 3.34
42 3.07 2.66
43 2.76
50 2.44

For film dried under intermediate conditions (dish covered with a per-
forated film), the bands corresponding to the w conformation appear at
1677 and 1537 cm-1 together with the a bands, while only the u bands
are observed in a slow-dried film.  Other interesting changes are observed
in the bands associated with the benzene ring at 756 and 740 cm-1. The
intensity at 740 cm-1 decreases, and the intensity at 756 cm®“lincreases
as a result of slower drying, until the latter band is virtually alone in the
slow-dried case. The extent of conformational change of the main
chain and the side chain were estimated from the band intensities for the
amide Il and the benzene ring in the following way. The quick-dried
and the slow-dried films were used as standards for the a and the w forms.
The intensities of these bands vary linearly with the thickness of the film
(Fig. 2). The band peak intensities at 1557, 1537, 756, and 740 cm-1
were measured for pairs of standard films by laying the a film over the
wfilm.  From the results, intensity ratios Rmand Rs were calculated.

Rm= 11S57/(dI557 “F /1537) @)

Rs ~ 7740//756 (2)

The ratio R,, corresponds to the apparent fraction of the a form, and R, to
the change in the conformation of the benzene rings. Both Rmand Rs
were plotted against the fraction C of the a form (Fig. 3). Apparent
values of C corresponding to Rmand Rs are represented respectively by
Cmand Cs, which were used as conformational parameters of the main
chain and the side chain to characterize the structure of films.

The correlation between Cmand Cs for films cast from chloroform at
various evaporation rates is shown in Figure 4. The corresponding x-ray
diffraction patterns in Figure 5 become sharper as evaporation is carried
out more slowly. When the photographs were taken with the beam
parallel to the surface of the films, a meridional 1.5 A reflection was ob-
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served for both the quick-dried and the moderately slow-dried films,
although it was weaker in the latter case. However, a 1.3 A reflection
was observed in the slow-dried film. Table I gives the reflections of the
diffraction photograph shown in Figure 5c-2 for the slow-dried film.
Within experimental error, the spacings are in accord with « patterns
studied by Bradbury et al,3 The corresponding dimensions are given in
Table 1.

Films Cast from Chloroform Solutions Containing
Trifluoroacetic Acid

Casting is more complicated in the mixed-solvent system. When the
amount of trifluoroacetic acid (TFA) is very small, at least below 1%,
the films resemble those cast from pure chloroform, except that the mole-
cules tend to aggregate to form locally oriented films. Large amounts of
TFA, however, prevent crystallization. According to the broad amide
bands in the infrared spectra, a film cast quickly from chloroform con-
taining 2% TFA is composed of a mixture of a, (3 and random conforma-
tions, but a large fraction of the material changes into the a helical form
during moderately slow evaporation. When the amount of TFA is
large, the solvated molecules aggregate readily to form locally oriented
and nonuniform films. The x-ray patterns of these films, especially the
reflections corresponding to the 5.4 A layer line, are very diffuse. An
x-ray photograph of film cast from 1:1 TFA-chloroform (by volume) is
shown in Figure 5d.

Films Prepared from Dichloroacetic Acid Solution by
Treatment with Ethyl Alcohol (DCA-Alcohol Film)

A dichloroacetic acid solution spread on glass was immersed in ethyl
alcohol to form a film, which was then washed several times with fresh
alcohol. Most of the filmis in the a form, although a small amount of the
Bform was detected by means of the infrared spectra. The x-ray diffrac-
tion pattern is very diffuse, like that in Figure 5d, although in this case it
is not oriented.

Precipitates Formed by Addition of Ether to Dilute TFA
Solution (TFA-Ether Precipitate)

Very broad amide bands in the infrared spectrum and very diffuse
Debye rings, especially around 17-13 A, were observed, indicating a mix-
ture of various conformations.

CONFORMATIONAL CHANGES AND CRYSTALLIZATION
BY HEATING
Infrared Spectra

Figure 6 shows the variations of Cmand Cs for heated films. Films
A and B were cast from chloroform solutions by quick drying, and film
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Temperature (°C)

Fig. 6. Variation of Cmand C, for heated films at various temperatures. A, B and
C denote chloroform-cast films heated for Id min. Films A, B, were prepared by quick
drying and C by moderately slow drying. L>is the DCA-alcohol film heated for 5 min.

C by moderately slow drying. Films A and B are about 1 and 5 /athick,
respectively, and the former was rather quickly dried. Values of Cm
fall off sharply in the region of 90-110, 100-120, and 110-140°C for
films A, B, and C, respectively. Values of Csdecrease in the same regions
and begin to drop further at about 170°C. These values decrease to
smaller values in the slowly dried films. Another conformational change
was evidenced in the infrared spectra. The bands of the /3form are dis-
tinguishable at 1S0°C and become stronger with increasing temperature,
until the /3 conformation prevails above 210°C.

The decreases in Cmand Csfor the DCA-alcohol film D occur mainly at
110-130°C and are smaller than those noted above. In comparison with
films cast from chloroform, the conversion to the {3form begins at lower
temperature, about 160°C, and Cs begins correspondingly to increase
near 200°C.

X-Ray Diffraction

Figure 7 indicates the effect of heating on the x-ray patterns. For the
quick-dried film from chloroform, the diffraction patterns are not par-
ticularly sharp at 140°C (Fig. 7a-l1). However, the spacings of the
Debye rings change from 5.15 to 5.00 A and from 13.7 to 13.85 A, and
the meridional 1.5 A reflection is replaced by the weak 1.3 A reflection in
this temperature region. The diffraction patterns are considerably
sharpened after heating at 190°C (Fig. 7a-3).
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a-1 (140'C) a-2 (170"C) a-3 (190"C)

b (140'C) c (190°C)

Fig. 7. X-ray diffraction patterns of heated films at various temperatures for Jo min,
(fiat camera, with beam normal to the films): () film cast quickly from chloroform, (b)
film cast from 1:1 TFA-chloroform, (c) DCA-alcohol film. (Samples in & and bare
the same respectively as in 8, din Fig. 5).

In it film cast from tlie TFA-cliloroform system, the diffuse x-ray pat-
terns become sharper at lower temperature than in the pure chloroform
system; for instance, they are considerably sharpened at 140°C for the
1:1 cast film (Fig. 76). The diffraction patterns of DCA-alcohol film
(Fig. 7c) become slightly sharper after heating at 170°C, but even more
sharp at 190°C, although still not so sharp as those of the film cast from
chloroform.  The x-ray patterns of TFA-ether precipitates do not change
upon heating at 130°C, but become slightly sharper at 170°C, and still
more sharp at 190°C. The diffuse ring at 13-17 A splits into two rings,
17.6 and 13.7 A, at 170°C.

DSC Curves

In the DSC curves of the films cast from chloroform (Fig. 8), an exo-
thermic peak is observed at 110°C for the quick-dried film (Fig. So),
and it broadens and shifts to higher temperature with progressively
slower drying. This peak is followed by a broad exothermic peak at
170-200°C. Both exothermic peaks are not detected clearly in the slow-
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Fig. S. DSC curves of chloroform-cast film. Evaporation is slow on going from a to
¢, anil parameters Cmand C, are given in the figure.

Temperature (°0)

Fig. 0. DSC curves: (a) film cast from the 1:1 TFA-chloroform system, (h) film
cast very slowly from chloroform solution containing 2GC TFA; (c) DCA-alcohol
film: (d) TFA-ether precipitate.

dried film (Fig. 8e). An endothermic peak at 210°C for the quick-dried
film shifts to higher temperature and becomes sharper for slow drying.
In the case of the film cast from 1:1 TFA-chloroform by volume (Fig.
9a), the temperature of the exothermic peak is lowered to 98°C. When
a mixed solution containing TFA is evaporated for a long period, DSC
curves change irregularly. For instance, with 2% TFA and drying for
about three days, the exothermic peak at 107°C is rather sharp and the
endothermic peak shifts to lower temperature at 197°C (Fig. 96). The



1986 OBATA AND KANETSUNA

DSC curves of both the DCA-alcohol and the TFA-ether precipitates
(Fig. 9, 9d), show an endotherm around 90-100°C. This is followed by
very broad exotherm and endotherm.

Dielectric Measurements

Figures 10 and 11 show tan 5at 1 kcps for films cast from chloroform
with quick and slow drying. The behavior of the dielectric dispersion
depends upon the evaporation rate and heat treatment. The tan 5
maximum is at 50°C for the quick-dried film, and its height decreases
after heating to 150°C. The corresponding dispersion maximum appears
at 30°C for the slow-dried lilm, and becomes very small upon heating to
150°C.

Fig. 10. Dielectric dispersion (at 1 keps) for film cast quickly from chloroform: (O)
first run; (e) second run.

Fig. 11. Dielectric dispersion (at 1 kcps) for film cast slowly from chloroform: (O) first
run; (e) second run.

Specific Volume

Figure 12 shows curves of specific volume versus temperature for the
o lilm cast from chloroform. The measurement was repeated after the
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Temperature (°C)

Fig. 12. Curves of specific volume vs. temperature for a form cast relatively slowly from
chloroform: (O) first run; (*) second run.

sample had been raised to 150°C in the first run. A large inflection is
observed around 130°C in both curves, and small inflections at o and
50°C in the second run.

DISCUSSION

The structure of films cast from chloroform depends upon the tem-
perature and the rate of evaporation. Although the temperature de-
pendence has not been studied in detail, the conversion from the a to the
© helix by slow evaporation was found to be rather difficult at 5-10°C.
According to the infrared spectra and x-ray photographs, the quick-dried
film is in poorly crystallized a form, but the a helices are converted into
o helices by slower evaporation, and for the slowest rate, into highly
crystalline @helices. The conformational changes of the main chain and
the side chains in this process can be estimated by the parameters Cm
and Cswhich indicate the extent of distortion of the main chain and of the
orientation of the benzene rings.

According to a study7 of a blend of polyCy-benzyl L-glutamate) with
polyCy-benzyl D-glutamate), the 740 cm-1 band due to the benzene ring-
shifts to higher frequency when the interaction between benzene rings
becomes strong and nearly merges with another band at 756 cm-1 attribut-
able to the benzene ring. This frequency shift was also observed in
PBLAsp films, as shown in Figure 1. The parameters Cmand Cs for
films cast from chloroform at various evaporation rates are in an almost
1:1 relation, indicating that the orientation of the side chains corresponds
to the distortion of the main chains. The changes in some values of
Cs, however, are considerably smaller than those of Cm suggesting that
extensive orientation of the benzene rings is not strictly necessary for this
distortion.

For the film cast from chloroform, crystallization by heating is divided
largely into two processes, reflected by exothermic regions at about



Y OBATA A\D K\ETSUNA

90-170°C and 170-200°C in DSC curves. The dielectric dispersion at
50°C is evidently caused by the thermal motion of poorly crystallized
side chains. According to the values of C,, and Cs, and the x-ray pat-
terns, the main chain is distorted with the change in the packing of the
benzene rings at about 90-140°C. The increase in the tan 5corresponds
to the large inflection around 130°C in the specific volume curves. In
NMR measurements,8 the decrease in the second moment above 350°K
was explained as due to the onset of motion involving the rotation of
whole side chains. As the side chains gradually crystallize near 170°C
with an increase in the motion in this case, it is expected that the restricted
motion of the bulky side chains in close packing continues, and the rear-
rangement becomes more ordered in the region above 170°C, in which
Csdecreases further and the x-ray patterns become considerably sharper.
However, Cs is still larger than Cmin this region. Thus, the benzene
rings are partly disordered, and this disorder depends upon the original
crystallinity.  Although the behavior of the dielectric dispersion of the
slow-dried film has not been studied in detail, close packing may be in-
complete when the solvent has evaporated, but heating may permit im-
proved packing without further conformational changes. This effect
of heating is observed in the specific volume curves.

On the other hand, the Bform is detected increasingly from 1S0°C on,
and the conformation is entirely in the /? form above the endothermic
peak at 210-223°C. As the height of this endothermic peak depends
upon the crystallinity, it is reasonable to conclude that the endotherm is
due to the release of the restricted motion of the side chain and the forma-
tion of the j{3form, although thermal degradation also occurs. The sharp-
ness of the endothermic peak for the slow-dried film suggests that the side
chains are in highly ordered conformation with respect to close-packed
benzene rings, in contrast with the @form as converted from the a form
by heating.

Since TFA is a polar solvent, mixing it with chloroform prevents the
side chains of PBLAsp from crystallizing, as is indicated by the diffuse
X-ray patterns in Figure 5d, but does not prevent the a helices from ag-
gregating side by side. The side chains will be in a relatively favorable
arrangement, i.e., less restricted than those of the film cast from chloro-
form, and consequently the a helix will be converted to a crystalline &
form at lower temperature. The irregular DSC curve for the film evapo-
rated very slowly from solvent containing TFA is probably due to the
effect of depolymerization or partial cleavage of the benzyl groups. The
endothermic peak was observed at 180°C in the DTA curve of PBLAsp
of molecular weight 5000.9

The DCA-alcohol film is in a somewhat disordered a form, and TFA-
ether precipitates are in still more disordered and mixed conformations.
In the disordered a form, the a helix is more stable against heating than
in the more ordered state such as exists in the film cast from chloroform.
There is considerable main-chain distortion at 110-130°C in the DCA-
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alcohol film, but not in the TFA-ether precipitates. In the latter case,
however, the distortion is permitted in part at high temperature. Con-
siderable motional freedom of the side chains is expected in the disordered
form, and thus the endotherm around 90-100°C may be caused by some
rearrangement of the side chains. However, the large motion of the side
chains required to improve this partial order will be allowed at high
temperature. On the other hand, the conformational change to the g
form is allowed at lower temperature in the disordered structure. Be-
cause of this balance between the exotherm and endotherm, two very
broad endothermic peaks are observed in the DSC curve of the DCA-
alcohol film.

As described above, the conformation and the crystallinity of PBLAsp
are very variable and characterized largely by three factors: the relative
disposition of the side chains, the packing of the benzene rings, and the
motion of the side chains. From observations of the processes occurring
in specimens variously cast and heated, however, it was found that the
benzene rings are not necessarily in a highly ordered orientation in the
region of the distortion of the main chain. If the interaction of the side-
chain C=0 group with the main-chain N—H group is involved in the
transition from the a to the w form, arrangement of the benzene rings
probably takes precedence over this interaction for the quick-dried film
from chloroform. In slow-dried film, however, the main chain may be
distorted by the interaction and then the side chains may develop into
a more ordered conformation. The frequency shift of the side-chain
C=0 group from 1785 to 1730 cnr: in the transition (sec Fig. 1) is con-
sistent with this interaction.

The authors would like to thank Mr. Kanji Sasaki of the Research Institute for Poly-
mers and Textiles for help with dielectric measurements.
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Crystal Orientation in a Semicrystalline Polymer in
Relation to Deformation of Spherulites*
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HIROMICHI KAWAI, Department of Polymer Chemistry,
Faculty of Engineering, Kyoto University, Kyoto, Japan

Synopsis

A mathematical development interrelating the orientation distribution functions of
three kinds of orientation units for a polymer spherulite (i.e., a crystal lamella, a crystal-
lite, and a given reciprocal lattice vector of the crystallite) is formulated on the basis of
series expansions of the distribution functions in generalized spherical harmonics. Two
types of uniaxial deformation models of a polyethylene spherulite, taking account of
micronecking and untwisting of crystal lamellae, and of chain tilting and untwisting of
crystal lamellae, respectively, both in addition to affine deformation of the lamellae are
discussed. The models are tested by comparison of the theoretical orientation distribu-
tion functions of some reciprocal lattice vectors of the crystallite with the results of x-ray
diffraction experiments.

Introduction

The deformation mechanism of polymer spherulites has been studied
by many authors.1-13 Quantitative investigations have been made by
Stein et al.,34 Kawai et al.,68 and Moorewo by using essentially very
similar models for a polyethylene spherulite. The deformation of the
spherulite was compared with that of the models in terms of the second-
order orientation factors of the orientation distribution functions of the
principal crystallographic axes of the crystallite; Fi0Oj (j denoting a, b,
and c axes). The second-order orientation factors provide, however,
only limited knowledge of the orientation distribution,14'5 and one can-
not discuss the crystalline orientation in detail on this basis.

In this paper, it is intended, first, to represent mathematically the rela-
tions between the orientation distribution functions for the crystal lamel-
lae within the spherulite, the crystallites, and its reciprocal lattice vectors
in terms of the series expansions of the functions in generalized spherical
harmonics.i4'55

* Presented at the 17th Symposium on Polymer Chemistry, Japan, Ehime University,
Matsuyama, Ehime-ken, Japan, October 22, 1968.
f Present address: Development Research Laboratories, Teijin Ltd., Iwakuni, Yama-
guchi-ken, Japan.
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Second, one of the simplest applications of the mathematical treatment,
to a uniaxially deformed polyethylene spherulite, will be discussed mainly
with respect to the principal axes of the crystallite and the reciprocal
lattice vector of the: (110) crystal plane, which gives the strongest x-ray
diffraction.

Relation between Orientation Distribution Functions for Crystal
Lamellae, Crystallites, and Reciprocal Lattice Vectors

The orientation of a crystallite, which is represented by Cartesian
coordinates o-uiuzuz, with respect to the specimen coordinates O -aws,
may be specified by three Euler angles, < o, and ij, as shown in Figure 1
Similarly, the orientation of a crystallite within the crystal lamella, which
is also represented by other Cartesian coordinates o-vivows, may be specified
by three Euler angles, a, 3 and y. The Cartesian coordinates o-miHih
can be arbitrarily fixed within the crystallite, but for the polyethylene
crystal, it is convenient to take the ... u2 and ws axes as the principal
axes, a, b, and c of the crystal, respectively. The specimen coordinate
system O-Xi XX is so fixed that the xs axis is along the direction of stretch-
ing of the specimen and the x2xs plane is parallel to the film surface. In
the Cartesian coordinates the v3 axis may be taken along the
lamellar axis (or radial direction of the spherulite) the ivrs plane being
parallel to the lamellar surface. The angles 6 and o (or J and a), which
define the orientation of the u3axis of the crystallite within the specimen
(or crystal lamella), are the polar and azimuthal angles, respectively,
and ri (or y) specifies the rotation of the crystallite around its own u3
axis. The orientation of the crystal lamellae, o-viviin with respect to
the specimen coordinates may be also specified by three Euler angles,
<+, 6, and 7.

Let us consider a given jth reciprocal lattice vector r, fixed within the
crystallite. The orientation of the vector iy may also be specified by
three sets of polar and azimuthal angles, (0;9), (<);,$;), and (o /,$/)

X3

Fig. 1. Euler angles, o 8 and ij, specifying the orientation of Cartesian coordinates
O-tti»*»» fixed within a crystallite with respect to other Cartesian coordinates 0-J'i.rx3
oriented with respect to the geometry of the film specimen.
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X3

Fig. 2. Polar and azimuthal angles 0, and 4 specifying the orientation of a reciprocal
lattice vector of the crystallite with respect to the Cartesian coordinates O-XiWj.

with respect to the coordinates, O-X XX, O-U/lkWs, and O-Vi\b\4, respec-
tively. Figure 2 shows one such illustration of the orientation of an r,
vector with O-XiXoXs as the reference coordinates.

These sets of angles can be related through linear transformations of the
Cartesian coordinates accompanied by rotations of the coordinate axes:

sin dj B sin 0j cos F,
sindjsin § = T{s>d ji) sin © sinF, (1)
ax 6 ax0j
sin dj cos < sin 0/ cos F/
sindising =W , d,,) sin0/sinF/ )
asd coso/
sin 0/ cos F/ sin ©j cos F,
sin 0/ sinF/ = T(a, ft, 7) sin Ojsin F, )
cos o/ ax»0;

where, for example,

T(a, ft, 7) =
cosa cos ft cos 7 —sin asin 7, —¢co0sa €os j3sin 7 —sin acos 7, cosa sin i3
sin a cos /3cos 7 +cosasin 7, —sinacos (3sin7 + cosacos 7, sinasin ft

—sin ft cos 7, sin ftsin 7, cos 3

@)
With egs. (1)—€3), a generalization of the Legendre addition theorem
gives the following relations:4

u/ (f>) exp = Qé/+-1/\ nl;_42imnit) exp + nr])}
X 1i* (cos 0,) exp {«$jj (5)
n." (f) exp {imbi) = {-—2—) A ¥' Zims®) exp {im<j> + 2)}

\2/+ 1/ »—/
X ITis (cos 0/) exp {fsF/j (6)
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/2 \A i
11;S(cos 0/) exp = E ------- ) X Zisn(cos/3)
1 \J n— |

X exp ji(sa + tiy)j n (" (cos Oy) exp {inQ} (V)
where fy = cos Oy, £= cos 9, and £ = cos 0.

The normalized orientation distribution functions of the crystal lamella,
the crystallite, and the ,/th reciprocal lattice vector within the bulk speci-
men, i.e., «/(£', 4>, 2?), w(e, v, and gy(y, oy), respectively, can be de-
fined by

w '{g, < n])dEd<t>'dq 1 (8)

etc.
For orthogonally biaxial orientation of the orthotropic unit, the three

kinds of distribution function, r</(£, o', ), W% < ij), and gy(fy, oy) may
be expanded in series of generalized spherical harmonics for even I, m,
and %, as follows:

w v) = T.M @n* (80
"F2 x x1 (1t m) GBWIO + riiom GBiyy) IT" (£Y)

‘H2 X X X Ahdl[Zm(s') oCB (fifo' + ft7/)
1=2 me2 =2

+ ZmA %) cos MB" — 20} (9

Orientations of the crystallites within a lamella may be described for
three cases: (I) the crystallites are fixed within the lamella with given
angles, a, /3 and y independent of S, <% and ?/; (Il) the angles a, ft, and
y are functions of S and < (Ill) the orientation of the crystallites is
given by the distribution function, q(cos i3 &, y), which is also dependent
on Sando"

In case I, multiplying both sides of eq. (6) by tr(£', o', 7) -(ji(X, 45) and
integrating over all angles, S, o', n', fy, 0y, one can obtain the following
relation for even I, 7n, and %:

A jALon, (cos 0/
21+ 1/ JI ( )

+ 2 X AlmIL" (cos 0/) cos«$/J  (10)

where 11;"(cos 0/) cos n> may be derived from eq. (7), in which €y
and $ymust be calculated from lattice constants of the crystallite. Thus,
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the orientation distribution function of a given reciprocal lattice vector
ry can be calculated from

IV = EAQIT (M) + 2E E (fy) cos my  (11)

In case Il, substituting eq. (7) into eg. (6) and comparing the result
with eg. (5), one may obtain the following relation:

/2 \'A i
i i I Oy, |
W) €Xp [i(w<i>+ m?)! Sy »Ei Yi»,5($)
X exp \i(m.>+ 3$y))ZIs,{cos/l) exp ji(«a + ny)) (12)

Again, substituting

Qux»(¥, ¥ = Zisn(conff) exp {f(sa + tty)} (13)
into eq. (12), multiplying both sides of eq. (12) by To(E, <3 y) 5y,
and integrating over all angles, one obtains the coefficients Aimn:

\( 2 VA T
sty 1T By W

X ZumAi")QIsn (s\

Thus, the orientation distribution function of a reciprocal lattice vector,
ay(fj, €y), may be calculated from egs. (11) and (14) and from the relation:

Aid = 2t - ) (Ainon j (cos ©)
N2l + 17

+ 2E A IT” (cos ©) asny  (15)

which can be obtained similarly to eg. (10).

In case |11, multiplying both sides of eq. (12) by w(E, ;3 y)iV'(E', <€, y) =
g(cos i3 a, y) and integrating over all angles, one can obtain the same
form as eq. (14), with Qisn(£', €3 now denoting:

QIn(E, ¥ = J/ [/ f 5(cosd, a y)Z,:(cos B

7=0 \]a=0 /3=0
X exp {i(sa + ny)} sin fidfidady (16)

For uniaxial deformation, the orientation distribution functions con-
tain no terms dependent on the angles = < and 44 Therefore, egs. (10),
(11), (14), and (15) may be rewritten as follows:

= 2'[1( ----------- \ {-4i00 IT (cos 0/)

+ 2E -To, IT" (cos ©/) cos m& (10
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Qi(Si) IC_:O(',iO'n,fO) (i)

1 2 Vvt 7 ] i faw f
A,on - - /2 *\ £ (-1 w
\\21 + 1y / 1 s=-1 jv=0 A"

X 11,8 ($)Qixn(E) exp {isn'Wdr," (14

2t 1A;00 Il ( (COS <)i>
+ 2272 Ao, 11" (cos (%> cos /1By  (15)

Deformation of a Spherulite and the Distribution Function for
Orientation of the Lamellar Axis

Whether or not the deformation of a spherulite is affine depends on the
conditions of deformation of the bulk specimen, the perfection of the
spherulite, and the state of the amorphous material. Hay and Kellere
extensively studied the deformation mechanism of a spherulite in a rela-
tively thin film and classified the possible mechanisms as homogeneous
deformation and several types of inhomogeneous deformation. Oda et
al.1213 examined dimensional changes of spherulites by optical microscopic
as well as small-angle light-scattering techniques and concluded that
the spherulite deformation is affine and occurs at constant volume, pro-
vided the thickness of film specimen is large compared with the size of the
spherulite. Thus, the extension ratio of a spherulite may be assumed to
correspond to the macroscopic deformation of a relatively thick specimen.

On the basis of the affine transformation which was assumed, first,
by Kuhn and Griint in their calculation of the birefringence of rubber
networks and then by Wilchinsky,2 Stein et al.,34 Kawai et ah,68 and
Mooret0 in investigations of deformation of polymer spherulites, the
orientation distribution function u™(£', <) of the lamellar axis iq for the
orthogonal biaxial deformation of a spherulite is given by

(AMX:,)2
Y (E> L) — el e [(XIX20)-7 4 (X5D2(1 — £'2)
47T

X {(P2cos ) + (Aisin 02} (17)

where A is the extension ratio along the Xi axis.
For uniaxial deformation of the spherulite along the xs axis at constant
volume, eq. (17) can be reduced to:

A3
w'(i') = — IA3- (A3 - 1)H - (18)
41T

where A= A
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For the polyethylene spherulite, the polymer chain lies along the ¢ axis
(«3 axis) within the crystallite and is perpendicular to the lamellar sur-
face, i.e., parallel to the +_axis of the lamella. Therefore, it is reasonable
that the u3axis should reorient toward the stretching direction, owing to
strain of tie-chains which connect adjacent lamellae. In other words,
this forced reorientation results in tilting of the crystal ¢ axis within
lamellae in the polar zone of spherulite, and untwisting of lamellae in the
equatorial zone of the spherulite about their v3axes.6 In addition, trans-
formation from a crystalline to an amorphous phase, transition from the
folded-chain crystals to fringed-micellar crystals due to micronecking of
lamellae, crystal twinning, and cracking of lamellae, may be taken into
consideration.38

In the following two sections, two models of spherulite deformation,
model I, taking into account the untwisting and micronecking of lamellae,
and model 11, taking into account the untwisting of lamellae and the
chain tilting, will be checked by using the simplest calculation in the
previous section, i.e., case I, in terms of the orientation distribution func-
tions of reciprocal lattice vectors of the crystallite.

Modified Sasaguri-Yamada-Stein Model of Spherulite
Deformation (Model I)*

Sasaguri et al.4take the crystal lamellae grown radially within a spheru-
lite as the orientation units, and assume the orientation distribution
function of the lamellae for uniaxial deformation of the spherulite to be
given by eq. (18). The crystal lamellae are assumed to be composed of
two types of crystals, i.e., the folded-chain crystal (6 axis parallel to the
Vi axis) and the fringed-micellar crystal (c axis parallel to the v3axis), as
shown schematically in Figure 8. Transformation from the folded-chain

u3(ci
1—*u2(bl ----cu3(c)
s>\ yw
Folded-Chain Type Fringed-Micellar Type
(TypeB) (Typed

Fig. 3. Schematic representation of the folded-chain crystal (type B), in which the
u, (@), & (/) and u; (c) axes are parallel lo the i% i% and r, axes of a crystal lamella,
respectively, and the fringed-micellar type crystal (type C) in which the u3 (c) axis is
parallel to lhe Weaxis and the 11, (a) and w, (& axes are randomly oriented around the

"3 axis.

*The model was proposed by Sasaguri et al.4 for two-dimensional spherulites and
modified by Oda et al.6 for three-dimensional spherulites.
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Type B Type C
TT TT
TT TT
- Xcco Xccou

Undeformed  State

Type B 1/pe C
TT TT TT TT_

|- Xc cie'i —H— Xcc(fl')
Deformed  State

Fig. 4. Representation of weight fractions of type B and type C crystals within a lamella.

crystal to the fringed micelle due to micronecking of the lamella occurs
only when the length R(d") of a lamella in the deformed state is larger than
the initial length Roin the undeformed state.

By a modification of the affine transformation, the length of the lamella
is given, as a function of Xand 9, by

RO) = £X{%- (G- 1)cosw’}” i (19)

The crystal transition from the folded-chain type to the fringed-miccllar
type has been represented by34

Xe(9) = Xaw for RiB) = Ao
Xoe®) —X oo+ yt\R(s)/Ro —1} for R(d') Ro

where X cc(9") is weight fraction of fringed-micellar (type G) crystals, and
the parameter y, is a measure of the easiness of the crystal transition,
illustrated schematically in Figure 4.

For a type C crystal, the W axis (a axis) and the w2 axis (b axis) are
randomly oriented around its w8 axis (the c axis which is parallel to the
vz axis). Thus, the orientation distribution function of the type C crystal
is given by

(20)

WE(L, ) = w(cos 0)A'GI0)27T 1)

where £ = cos 9’ is interchangable with £ = cos s, because of coincidence
of the v3axis with the us axis, and wc (£, rj) contains no term with 1.
For a type B crystal, the a @)\), b (u<9, and ¢ (u3d axes are parallel to
M, v (lamellar axis), and M (lamellar normal), respectively. In uniaxial
deformation of the spherulitc, the lamellar surface may tend to unt wist
perpendicular to the plane containing the stretching axis (xs axis) and
lamellar axis (vs axis). Therefore, on adding the effect of untwisting of
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the lamella to eq. (18), the orientation distribution function of the type B
crystal is given by

W'B(E, ¥y) = jl + cr(\ —1) sin2’' cos 2 i\]
X re"(cosO){l —X cc(e)}2ir (22)
where < is a measure of the easiness of untwisting of the lamella.

This also corresponds to case I, wherea = 0and =y = /2. Thus,
by using cg. (3), 0/ and < arc related to 0, and T,:

sin 0/ cos < o, 0, 1] sin @jcos<@q
sin0/sin®/ = T o 0 sin 0jsin Tj
cos o/ ] o T 0 @ 0j
With eq. (7), the following relation may be obtained:
/2 \A

lis (cos 0/) cos s$/ = () )I:I‘Vois,,(O)(—l)’/Z
Z+ 1 n—

X IB" (cos Oy) cos i (24)
The coefficients of the series for ivc(£, r)) and «/B(£/ ij)) can be calcu-
lated from the following relations :

oo =/ w'(cos d)Xm(o) Ili (cos d) Suiddd/2ir (25)

wliere
dium U (m X 0, orn X 0)

AZ = J/ w"(cos <?{! —-"cc(0)i IB (coss’) sin QdOL 1 (2G)
0

.@l <r‘x4' DT wcoso)U —* @o)d 1B2 (cos 9) sinds'dd  (27)
it

where
Aim=20 (in X 0,0orn X0, 2

Therefore, the coefficients of the series expansion of the orientation dis-
tribution function of a reciprocal lattice vector are given by

A=dV +dV (28)
where
ABiGi = 24 -2V Mg @11, (cos 0/)
2l + 1/ |

+ 2A'Z H/2(cos 0/) cos 2t/| (29)
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Polar Angle, 9 (degree)

Fig. .). Orientation distribution functions of the crystal axes and the reciprocal lattice
vector of the (110) plane for spherulite deformation (X = 1..5), model I.

and

Aciud = 2irf — \ A?®II, (cos Hj) (30)
\2i + 1/
Thus, the orientation distribution function of a reciprocal lattice vector
can be calculated from eq. (IF).

Figures 5 and (j show the calculated results for orientation distribution
functions of a reciprocal lattice vector at an extension ratio x = 1.5
In Figure 5, y, is assumed to be zero, i.e., the crystal transition is not taken
into account, while the other two parameters, A'c-oand a are changed.
The orientation of the crystal b axis is, as recognized from the model,
independent of the parameter a. The a and b axes of the crystal orient
preferentially perpendicular and parallel to the stretching direction, re-
spectively. The caxis tends toward the stretching direction with increase
of Ao0 and a. In contrast, the reciprocal lattice vector of the (110)
crystal plane orients away from the stretching direction with increasing
of Ao0 and a

Figure 6 shows results with fixed values Ac0 = 0.5 and a = 2 but with
varying y,. Variation of y, has the strongest effect on the orientation of
the crystal b axis, which changes from parallel to perpendicular with
respect to the stretching direction as y, increases. On the other hand,
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Fig. 0. Orientation distribution functions of the crystal axes and of the reciprocal
lattice vector of the (110 )plane for spherulite deformation (X = 1.5), model I.

-0.4

Fh
-0.3

0.2

Orientation factor,
-0.1

Fig. 7. Comparison of crystal orientation in uniaxially stretched polyethylene with be-
havior calculated from model | for spherulite deformation: orientation factors /'V.
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Tig. 8. Comparison of crystal orientation of uniaxially stretched polyethylene under
various conditions with behavior calculated from model | for spherulite deformation:
orientation distribution functions of reciprocal lattice vectors.

the orientation of the crystal c axis and that of the reciprocal lattice vector
of the (110) crystal plane change gradually to become parallel and perpen-
dicular to the stretching direction, respectively, asy, increases.

Figure 7 shows a comparison of uniaxial orientation behavior of crystal-
line polyethylene in terms of the second-order orientation factors,
observed experimentally for quenched and annealed low-density poly-
ethylene, Yukalon YK-3200, near 20°C with that calculated theoretically
from the above SYS model of spherulite deformation.6 As can be seen,
fairly good agreement of the calculated results with the experimental
ones for both samples is obtained, when the parameters, Yt yt, and «
are chosen as 0.5, 1.56, and 2, respectively.

However, in contrast, Figure 8 shows another comparison of the orien-
tation behavior in terms of the orientation distribution functions of the
reciprocal lattice vectors of the (110) and (200) crystal plane observed
experimentally for the same quenched Yukalon specimen at a fixed exten-
sion ratio X = 1.5, but under various conditions, with that calculated
theoretically from the above model. Rather good agreement of the cal-
culated and experimental results is achieved only lor swollen samples
and at high temperature. At room temperature, very poor agreement is
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realized between the calculated and experimental results (especially for
the distribution function of the reciprocal lattice vector of the (110)
crystal plane, which experimentally gives a peak at a polar angle ono
« 70°), even when the proper values of parameters are taken. This
discrepancy suggests some insufficiency of the SYS model, probably due
to the extreme crystal transition mechanism, and also that the investiga-
tion of orientation behavior in terms of such a limited number of orienta-
tion factors Fimi (e.g., for I = 2) may be very misleading, giving no de-
tailed information on the orientation behavior.14'6

Spherulite Deformation Model Taking into Account Lamellar
Untwisting and Chain Tilting (Model 1)

In the previous section, the crystal transition due to unfolding of folded
chains within the crystal lamella was taken into account in addition to
untwisting of the lamella. Here, instead of unfolding, chain tilting within
the lamella due to shearing deformation of crystallites along a crystal
plane will be considered. The orientation mechanism for crystal lamellae
is taken to be the same as that described in the previous section; i.e., the
deformation is affine and the orientation distribution function, like eq.
(22), is given by

SE, 1) = WH(U + aX- 1)1 - C)aB2,0i2T (31

The direction of chain tilt may not be confined to the vivs plane, i.e.,
it is not necessarily toward the 010 direction of the crystallite as shown in
Figure 9. The chain tilt may be associated with slippage of some par-
ticular crystal plane of the crystallite, and the geometrical relation
between the coordinates o-ViVev: and o-Uil.us must change with each
type of chain tilt. However, the principle of the calculation is not

Lamella Untwisting Crystal Transition

Fig. 9. Schematic illustrations of deformation of crystal lamellae: (above) model |
taking account of the crystal transition and untwisting of lamella; (lower) model |1
taking account of the chain tilting and untwisting of lamella.
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Experimental Theoretical
stretched by 50 % -elongation T(100)
—o- at20°C === CI'-o
— e at84°C —Cr -2

— 0~ in Xylene at 30°C

Fig. 10. Comparison of orientation distribution functions of reciprocal lattice vectors
for the (110) crystal plane observed for uniaxially stretched polyethylene at X — 1.5,
with those calculated from model 11 for spherulite deformation.

changed: the calculation still follows Case I, and a, (G and y are not func-
tions of £ and <

As in the previous model, the distribution function, eq. (j11), can be
expanded in a series of spherical harmonics. The coefficients A\rm, as
in egs. (26) and (27), may be obtained, and reduced to zero except when
mis zero and n is zero or 2. Then, for each type of chain tilting, the rela-
tions given by eq. (7) may be calculated, and the coefficients Aimny for
each reciprocal lattice vector may be calculated from eg. (10")- Thus,
the orientation distribution function of a given reciprocal lattice vector
can be obtained from eq. (11".

Comparisons of the orientation distribution function observed for the
reciprocal lattice vector of the crystal (110) plane with those calculated
by varying the tilt angle and tilt direction, are illustrated in Figures 10-12.
In Figure 10, the polymer chain, i.e., the crystal ¢ axis is assumed to be
tilted toward the 010 direction within the (100) crystal plane, and the
tilt angle kand the untwisting parameter a are varied. As can be seen
in the figure, variation of a causes only a slight shift of peak position of
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Experimental Theoretical
stretched by 50 %-elongation < 60°
- o0 at20°C CcT-0
-4 at 84°c cr=2

— °— in Xylene at 30°C

Fig. 11. Comparison of observed orientation distribution function of reciprocal lattice
vectors of the (110) crystal plane for uniaxially stretched polyethylene (X = 1.5) with
functions calculated from model Il with k = 60°.

the distribution function, but, in contrast, the variation of kgives a defi-
nite change in the distribution function, shifting the peak position toward
higher angles s, with increasing «. By comparing the results for « - G
and k = 70° in Figure 10 with those in Figure 8, considerable improve-
ment may be seen, though some discrepancies still remain. That is, the
result for k = 70° and a = 0 is in fairly good agreement with the experi-
mental result at 84°C; and the result for k= 60° and a = 2 exhibits
a peak in the distribution function, whose sharpness is, however, still
less than that of the experimental peak at room temperature, at § ~ 70°.

Figures 11 and 12 show the comparison of observed results with calcu-
lated ones when the tilting angle is taken as 60° and 90°, and the tilt
direction is varied. In these figures, S(hk0) designates the tilt of the ¢
axis toward the normal of the (Mo) crystal plane owing to the slip of the
(MO0) plane, and T (MO) designates the tilt of the c axis within the (MO0)
plane. As is shown in the figures, the variation of the untwisting param-
eter a has a somewhat smaller effect on the distribution function than
variation of the tilt direction. Comparing the results in Figure 10 with
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those in Figure 12, we note that the result for k = 30° in Figure 10 corre-
sponds to the results for S(310) and (110) and T(310) ; i.e., the changes
of the tilt angle kand tilt direction (7.-/2 —s) have similar effects on the
distribution function [6 is the angle between the vs axis and the projection
of the tilted c axis to the v°w plane as shown in Figure 13 and listed in
Table I in terms of S(hk0) and T(Afc0)]. From the calculated results in
Figures 10-12, it may be concluded that, when the value of (sin kcos s)

Experimental Theoretical

stretched by 50 % -elongation < 90°
-6 a20°Cc 0 - @ =0
—+— at84°C ———g =2

— 0~ in Xylene at 30°C

Fig. 12. Orientation distribution functions of the reciprocal lattice vectors of the (110)
crystal plane: as in Fig. 11 but with « = 90°.

\B(Iarrea)I(Iigg

Fig. 13. Illlustrations of tilt direction (5) and tilt angle k of the wBaxis in a crystal lamella.



CRYSTAL ORIENTATION 200

TABLE |
Values of s
Notation 5

8(010) 0.0°
T (100) 0.0°
7'(310) 26.57°
8(110) 33.69°
7' (HO) 56.31°
8(310) 63.43°

is larger than V3/2, good agreement with the experimental results at
elevated temperature and in the swollen state is achieved.

In view of imperfections in crystal lamella and/or the so-called mosaic
structure of lamellae,1718 our conclusion favoring the chain tilting mecha-
nism rather than untwisting of crystal lamella, is reasonable. More
detailed calculations based on cases Il and 111 taking a, ft, and 7 as func-
tions of ¢ and <€>will be discussed elsewhere.

The authors are indebted to the Toray Industries Ltd., the Nippon Gosei Kagaku
Co. Ltd., and the Dai-Nippon Cellophane Alfg. Co. Ltd., for financial support through
a scientific research grant.
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Dynamic Mechanical Properties of Moderately
Concentrated Polystyrene Solutions
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Synopsis

The storage (O') and loss ((?") shear moduli have been measured in the frequency
range from 0.04 to 630 Iz for solutions of narrow distribution polystyrenes with molec-
ular weights (M) 19,800 to 860,000, and a few of polvivinyl acetate), M = 240,000. The
concentration (c) range was 0.014-0.40 g/ml and the viscosities of the solvents (diethyl
phthalate and chlorinated diphenyls) ranged from 0.12 to 70 poise. Data at different
temperatures (0-40°C) were combined by the method of reduced variables. Two types
of behavior departing from (he usual frequency dependence describable by the Rouse-
Zimm-Tschoegl theories were observed. First, for M = 20,000, the ratio ((?" —uq,)/
G' in the neighborhood of «n = 1was abnormally large and the steady-state compliance
J ° was abnormally small, especially at the lowest concentrations studied. Here a
is circular frequency, g, solvent viscosity, and n terminal relaxation time. Related
anomalies have been observed by others in undiluted polymers at still lower molecular
weights. Second, at the highest concentrations and molecular weights, a “crossover”
region of the logarithmic frequency scale appeared in which G* —aqf < G'. The width
of this region is a linear function of log c; the frequency dependence under these condi-
tions can be represented by a sequence of Rouse relaxation times grafted on to a sequence
of Zimm relaxation times. For each molecular weight, the terminal relaxation time ¢,
was approximately a single function of c for different solvents of widely different q,.
At lower concentrations, n was close to the Rouse prediction of 6gM/ir-cRT, where q
is the steady-flow viscosity; but at higher concentrations, r, was proportional to 77/c2
and corresponded, according to a recent theory of Graessley, to an average molecular
weight of 20,000 between entanglement coupling points in the undiluted polymer.

INTRODUCTION

Extensive measurements have been reported previously for dynamic
mechanical properties of rather dilute solutions of narrow-distribution
polystyrenes, in the molecular weight range from 8.2 X 104to 1.7 X 10°,
in solvents of high viscosity, obtained with the Birnboim transducer
apparatus in its original form.1 Subsequent low-frequency measurements
at higher concentrations provided steady-state compliances over wide
ranges of concentration and molecular weight, which have also been

* Present address: Esso Research and Engineering Company, Baytown, Texas,
f Present address: Japan Synthetic Rubber Company, Kawasaki, Japan,
t Present address: Kyoto University, Kyoto, Japan.

2009
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published,2-4 but the data obtained at higher frequencies in these studies
have not yet been reported. Recently, modifications in the Birnboim
apparatus by Massa and Schrags-7 have permitted more precise measure-
ments at higher concentrations and in solvents of higher viscosity. In
the present paper, some results are described which cover an extended
range of reduced frequency, obtained partly before and partly after the
apparatus modifications made by Massa and Schrag. They provide some
information about anomalies at lower molecular weights, effects of entangle-
ment coupling at higher concentrations, and the dependence of terminal
relaxation times on concentration and molecular weight. Some fragmen-
tary data on poly (vinyl acetate) solutions are included.

MATERIALS AND METHODS

The sources and characteristics of the polystyrene and polyvinyl acetate
samples have been described previously;2-4 their identifications are sum-
marized in Table I.

The solvents used were three Aroclors (partially chlorinated diphenyls),
with viscosities at 25°C as follows: A1232, 0.119 or 0.143 poise (depending
on the lot): A1248, 2.62 poise: Al1254, 69.1 poise; also diethyl phthalate,
0.73 poise. Additional information on the temperature dependence of
viscosity and density of these liquids is reported elsewhere.1-4'89 Solu-
tions were made up by weight; to calculate concentrations in grams per
milliliter, the solution densities were estimated with sufficient accuracy by
assuming additivity of the volumes of polymer and solvent.

The Birnboim-Ferry apparatusio with minor modifications previously
described2'1t was used in the frequency range from 0.06 to 400 Hz (“old
apparatus”). As modified by Massa and Schrag, with computerized
data acquisition and processing system and open-ended geometry for
solutions of high viscosity,5-7 it was used in the frequency range from 0.04
to 630 Hz (“new apparatus™). Measurements of the storage and loss shear
moduli, G' and G", were usually made at two temperatures (sometimes
one or three) and reduced to a single reference temperature, usually 25°C.,
by multiplying the frequency by @ — i®)Tdy @ — ri")oTc, where 7 is
the steadv-flow viscosity of the solution and 4s the solvent viscosity, T
the absolute temperature and c the concentration in g/ml: the subscript 0
refers to the reference temperature. (The values of ¢ and « differ only

TABLE |
Characteristics of Polymer Samples
Polymer Sample code Mw X 10-3 MwMn
Polystyrene 2a 19.S 1.06
2b 21.0 1.06
S-10S 267 1.0.S
6a S60 1.15

Polyfvinyl acetate) 3-9 240 1.04
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because of thermal expansion.) The storage and loss moduli G' and G
are multiplied by TocOTc for temperature reduction. In some previous
publications,12 ys in the above expression has been multiplied by i\, the
volume fraction of solvent, but this factor is now abandoned because its
effect is always negligible in practice.

RESULTS

Frequency Dependence of the Complex Shear Modulus

Logarithmic plots of G' and G" — atjs against the radian frequency to,
for polystyrene of ili = 207,000 at concentrations up to 0.1 g/ml and
M = 800,000 up to 0.05 g/ml, displayed the familiar shapes previously
found for many dilute polymer solutions,11-16 with frequency dependence
ranging between the characteristic predictions of the Rouse theory
and the Zimm theory with dominant hydrodynamic interaction.8 For the
former, G' = G" — onjs at higher frequencies; for the latter, log((7" —
ax)/G' = 0.24. However, two departures from this standard behavior
were seen in some of the other solutions.

At the lowest molecular weight (21,000), G' —wgsand G' are separated
by more than 0.24 on the logarthmic scale, as illustrated in Figure 1

Fig. 1. Logarithmic plots,of G' and G"-uirjs against radian frequency for polystyrene
of low molecular weight at concentrations (c) in g/ml as shown. All data reduced to
25.0°C. Lowest concentration: M = 19,800 in Aroclor 1254 (data of Massa67); upper
two concentrations, M = 21,000 in Aroclor 1248. Temperatures of measurement at r =
0.403: (O) 24.9°C; (Q) 18.9°C. All measurements with new apparatus. See text for
explanation of 5,.



2012 HOLMES ET AL

Fig. 2. Logarithmic plots of (-, G' and (0,9,b) G" — against radian fre-
quency for polystyrene with M = 267,000, at various concentrations in g/ml as shown,
in Aroclor 1232. Ordinates displaced as shown by respective locations of 4 on the scale.
Lower two concentrations with old apparatus, upper two with new. Temperatures as
follows: ¢ = 0.063, (9,f) 0.2°C, (b>) 15.2°C, (O,*) 20.1°C;c = 0.124, (9,f)0.1°C,
(0,»)25.1°C; ¢ = 0.281, (9,f) 0.6°C, (O,») 25.0°C; ¢ = 0.346, (9,f) 15.0°C, (O,%)
24.9°C. All reduced to 25.0°C.

This behavior lias already been reported for a polystyrene of similar
molecular weight by Massa67 (data included in Fig. 1); it isassociated with
a truncated “power-law” region of frequency dependence and the early
onset, with increasing frequency, of behavior reflecting backbone immo-
bility.

On the other hand, for higher molecular weights at higher concentra-
tions, a crossover region develops in which G' > G" —&gjs; and the width
of this region on the logarithmic frequency scale increases progressively
with concentration, as illustrated in Figure 2. This is, of course, the
familiar pattern seen in undiluted polymers, 19 corresponding to the plateau
zone of viscoelastic behavior which is attributed to entanglement coupling.

To characterize the low molecular weight anomaly empirically, we have
adopted an arbitrary measure of the separation between G" — ugs and
G' by taking the logarithm of their ratio at the frequency where the linear
low-frequency segments of 6" and G" —urJswould cross, as shown by the
construction in Figure 1 for the bottom pair of curves. This character-
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Fig. 3. Plot of & (= log ((?" — dijiis)/G" at the terminal zone cross frequency) against
concentration for polystyrenes of two molecular weights as indicated (except that lowest
concentration for upper curve is M = 19,800): (6) in Al1232, (O) in A1248; and for
poly(vinyl acetate), M = 240,000, (& in diethyl phthalate and (®) A1248. Wavy line
denotes onset of entanglement coupling.

istic frequency is given by (ij — flg/A G where AGis the limiting ratio
G'/w- at low frequencies (often used for calculating the steady-state com-
pliance J€). The values of log(G" - af3/G' here (denoted by $X)
corresponding to the Rouse and Zimm theories are 0.21 and 0.35 respec-
tively.

Values of sx for a number of polystyrene solutions and a few of poly(vinyl
acetate) are summarized in Table Il. Those for M = 21,000 and 267,000
are plotted against concentration in Figure 3. With increasing concen-
tration, eXfor M = 267,000 falls from a value characteristic of dominant
hydrodynamic interaction (Zimm, h = <) to a value characteristic of
vanishing hydrodynamic interaction (Rouse, h = 0); this behavior is
consistent with the previously reported apparent dependence of h on
concentration and molecular weight.1,12 It may be noted that the points
for poly (vinyl acetate) with M = 240,000 fall quite close to those for
polystyrene with M = 267,000. This would be expected if the change in
effective hydrodynamic interaction with concentration is associated with
overlapping of the peripheries of the random coils;1 the unperturbed coil
dimensions of these two polymers are quite similar,2 so equal molecular
weights correspond to equal effective coil volumes. However, for M =
21,000, sXis higher than the Zimm value of 0.35 at lower concentrations,
and it does not drop to the Rouse value at high concentrations. This
behavior is associated with an abnormally small steady-state compliance
as previously reported for a sample of similar molecular weight,34 although
the anomaly then seen was exaggerated by errors due to compliance of the
apparatus.67 Reliable data for the steady-state compliance obtained with
the new modified apparatus are included in Table Il, expressed as feR =
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TABLE 111
Crossover Parameter and Nominal Terminal Relaxation Time
(Polystyrenes)

c X 102 Temp,

M X 1t)“3 Solvent g/ml °C AX log 7, log Ti/i). App.a
267 A1232 24.3 25.0 2.05 -1.59 -0.66 N
1232 28.1 25.0 2.35 -1.22 -0.29 N
1232 34.6 24.9 2.85 -0.65 0.28 N
S00 A124S 7.0 34.8 1.36 — — (0]
1232 0.0 40.1 2.06 - 1.ss —0.82 0
1232 11.4 40.0 2.54 - 1.51 -0.62 (@]

1N = newapparatus (after references 5 -7), O = old (before).

AgRT/M ( — 7). (This quantity has previouslyZ‘4 been denoted by
s'/s~, but it seems desirable to reserve the latter designation for theo-
retical calculations and use feB for experimentally determined values;
feB = JE[V/(Vv — jHI1~crRT/M.) At the lowest concentration, fes = 0.16,
less than the minimum of 0.206 predictable by the usual bead-spring
theories with variable hydrodynamic interaction, and all the values are
less than the Rouse prediction of 0.400.

To characterize the high-concentration crossover, its width on the
logarithmic scale, Ar, is given in Table 111 for several solutions. Although
this does not have a simple theoretical interpretation, it is a rough measure
of the number of entanglement points per molecule; it increases with c
(approximately a linear function of log c with slope 5.3) and with m.

DISCUSSION

Terminal Relaxation Times

In the normal coordinate theories of linear viscoelastic properties, or
any theory involving discrete contributions associated with discrete
relaxation times, an important parameter is the terminal or longest relaxa-
tion time n characterizing the slowest mode of motion. In particular, it
is of interest to determine whether n is proportional to the solvent viscosity
\&

If each contribution to the shear modulus (ft is associated with a relaxa-
tion time T, the constant A G is given by ~(7,-r-2 and v ~ v = Tjotru
independently of any molecular theory. It follows that

-h,. Eh'dryn)
V~ stc, (r/7/Ti)2

S0 n can be determined from measurements a, low frequencies—the same
information2 that furnishes ./, -provided the ratio of sums is known.
For the House, Zimin, or Tschoegl theories, all Gt are equal, and the ratio
(often2denoted by NhS™) varies only from 1.52 for vanishing hydrodynamic
interaction to 2.05 for dominant hydrodynamic interaction. The Graes-
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Fig. 4. Logarithm of ratio of nominal terminal relaxation time to solvent viscosity,
plotted against concentration for polystyrenes with different molecular weights as in-
dicated and for polyfvinyl acetate) (9,~) with M = 240,000. Code to solvents same
as in Fig. 3, except (O) is in A1254.

sley theory for entangled polymers2 specifies this ratio as 2.00. The
Rouse value of 1.52 for <SS’ has been used to calculate nominal terminal
relaxation times for the solutions listed in Table Il, and the Graessley
value of 2.00 for those in Table Il which are subject to entanglement
coupling as evidenced by the crossover A,. Values of log #/ 7 are also
given in the Tables.

It is implicit in the bead-spring molecular theories with no account
of internal viscosity that the frictional resistance to motion is determined
solely by the environment and therefore that the terminal relaxation time
in very dilute solution is proportional to the solvent viscosity. This
relation has been confirmed recently by data extrapolated to infinite
dilution..s Even in moderately concentrated solution, if » - +, is approx-
imately proportional to ., » should be proportional also. The solvents
employed here have viscosities ranging over more than a factor of 500;
there are only a few cast-s of matching concentrations in different solvents,
but, the proportionality of ri to » can be tested by plotting ./ against ¢
to see if all points fall on a single curve for each molecular weight. This
is found to be the case approximately for each of the polystyrenes, as
shown in Figure 4. Exact conformance is not expected, since even in a
single solvent the temperature dependences of - and » — 7 are not the
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same. However, n is evidently roughly proportional to », The points
for the poly(vinyl acetate) fall close to those for the polystyrene with nearly
the same molecular weight.

The dependence of n on polymer concentration and molecular weight
is also of great interest.  Another characteristic time constant roobtained
from the dependence of non-Newtonian viscosity on shear rate,2 which
according to the Graessley theory2 should be closely related to n, has
been found to be proportional to i]M/c when entanglement is not present
and to t]J/c2 when entanglement dominates.2324 The present data allow
us to make an analogous examination of n. According to the modified
Rouse theory,19when» » 77 ncT/rjM should be a constant equal to 6/ w-R.

Of

Fig. 5. Logarithmic plot of ti/t against concentration: (0) M — 287,000 (new ap-
paratus); () M —s60.,000 (oldapparatus).

Averaging the data of Table Il for M = 267,000 in the concentration
range from 0.04 to 0.12 g/ml gives log(Tic7WI/) = —8.17, and for M =
860,000, —8.13; whereas log(e/ ¥2?) = —8.13, so the proportionality
to t]M/c is confirmed with the factor predicted by the Rouse theory.
The values of n in Table Ill, where entanglement is present, are propor-
tional to @c2 without a factor of M as illustrated in Figure 5. Thus the
behavior of t\ parallels that of rQ although the data are too sparse for a
detailed analysis. From the Graessley relation2t nc2* = 3.575 Me&/RT,
where I\le is the average molecular weight between entanglements in the
undiluted polymer, the data of Figure 5 give = 20,000, a reasonable
value.

The regimes where t\ is proportional to ?)il//c and to .. respectively
correspond to those where the steady-state compliance is proportional to
M/c and to 1/c2respectively, as observed by several investigators.23-26
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Anomalies for Low Molecular Weights

In undiluted polystyrene above the glass transition temperature, various
departures from the predictions of the House theory have been reported
for low molecular weights.2r8 For M < 10,000, J€ is abnormally low,
and the viscoelastic properties have a different time or frequency depen-
dence, reflecting the paucity of submolecules in the Rouse sense. Even
for M up to 50,000, there is an anomalous temperature dependencez
of J€. Evidently, the presence of diluent causes anomalously low values
of J& to appear at higher molecular weights than in the undiluted polymer,
since in Table 11 feRis smaller than the Rouse value of 0.40 when M =
21,000 and ¢ ™ 0.4 g/ml. 1t is reasonable that the presence of diluent
should enhance the tendency of the molecule to move as a unit without
internal configurational adjustments, but no attempt is made to interpret
these observations in terms of molecular theory at present.

Theory of the Plateau Zone

Several modifications21'29-32 of the Rouse theory have been introduced
to account in terms of entanglement for the plateau zone in undiluted
polymers or concentrated solutions, where G' changes slowly with fre-
quency and G" < (7, as in Figure 2. But they all reduce to a frequency
dependence of the Rouse form at high frequencies so that G' and G" —ax/3
merge with a common slope of y 20n a logarithmic plot without the second
crossover illustrated at the two highest concentrations in Figure 2. They
cannot describe a transition zone where G" —ajs > G' because the Rouse
theory itself is deficient in this respect.

Yamamoto and Tanaka3s have shown that the general shape of the two
upper pairs of curves in Figure 2 can be represented by a relaxation spec-
trum H with the Zimm form (i.e., H proportional to r-2/s in the transition
zone) grafted on to a box distribution3 in which H is a constant over
a range of time scale corresponding to the pleateau zone, following the
theory of Hayashi.38 However, the box distribution is not an accurate
representation of H in the plateau zone, which is never exactly flat and often
exhibits a minimum.  Also, it is doubtful whether the Zimm form should
be applicable in concentrated solution, since the value of j%&R from visco-
elastic measurements2-4 and also from considerably more precise flow
birefringence measurements34,3 is 0.40 in concentrated solution, corre-
sponding to vanishing hydrodynamic interaction (Rouse form), if the
effects of entanglements are not dominant.

The frequency dependences of G' and G" in concentrated solution can
be represented quite welloby grafting a sequence of Zimm normal modes at
higher frequencies on to a sequence of Rouse normal modes at lower
frequencies:

G* =G + iG"

(2)
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where the subscripts R and Z define the sequences of relaxation times
in the Rouse and Zimm theories, respectively. Thus, in the Rouse se-
quence, j) = 1, 2, 3 ... correspond to n, n/4, xi/9, ... with n specified
by eq. (1) as listed in Table 111 The sequence runs until «, < n', whore
T corresponds to the high-frequency or short-time end of the plateau
zone, estimated somewhat arbitrarily from G" or H; in some cases one
term is sufficient. The Zimm sequence then starts with n' and follows
the relaxation time sequences prescribed for dominant hydrodynamic
interaction; the result is insensitive to the value of N if this is reasonably
high. This treatment, like that of Yamamoto and Tanaka, suffers
from the questionable applicability of dominant hydrodynamic inter-

log coaT

Fig. 6. Logarithmic plots of G" — urjs (O) and G' (*) against reduced frequency for
polystyrene, M = 860,000 ¢ = 0.114 g/ml, reduced to 25°C from measurements in
A1232 (6,4; at 10.0°C, 25.2°C, and ( <),-+) 40.2°C; (----- ) calculated from eq.
(2)withlogri = —1.19 and logri' = —2.40.

action in concentrated solutions. However, it conforms rather well
to the observed frequency dependence of O' and G" as illustrated in Figure
0. Probably a combination of the entanglement network spectrum of
Graessley2 with a sequence of Zimm relaxation times would be equally
satisfactory.

An interesting consequence of the combined series, eq. (2), is the pre-
diction of values of the characteristic ratio S'/S- which can be higher
than the Rouse value of 0.40 if the Rouse sequence is quite short (espe-
cially if there is only one Rouse term). Such figures have been observed;
with increasing concentration, ftR starts from the Zimm value of 0.200
and actually passes through a maximum before approaching the 0.40
specified for vanishing hydrodynamic interaction. This behavior is
clearly deduced from flow birefringence measurements®3 and was also
apparent, though less conclusively, in viscoelastic measurements.3420
It has also been pointed out by Janeschitz-Kriegl¥ that combination of
two Rouse sequences of relaxation times can produce a maximum in
S'/S2 higher than 0.4, as a function of concentration.
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Piezoelectricity in Oriented Films of
Poly(Y-benzyl-L-Glutamate)

TOSHIYOSHI KONAGA* and EIICHI FUKADA, The Institute
of Physical and Chemical Research, Walco, Saitama, 351, Japan

Synopsis

Oriented films of poly (7-benzyl L-glutamate) (PBLG) were prepared by two methods.
Films of PBLG cast from chloroform solutions were elongated by rolling at 70°C. A
solution of PBLG in methylene bromide was placed in a magnetic field of about 7000
gauss and the solvent was slowly evaporated for a few days until an oriented film was
obtained. The real and imaginary components of the complex piezoelectric strain-
constant d%* = ;25 — jdn" were determined over the temperature range from —I180°C
to +180°C at a frequency of 20 Hz. The constants showed dispersions at about 20°C
and about 100°C, where dynamic viscoelastic dispersions were also observed. Degree
of crystallinity X,, and degree of orientation Il,, of crystallites were determined from x-ray
diffraction diagrams. The product X jlaand the value of ;25 at room temperature were
found to be linearly related, and both showed a maximum at an elongation ratio of 1.5
(the ratio of the final to initial length) for roll-oriented films and at an initial solution
concentration of 15% by weight for magnetically oriented films. The largest values of
(25 were approximately 2 X 10-12 and 4 X 10-12 coulomb/newton, respectively, at room
temperature.

INTRODUCTION

Piezoelectric effects have been reported in various kinds of biopoly-
mers.l Piezoelectric properties and their temperature dependence in
oriented films of poly (7-methyl L-glutamate) have recently been investi-
gated in detail.2 Poly (7-benzyl L-glutamate) (PBLG) is one of the best
known synthetic polypeptides with the a-helical molecular conformation.
Fairly large piezoelectric effects have been observed in oriented films of
this polymer. The present paper describes temperature dispersions of
complex piezoelectric constants of PBLG and the dependence of the piezo-
electric constants on crystallinity and orientation of crystallites.

EXPERIMENTAL

Poly (7-benzyl L-glutamate) with an average molecular weight of
320,000 was obtained from Pilot Chemicals Co. Watertown Mass.
Oriented films of this polymer were prepared by two different methods.

* On leave from: Department of Chemistry, Gakushuin University, Mejiro, Tokyo.
2023

© 1971 by John Wiley & Sons, Inc.
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Fig. 1. Piezoelectric temperature dispersions for roll-oriented films of poly(7-benzvl-
L-glutamate) at. the elongation ratios indicated.

Mechanically Oriented Films

PBLG was dissolved in chloroform to a concentration of 9% by weight.
The solution was spread over the surface of a flat Teflon plate, and the
solvent was allowed to evaporate until a film of PBLG was obtained.
The cast film was desiccated under vacuum and elongated by rolling to
11 to 25 times the original length at a temperature of 70°C. After
elongation the film was heat treated for about 15 min at 180°C. No
shrinkage of film was observed during the heat treatment. X-ray
studies revealed that the molecular axis was oriented in the direction of
elongation.

Magnetically Oriented Films

It has been reported that molecules of PBLG orient in the direction of
a magnetic field when dissolved in certain liquid-crystal-forming solvents
such as methylene bromide (CH2Br2.M Solutions of PBLG in CHBr.
with concentrations from 6to 30% by weight were prepared. About 1cc
of the solution was placed in a cubical glass vessel 15 mm on a side and
left at room temperature for about a week, until the PBLG molecules
attained the liquid crystalline state. The glass vessel was then placed
in the gap between two poles of a permanent magnet. The strength of
the magnetic field was about 7000 gauss. The glass lid was slightly
shifted in order to evaporate the solvent very slowly during a period of
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Temperature  (°C)

Fig. 2. Temperature dependence of the real component dr,' of the complex piezo-
electric strain-constant for magnetically oriented films of poly (7-benzyl L-glutamate).
The figures indicate initial concentration of PBL(> in methylene bromide solutions:
magnetic field of 7000 gauss.

1to 2 days. Films cast under the magnetic field were evacuated for
about 12 hr at a temperature of about 120°C.

Small rectangular strips were cut out of either mechanically or mag-
netically oriented Pit LG films at a direction 45° to the orientation axis,
(so that tensile force would produce shear in the film planel?d. The
length of the sample was 10 to 12 mm, the width 5to Smm, and the thick-
ness 0.15 to 0.35 mm. Very thin square brass foils were joined to both
surfaces of the films as electrodes with a dilute alcoholic solution of
shellac.

Complex piezoelectric constants d-* = (msl—jdn" for oriented films
were determined at a frequency of 20 Hz in the temperature range from
—1S0°C to 1S0°C by means of the apparatus described in the previous
paper.2 The assignment of coordinates is also the same as that employed
previously.2 A shear stress in the xz plane, i.e., the him plane, produces
a polarization in the y axis, which is normal to the film surface.

As described later, the piezoelectric effect in oriented proteins! and
synthetic polypeptides2is caused only by shear. When a shear stress is
applied to the plane in which the orientation axis of crystallites lies, a
polarization is produced in the direction normal to the plane. This is
a consequence of the piezoelectricity being due to uniaxially oriented
crystallites which exhibit classical piezoelectricity.
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Wide-angle x-ray diffraction patterns of oriented films were obtained
with Cu-Ka radiation, incident normal to the plane of the films. The
sharp diffraction peaks due to crystalline regions were graphically sepa-
rated from the broad diffraction band due to amorphous regions. From
the ratio of area of crystalline diffraction to total area of diffraction, the
degree of crystallinity X cwas calculated.

At the diffraction angle for (110) reflections (where 26 ~ 7°) the varia-
tion of the diffraction intensity with the azimuthal angle over a 180°
range was also measured by rotating the film in the plane of its surface.
From a half-width angle Atpin the curve of diffraction intensity against
azimuthal angle <:the degree of orientation 11«for an axis of crystallites,
which should be in the same direction as that of the «-helix axis of the
molecules, was estimated from a formula 11« = (ISO — A<")/180.

RESULTS

Variations with temperature of piezoelectric strain constants d2% and
d%" for mechanically oriented films of PBLG are illustrated in Figure 1
The units of d4 are the MKS units (coulomb/newton), which may be
transformed to the cgs esu system by multiplying by 3 X 104 It is

Fig. 3. Temperature dependence of the imaginary component <4" of the complex
piezoelectric strain-constant for magnetically oriented films of polyfy-benzyl L-glut-
amate). The figures indicate initial concentration of PBLG.
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Fig. 4. Real and imaginary components E' and E" of dynamic elastic modulus for mag-
netically oriented and roll elongated films of polyG-benzyl L-glutamate).

seen from Figure 1that the value of d2 increases with elongation until
an elongation ratio of 1.3 is reached. Further elongation reduces the
value of ar/.  As described later, strong elongation causes the disruption
of crystallites and hence a decrease in dv .

The temperature variations of 2 and <2, for magnetically oriented
films of PBLG are shown in Figures 2 and 3. The value of 4z increases
with increasing initial concentration of PBLG in CH2r2up to 15% and
then decreases with the further increase of the initial concentration. The
films magnetically oriented with an initial concentration of 15% show
a piezoelectric constant dz twice as large as the du constant of an x-cut
quartz crystal (2 X 10~2 coulomb/newton). At 100°C, ¢ amounts to
nearly 7 X 10"12 coulomb/newton.

In Figures 1 and 2, peaks in ¢z are seen at about 20°C and around
100°C, corresponding to an inflection at the same temperature between
a maximum and a minimum in d2i~. The shape of the curves for the
temperature dependence of d2-3 and dr+ is very similar to that observed
for poly (7-methyl L-glutamate).2

The dynamic elastic modulus and loss modulus were determined as
functions of temperature by means of a viscoelastorecorder developed
in our laboratory.6 The frequency of measurement was 30 Hz and the
elastic modulus in the direction of elongation of the film was determined.
Figure 4 illustrates the results for a film oriented in a magnetic field from
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an initial solution concentration of 15% by weight and for a film elongated
by rolling to about twice its original length at 70°C. Maxima in E"
are seen at about —80, 20, and 120°C. The positions of temperature
for the latter two maxima are the same as those for piezoelectric disper-
sions shown in Figures 1-3.

DISCUSSION

A theory for piezoelectric dispersion in semicrystalline polymers has
been reported.'-Piezoelectric polarization produced under an external
stress is proportional to the mechanical strain of the crystallites which are
piezoelectric. Viscoelastic properties of noncrystalline regions surround-
ing the crystallites have a large influence on the strain of the crystallites.
Mechanical relaxation in noncrystalline regions connected effectively in
parallel with crystalline regions produces an increase in strain or polariza-
tion of the crystallites with a rise of temperature. The phase of the
resulting alternating polarization lags behind the externally applied al-
ternating stress.  On the other hand, mechanical relaxation in noncrystal-
line regions connected effectively in series with crystalline regions pro-
duces a decrease of strain or polarization of the crystallites with a rise
of temperature. The phase of the resulting alternating polarization
leads the externally applied alternating stress. Therefore, with increas-
ing temperature, %/ shows a maximum at a certain temperature, where
/23" changes phase from lagging to leading.

The piezoelectric dispersions observed for PBL( 1at about 20 and 100°(’
are in good accord with the theoretical predictions. Initiation of some
molecular motions in noncrystalline regions should take place at these
temperatures. Similar to the results for PMLG,2the dispersion at about
20°C can be ascribed to the onset of thermal motions of side chains of the
«-helical molecules in noncrystalline regions. The dispersion at about
100°(lis presumably due to the onset of thermal brownian motion of non-
helical molecules which form the noncrystalline regions.

Figure 4 illustrates the temperature variations of dynamic elastic
modulus E"and loss modulus E™ for mechanically and magnetically oriented
films. Maxima in E" are seen at about —80, 20, and 120°C. The last
two peaks indicate the side-chain dispersion and primary dispersion in
amorphous regions, respectively; and they are located at the same tem-
peratures as the piezoelectric dispersions. The peak in E" at about
—80°C seems to be due to small-scale vibration of molecular chains. It
is noticeable that the elastic modulus of the magnetically oriented film is
double that of the mechanically oriented film.

The degree of crystallinity X cand the degree of orientation of crystallites
EL, determined by x-ray diffraction, are plotted against elongation ratio
in Fig. 5 for roll-oriented films. Although 1l« increases with increasing
elongation, A, decreases, probably because of the destruction of crystal-
lites at very high extension of the films. It is anticipated that the
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Elongation Ratio

Fig. = Variation with elongation ratio of the degree of crystallinity and the degree of
orientation of erystallities in roll-elongated films.

xicr'2

Horgetion  Rtio

Fig. G Piezoelectric .strain-constant d%! and the product Adi« plotted against elonga-
tion ratio.

magnitude of the piezoelectric constant should be proportional to the
product XQl«. Therefore, A'Gl« and the piezoelectric constant d2i* at
room temperature have been plotted against the elongation ratio in
Figure (. Maxima of and A,ll«appear at the same elongation ratio
of about 1.5.

If the initial concentrations of solutions placed in lhe magnetic field
were different., A, and ll« were quite different. Figure 7 shows A, and
L« of the films plotted against the initial concentration. Both quantities
decrease at high concentration. The reason for these effects on the mag-
netic orientation of PBLG solutions is not certain, but plausible explana-
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Fig. 7. The degree of crystallinity and the degree of orientation of crystallities for
magnetically oriented films plotted against initial concentration of PBLG in the solu-
tion placed in a magnetic field.

tions can be offered. It is known that PBLG molecules form liquid
crystals in concentrated solutions78 and that these liquid crystals can
be oriented in a magnetic field.342 If the initial concentration is very
high, the number of liquid crystals or of crystalline nuclei which may grow
to larger crystallites during solidification is large. This situation would
lead to a smaller degree of crystallinity for the resulting polycrystalline
film.  The high viscosity of concentrated solutions may also hinder
orientation of liquid crystals in the magnetic field during solidification.
The products AJl,, and the value of d2i' at room temperature are plotted
against the initial concentration in Figure 8. The maxima of ALII,, and
d2 are seen at the same concentration of about 15%. From the results
in Figures 6 and 8it is observed that d2 and Xell,, are nearly proportional.

Piezoelectricity in oriented proteins and synthetic polypeptides is gen-
erated by the piezoelectric polarization of crystallites of polymers.12
The observed polarization is the statistical sum of the polarizations of a
large number of uniaxially oriented crystallites. The symmetry of
crystals of PBLG is thought to be nearly hexagonal.9 If the polar axis
of the helical molecules is oriented in the same direction in the crystal,
the symmetry of the crystal would be approximately hexagonal polar Ce,
and the piezoelectric tensor would acquire the form :0

0 0 0 du dir, 0
0 0 0 dv, du 0 G)
hi dn dss 0 0 0

where the d-axis is the direction of orientation of the molecules, and the
f and 2 axes are perpendicular to it. On the other hand, if the polar axis
of the helical molecules is distributed at random in the crystal, the sym-



PIEZOELLCTKICITY IN ORIENTED FILMS 2031

ACTR

Fig. 8. Piezoelectric strain constant dm' and the product A'dltt plotted against the
initial concentration of PBLG.

motry of the crystal is approximately hexagonal holoaxial D§ and the
piezoelectric tensor is:10

0 0 0 du 0 0
0 0 0 0 du 0
0 0 0 0 0 0

In the film specimens, in which the crystallites are uniaxially oriented,
it is most probable that the positive sense of the long axis of the crystal-
lites is randomly distributed. Therefore, whether the symmetry of the
single crystal is polar or nonpolar, the symmetry of the assembly of the
crystallites is represented by Dx. This symmetry is usually found in
uniaxially elongated fibrous polymers. For the system with the sym-
metry Dx, the piezoelectric tensor is:110

0 0 Sigg* 0 0
0 0 0 dr=* 0
0 0 0 0 0

where the 3-axis is the direction of orientation of the crystallites. The
relation —du* = dZ* holds.

Although the uniaxial orientation of crystallites has been demonstrated
by x-ray studies for elongated and magnetically oriented films of PBLG,912
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the polarity of the orientation of the crystallites can not be determined by
such studies. However, a nonpolar orientation of crystallites is most
plausible for mechanically elongated films of PBLG. We therefore as-
sume the piezoelectric tensor (3) for the oriented film of PBLG. The
3-axis is assigned in the direction of elongation, the 2-axis normal to the
plane of the film and the 1-axis in the plane of the film. The polariza-
tion in the 2-axis is experimentally determined when a shear stress is
applied in the 1-3 plane. Thus dn* can be determined.

If magnetic orientation produces parallel orientation of polar axis of
crystallites, there is a possibility that the tensor form (1) is correct. It is
not possible, however, to measure the piezoelectric constants other than
d,:,* for the film specimens.

It lias been shown theoretically that the piezoelectric constant d&*
observable in uniaxially oriented films is represented by1l

du* = KX lat,
where K is a temperature-dependent constant which varies with the
viscoelastic and dielectric properties of the polymer and d5= —du is

the piezoelectric constant for the single crystal of PBLG. The results
presented in this paper indicate qualitatively that the piezoelectric con-
stant is proportional to the product of the degree of crystallinity A'cand
the degree of orientation of crystallites n,,.

In conclusion, shear-type piezoelectricity has been demonstrated in
oriented films of PBLG. The piezoelectric strain-constant d2w for mag-
netically oriented films is larger than that for mechanically oriented ones.
The magnitude of d2' is proportional to the product of the degree of
crystallinity and the degree of orientation of the crystallites. The char-
acteristic dispersions of d4 and d&' have been observed at temperatures
where side-chain relaxation and primary relaxation, respectively, take
place.
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NMR Observations of Drawn Polymers. [IX. Chain
Mobilization and Water Mobility in Nylon 66

H. G. OLE and A. PETERLIN, cCamille Dreyfus Laboratory, Research.
Triangle Institute, Research Triangle Park, North Carolina 27709

Synopsis

Wide-line NMR spectra of nylon (16 fibers have been obtained at different alignment
angles between the fiber axis and the magnetic field, at varying water contents (H2 and
ICO), and at different temperatures. At 28°C the spectrum of the dry fibers consists of a
nearly structureless broad line. At water regains of 1.4% by weight (dry basis) and
higher a sharp line appears which originates from highly mobile water molecules. The
width of this line decreases with increasing water content, implying an increase of water
mobility. Moreover, the width is a function of the alignment angle; this shows that the
water is not reorienting isotropically owing to specific water-polymer interaction. The
amount of mobile water is always smaller than the amount of water absorbed. At water
contents close to saturation, a mobile polymer line appears with a width intermediate
between the broad line (immobile polymer) and the sharp water line. This line, most
clearly observed at an alignment angle of 0°, is due to a shift of the aa process to lower
temperatures in the presence of water. A similar line is observed in the dry fibers at
12()°C. It is shown that the process decreases the NM R second moment only slightly.
The shift of the high temperature drop in second moment to lower temperatures in the
presence of water is therefore interpreted as due lo a shift of the acprocess, and not of the
o process, to lower temperatures.

INTRODUCTION

Nuclear magnetic resonance (N MR) studies of the structure and mobility
of wafer absorbed in solid polymers have greatly benefited from the use of
liber specimens as shown, for example, by the work of Berendsen et al.1-
and Dehl et al.34 Specific interactions between water and the polymer can,
in favorable cases, be discovered by a careful study of the NMR spectrum
as a function of the fiber-field angle. The present paper reports work of
this kind on nylon 66 fibers with varying water content. Some novel as-
pects concerning the behavior of both water and polymer are presented.
NMR studies of unoriented nylon-water systems have already appeared
in the literature.510

EXPERIMENTAL

The nylon 66 fibers used in this work have already been used in a
previous NMR. study,lwhere a detailed description of this material can be
found. A Varian DP-60 spectrometer was used for the proton wide-line

2033

© 1971 by John Wiley & Sons, Inc.



2034 OLF AND PETERLIN

TABLE |
Wider Regain of the Nylon 66 Fibers at Different Relative Humidities at 28°C and
N M i Second Moment at Alignment Angles 0°, 45°, and 90°

Water regain,

Relgtiye g of water/ Second moment, 2
humidity, 100 g dry
or nylon 66 = 0° = 0 7 = 90°
0 0.0 16.8 &0 0.5 11.2 £+ 05 149 £+ 0.5
2 - 16.8 11.5 14.5
10 0.4 17.2 11.5 14.8
20 0.7 17.0 11.0 14.8
33 1.4 17.0 11.0 14.8
53 2.6 16.8 10.8 14.7
75 4.3 16.7 10.4 14.3
80 4.8 16.5 10.0 14.1
91 6.2 16.4 9.7 14.0
100 — 16.5 9.5 14.2

KMR work. Calibration and evaluation procedures and steps taken to
prevent saturation are described elsewhere. 112

Most of the NIVIR experiments described herein were done at 2S°C.
The fibers were inserted into an opening cut in a Teflon rod sample holder
so that the fiber axis was perpendicular to the rod axis. By turning
the rod around its axis the fiber axis could be set at any alignment angle y
with respect to the magnetic field. The angle was read on a goniometer.
Sample and sample holder were enclosed in a glass tube which could be
attached to a vacuum system for equilibration with water vapor of different
relative humidities at 28°C. Dry samples were prepared by keeping the
fibers in a vacuum at 100°C for one week. The relative humidities and
th(> corresponding water regain of the fibers are given in Table I. The
influence on the NMR spectrum of different amounts of water absorbed by
the fibers was studied as a function of the alignment angle y (fiber-field
angle).

The NMR second moment has been determined as a function of tem-
perature in dry and wet nylon 66 fibers at an alignment angle of 90°. The
results differ slightly from those obtained by Woodward et al.6 on un-
oriented nylon 66 and will be reported here mainly because they lead to a
different interpretation in terms of polymer mobility.

RESULTS AND DISCUSSION

Angle Dependence

Shape of Spectra. Proton absorption spectra of the nylon 66 fibers are
shown in Figure 1 in the first derivative form obtained experimentally.
They were taken at values of the alignment angle of 0°, 45°, and 90°,
respectively, and at the indicated relative humidities. The spectrum of
the dry fibers is changed considerably upon addition of water. The most
obvious effect of adding water is the appearance of a narrow line. This
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line is believed to arise from protons on highly mobile water molecules in
the sample. Not shown in Figure 1 are the spectra obtained at relative
humidities between 20% and 0%. These spectra did not show a narrow
line but only a slight change in shape as compared with the spectrum of the
dry fibers. This implies that water is so tightly bound at these levels of
water content that its mobility is severely restricted.

It is apparent from Figure 1that at relative humidities of 75% and 91% in
addition to the broad polymer line and the sharp water line, a line of inter-
mediate width has emerged. This line is more clearly distinguished at
the alignment angle 0° than at 45° and 90°. That it does not originate
from water but from mobilized polymer segments is concluded for the fol-
lowing two reasons. First, the broad polymer line decreases slightly in
intensity as would be expected if the polymer chain segments mobilized
by the water no longer contribute to it. Second, a fiber sample exposed to
D2 at 91% RH showed a line identical to that produced by ILO. Since
D2 does not contribute to the proton absorption, of course, it is clear that
this line represents polymeric protons. (Prior to this experiment the ac-
cessible amide protons were exchanged with D to prevent formation of
HDO.) This line will be called the mobile polymer line.

It is believed that the mobile polymer line is the NMR. manifestation of
the chain segmental motion involved in the aaprocess, which is sometimes
called the “glass transition” of nylon b6. In dry nylon 66, the aaprocess
occurs at approximately 100°CU (5 X 104Hz) as indicated by a pronounced
narrowing of the NMR spectrum,1l 5for example. Water is known to act
as a plasticizer, shifting the process to lower temperatures.4 Woodward
et al. have reported a shift of the aa process as observed by dynamic-
mechanical techniques from 100°C in dry nylon 66 to about 5°C in nylon 66
saturated with water, at frequencies around 700 Hz. This shows that,
under the conditions of temperature (25°C), relative humidity (91%) and
frequency (104to 105Hz) employed here the aaprocess may well be expected
to be activated.

Much discussion has been devoted to the existence of a frequency-humid-
ity superposition in dynamic-mechanical data on nylon 66.17-2 In the
context of the present experiments, this idea can be stated as follows. If
the mobile polymer line observed at 28°C in the presence of water does
indeed correspond to the aaprocess in nylon 66, then it should be possible
to observe a very similar line with dry nylon 66 at some elevated tempera-
ture. This is actually the case as is illustrated in Figure 2. A comparison
is made between the spectrum of the nylon 66 fibers at 25°C, containing
water, and the spectrum of dry fibers at 120°C. Although the spectra are
by no means identical, the similarity of the mobile polymer lines in both
spectra is apparent.

Another feature of the spectra in Figure 2 which deserves some comment
is that broad line is considerably narrower at 120°C than at 28°C. This is
attributed to motion in crystalline regions (the acprocess) which has re-
cently been discussed. 1123
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Width and Intensity of the Narrow Line. The width of the narrow water
line strongly depends on the amount of water absorbed by the fibers, as
shown in Figure 3. The linewidth is defined in the insert in Figure 3,
showing the narrow water line at 75% RH on an expanded field scale
compared to that used in Figures 1and 2. The smaller the linewidth, the
higher the water mobility, in general.

The mass of mobile water per 100 g of dry nylon 66 is plotted in Figure
4 as a function of the water content. This mass fraction was calculated
from the ratio of the area, under the narrow absorption line to tin' area

y =45°

o)

Fig. 1 {continued)
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Fig- 1 First-derivative NM It absorption (in arbitary units) versus the magnetic fiekl
from the center of resonance (in gauss). The nylon 66 fibers, equilibrated with water
vapor at the indicated relative humidities, were set at alignment angles y of the fiber
axis with respect to the magnetic field of 0°, 45°, and 90°. Since the spectra are sym-
metric with respect to the origin, only one-half of each trace is shown.

under the whole spectrum, that ratio being the fraction of mobile hydrogens
in the sample. (The area under the absorption line is equal to the first
moment of the derivative spectrum.) As has already been mentioned,
there is no separate sharp line below 20% RH. At low regain values the
amount of mobile water is considerably smaller than the total amount of
water absorbed by the fibers. The hypothetical case where the two are
equal is represented by the broken line in Figure 4. At higher regain values

Fig. 2. Comparison of two spectra of nylon 66 fibers, taken at alignment angle 0° under
the following conditions: (-* ¢) 28°C, 91% RH; (—) 120°C, dry sample.
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AH, G

Fig. 3. Width AH of the sharp line as a function of water regain (g of water/100 g of dry
polymer). The linewidth is defined in the insert (see text).

Fig. 4. Amount of mobile water (g/100 g of dry nylon 66) as a function of water
regain g/100 g of dry nylon 66. The broken line would apply if all the absorbed water
were highly mobile (see text).

the experimental points seem to approach this line, indicating that newly
added water mobilizes some of the water which remained immobile at
smaller water regains.  The fraction of mobile water is not considered accu-
rate enough to allow determination of the amount of “bound” or immobile
water by taking the difference between the amount of absorbed and of
mobile water.

It was noted that the width of the narrow water line depends on the align-
ment angle. At relative humidities around 53%, conditions were most
favorable to determine this anisotropy. The measurements appear in
Figure 5. There is a variation of the linewidth of about 25%, with a mini-
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AH, G

Fig. Dependence ot (die width of the sharp line on the alignment angle 7 at 53%
relative humidity.

mum width at an alignment angle of approximately 40°. This angle de-
pendence implies that the water molecules do not reorient isotropically.
Rather they prefer certain orientations with respect to the fiber axis over
other orientations on a time average. This preference is thought to be
dictated by the specific water-polymer interaction34which probably con-
sists mainly of hydrogen bonds between water and the peptide groups of
the nylon.

If the principal axis of anisotropy of the reorienting water molecules
were along the fiber axis, then AH would be expected to varyr according to
B cos27 —I1|. The angle dependence in Figure 5 clearly does not conform
to this, indicating that the principal axis of anisotropy' is at an angle with
respect to the fiber axis.

Temperature and Moisture Dependence of Second Moment

Spectra were obtained between —200°C and +200°C with dry fibers and
with fibers saturated with D2 at room temperature; as mentioned earlier,
the alignment angle was 90D The second moments of these spectra appear
in Figure 6 as a function of temperature. As is now well established,61
the second moment of the dry sample decreases in essentially two stages
with rising temperature: the first stage begins at about —120°C and en-
compasses the decrease in second moment up to approximately 80°C; this
decrease has been attributed to chain segmental motion in noncrystalline
regions,11'2called the 7 process. The second stage is the high temperature
decrease in second moment starting at about 90°C.  This is caused mainly,
but not exclusively, by chain segmental motion in the crystalline regions,
termed the aOprocess;11,23 the small contribution to this decrease from the
aaprocessll will be discussed below.

The second moments of the D2-saturated fibers were determined by
ignoring the sharp line which arises from a small amount of IFO and HDO
formed by deuterium exchange of the amide hydrogen. These second
moments, therefore, essentially represent the polymer. The curve of
second moment versus temperature for the wet fiber is seen to differ from



2010 OI7F AND PKTIiMIJIN

TEMPERATURE, °C

Fig. G Second moment S as a function of temperature for nylon GOfibers at the align-
ment angle 90°: (O)dry fiber; () fiber saturated with 1)sO; (—) dataéon an un-
oriented, dry (deuterated) sample; (------------- ) sample6with DD.

that of the dry fiber, running above it at temperatures around —40°C and
falling below it at high temperatures. An interpretation of these differ-
ences will be given below in terms of the various mechanisms of chain seg-
mental motion in the polymer.

Also shown in Figure 6, by the thin lines, are results taken from the work
of Woodward et al.6 The general features of the curve corresponding to a
dry sample, indicated by the thin continuous curve, are similar to the pres-
ent results. As the data of Woodward et al. were obtained with an un-
oriented bulk sample, they ought to fall well below the curve for the fiber
at an alignment angle of 90°.1L That they are actually above that curve
may be due to saturation. The temperature dependence of the second
moment observed here for wet nylon (j(i differs slightly but characteristi-
cally from that observed by Woodward et al.6

In agreement with Woodward et al.6B6and Kolarik et al.,Z the present
data show that the drop in second moment at low temperatures, which is
due to the y process, is smaller at first in the wet than in the dry sample.
In keeping with the interpretation given by these authors we attribute this
effect to immobile water which presumably hinders polymer chain mobility
in noncrystalline regions. At temperatures above —75°CI0 the water
becomes increasingly mobile, as shown by the appearance of a sharp water
ling, enabling the polymer to gain in mobility and causing the second mo-
ment to fall toward the curve of the dry polymer.

It has been pointed out by Woodward et al.6that about half the decrease
in second moment occurring in the dry polymer at high temperatures (sec-
ond stage) appears to be shifted to lower temperatures in the wet sample
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(compare the thin curves in Fig. (i). This was attributed to the shift of the
«aprocess to lower temperatures. The present data suggest a somewhat
different interpretation. Although it is agreed that water does shift the
0Oa process to lower temperatures, the fiber data in Figure (i indicate that
the second moment around 28°C is little affected by this. This point is
further supported by the second-moment data in Table I. The fibers
saturated with 11/) show an average drop in second moment of only about
1G2as compared with the dry sample.  This is in agreement with the value
for fibers saturated with DD (Fig. 6), but at variance with the thin broken
line6in Figure G

It should not be surprising that the second moment is so insensitive (Ta-
ble 1) to the aaprocess, i.e., the emergence of the mobile polymer line at high
water contents (Fig. 1). It must be remembered that the NMR second
moment is proportional to the third moment of the first derivative line;B
this implies that the outer wings of the broad line have the predominant
influence and that the central portion, including the mobile polymer line,
has a comparatively small influence on the second moment.

Since the decrease associated with the aaprocess is seen to be small, most
of the decrease occurring at 90°C and above must be due to the acprocess
in both dry and wet nylon 06. The results in Figure 6 imply that water
also shifts the acprocess to lower temperatures, in seeming contradiction to
the often stat ed fact that water enters the noncrystalline regions of nylon GO
but not the crystalline regions. It should be noted, however, that this
observation is in good agreement with Brill’s X-ray data;® he found that
the transition to the pseudohexagonal phase in nylon 66, which is believed
to be intimately connected with the acprocess,1123 occurs at temperatures
20°C lower in the presence of water. This compares favorably with the
shift of approximately 25°C observed in Figure 6.

Exactly how water affects the chain segmental motion in crystalline
regions remains a matter of conjecture.

The authors are grateful to the Camille and Henry Dreyfus Foundation for the gen-
erous support, of this work and I)r. (I. W. Sovereign of the (‘hems! rand liesrarch Center
at Durham, N. for supplying the nylon (id fibers.
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Growth and Morphology of Single Crystals of
Linear Aliphatic Polyesters

T. KANAMOTO and K. TANAKA, Department of Chemistry, Faculty of
Science, Science University of Tokyo, Kagurazaka, Shinjuku-ku, Tokyo,
Japan, and H. NAGAI, Material Laboratory, Furukawa Electric Co., Ltd.,
Yokohama Electric Wire and Cable Works, Nishi-ku, Yokohama, 220, Japan

Synopsis

In order to elucidate the relations between morphological habits and chemical struc-
ture of polymers, poly(ethylene sebacate), poly(hexamethylene sebacate) and poly-
(decamethylene 1,16-hexadecanedicarboxylate) were crystallized from dilute solutions
in n-hexanol, isoamyl acetate etc., and were studied with the electron microscopy and
x-ray diffraction. The crystal structures of these polyesters are tentatively determined.
Morphological “regularity” and “simplicity” of the single crystals are correlated with the
chemical structure of the polymers. The crystallization conditions under which “reg-
ular” and “simple” single crystals are obtained are relaxed with increase of methylene
sequence length in chemical repeat unit. The Bragg extinction bands in the single crys-
tals of poly(hexamethylene sebacate) and poly (decamethylene 1,16-hexadecanedi-
carboxylate) suggest nonplanar nature of these crystals. The molecular chains in the
polyfethylene sebacate) single crystal are inclined from the normal of the basal plane;
the fold surface corresponds to the (001 ) plane.

INTRODUCTION

Since the discovery of single crystals of polyethylene,'~i those formed by
a large variety of polymers have been studied. It iswell known that certain
kinds of polymers, such as polyesters and polyamides crystallize generally in
less regular habits than polyethylene and polyoxymethylene.46

Only a few studies6*8have reported on single crystals of linear aliphatic
polyesters. Mnynku et al.6 studied the morphology of oligomeric poly-
esters (Mn, 2000-3000) from 1,10-decanediol (and 1,20-dodecanediol) and
various dibasic acids. The crystals precipitated by cooling the solutions
were rhombic or hexagonal, and the fold period was equivalent to the
chemical repeat unit. Gumargaliyeva et d.®studied the annealing of single
crystals of poly(hexamethylene sebacate) and poly (eicosamethylene dodec-
anedicarboxylate) and reported that the fold period and density increased
with heat treatment.

The -(-0—(CH»),—0—GO—(CTL),,—COT ,, polyesters are particularly
interesting polymers for elucidating relations between chemical structure
and physical properties. First, the methylene sequence length can be
varied easily. Second, the molecular packing in the crystalline state is
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similar to that of polyethylene;9-12 and third, the crystal structure, in
contrast to that of polyethylene, shows anistropy, due to the ester groups, in
a plane nearly perpendicular to the molecular chain.

The purpose of the present work isto investigate the morphological habits
of solution-grown crystals of linear aliphatic polyesters with a variety of
chemical repeat units, specifically of single crystals of poly(ethylene
sebacate), poly(hexamethylene sebacate), and poly(decamethylene 1,16-
hexadecanedicarboxvlate) and to illustrate the relations between the
chemical structure of the polymers and the morphological regularity of the
single crystals. Hereafter, these polymers arc referred to as 2 S, 6 8, and
10 10polyesters, respectively.

EXPERIMENTAL

Preparation and Characterization of Polyesters

Polyesters were prepared according to Carother’s method: B
[1—O—(CIh)x—O—H + 1t--O—CO--(C112),—CO—O—R =----mz-mm=mm- >
y or Zn(CHaCOOh
+0 —(CH2h—0—CO—(Cll2),—co +,

where P = —H or—CH3(denoted as x-y polyester).

After the reaction, the polymers were purified by repeated precipitation.
Number-average molecular weights (Mn) were estimated by vapor-pressure
osmometry. Melting points of bulk polymers were determined by dilatom-
etry. To estimate the effect of solvents, cloud (7',.,ui) and dissolution
(Ta) temperatures were also observed visually at a cooling or heating rate of
approximately 1°C/o0 min. The results of these characterizations are
given in Table I.

TABLE |
('haraeterizatioii of the Bulk and Single Crysfais of I'olyinslei's

Cryst;tls ill SI>lvenl

Bulk
1 1dg 0,
Polymer 1/, °C Silven (“ °C °c
2-S polyester o id,000 si i-AA *13.7) 717
+ 0—Cirgf—e>{"'o—{(ci i)»—<¢o+,, re-ll 70 on.n
i-B 01 00
6-8 polyester 12,000 7S.0 i-AA 30.7) 40.7)
-fO—C1,)—0—C0—c Iffk—€o0+,, re-ll 40 -
10-16 po!yester 13,000 92.7 i-AA 72 63.0
+0—CirY)B~H)—<0—(ch2ig—co+n re-ll 00.7)  70.7)

“i-AA, re-H and i-B represent isoamyl acetale, re-hexanol, and isobutanol, respectively.

Solution Crystallization

Crystallizations were carried out as follows from isoamyl acetate and
n-hexanol solvents: (1) slow cooling of dilute solutions at the rate of
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1°C/30 min from 10°C above the dissolution temperature, (2) isothermal
crystallization of solutions held for 2040 hr at a fixed temperature and then
filtered at that temperature to prevent additional crystallization during
further cooling.

Electron Microscopy and X-Ray Diffraction

Electron microscopic observations were carried out with a Hitachi
HU-10 type electron microscope. Crystals were shadowed with germa-
nium. Gold was used to calibrate the diffraction spots. Wide-angle x-ray
diffraction photographs of stretched fibers and oriented mats of single
crystals were obtained by cylindrical and flat plate cameras with Ni-filtered
CuKa radiation. Small-angle x-ray scattering was also measured. A
Rigaku Denki D-8C type x-ray diffraction instrument and accessories were
used.

RESULTS AND DISCUSSION

Crystal Structures of 2-8, 6-8 and 10-16 Polyesters

Crystal structures of linear aliphatic polyesters have been studied by
Fuller et al.,9-11 and recently, detailed analyses have been reported on some
of the polyesters by Turner-Jones et al.2and Chatani et al.4 However,
few studies have been reported on the polyesters used in the present study.

Fig. 1. X-Ray fiber photograph of 2-8 polyester.
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Fig. 2. X-Rav fiber photograph of 6-8 polyester. Weak streaks are observed along
the layer lines. Note some weak reflections suggesting the presence of a different modi-
fication (for example, the reflection on the meridian of the second layer).

The x-ray fiber photographs of the 2 8 and 6-8 polyesters are shown in
Figures 1 and 2 respectively. The unit cell and space group of the 2-8
polyester were determined from the 49 spots in the photograph. Although
the x-ray diffraction pattern of the 6-8 polyester shows very weak streaks
along the layer lines, except on the equator, and a few weak reflections sug-
gesting an orthorhombic modification, the substantial spots were indexed
with the monoclinic structure. The space group of the 2-8 polyester is
P2i/a, for which the absence are; (hOl) when his odd and (OftQ when k
is odd. This is in agreement with 2-4 and 2-6 polyesters.2 By com-
paring the observed density with the calculated one, it is certain that two
chains penetrate into a unit cell (2-8 polyester, dtbS = 1.173, 4ic. = 1-227
g/cm.3; 6-8 polyester, dobs. = 1.114, dGasic. = 1.151 g/cm3. The unit cell
parameters obtained are shown in Table II. The table indicates that the
chains are of planar zigzag conformation as reported for aliphatic polyesters.
Furthermore the difference of around 0.5 A in the observed and calculated
fiber periods may be ascribed to distortion in the ethylene glycol unit.911' P

Information on the crystal structure of the 10 16 polyester was obtained
from electron diffraction on single crystals (Fig. 3) and x-ray diffraction
from oriented mats of single crystals (Fig. 4), because of the lesser draw-
ability of this material.  Assuming a monoclinic cell with polyethylene type
molecular packing, the unit cell parameters of the 10-1(3 polyester were de-
termined as asinp=4983 A (@ =547 A), b =738A c=37Aand (fi =
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Fig. 3. Selected-area electron diffraction pattern of a single crystal of 10-16 polyester.

Fig. 4. X-Ray diffraction pattern of 10-16 polyester single crystal mats obtained with the
beam parallel to the mat surface (which is horizontal in the present mounting).

115°). These results and others on some of the linear aliphatic polyesters
tire summarized in Table I1.

Morphology of Single Crystals

2-8 Polyester. The morphology of single crystals reflects the crystal-
lographic symmetry of the unit cells; for example, single crystals of linear
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Fig. 5. 2-8 Polyester crystals grown from 0.005 wt-% solution in n-hexanol at 57°C
(2°C below 2'ciouj). Note marked striations in the ribbons.

polyethylene show smooth faces well defined by (110) and (100) planes,
sharp corners, distinct fold sectors, and hollow pyramidal structure,.4
Crystals which possess these characteristics are designated below as “regu-
lar” crystals, and those of monolayers alone or with slight overgrowths as
“simple” crystals.

Figure 5 shows an electron micrograph of crystals formed isothermally
near the cloud temperature (Tc = 57°C, 2°C below Tcioud) from a solution
0.005 wt-% in n-hexanol. Similar crystals were obtained from isoamyl
acetate solution at the same degree of supercooling. Those crystallized
near Tcioud are ribbonlike lamellae extended along the a-axis, 1-3 ix wide
and about 100 A thick. Other morphological features are the irregular
growth faces and the marked striations running along the longer dinension
(the a axis) of the crystals (Figs. 5 and 6). Although the origin of these
striations is not clear, they are quite similar to those found in single crystals
and in two dimensional spherulites of poly(ethylene terephthalate).”
Figure 6 shows the complex crystals precipitated by slow cooling of an iso-
amyl acetate solution. They are similar to those in Figure 5, but well-
defined faces, (110), are observed in some regions of the crystals (labeled by
the arrow in Fig. 6).

As is shown in Figure 7, fairly “simple” crystals could be grown from
solutions in isoamyl acetate, n-hexanol, and isobutanol. However, the
number of such crystals were very few and their dimensions were very
small. Fairly “regular” crystals were also formed through spiral growth,
(Fig. 8). They are surrounded by (110) and (010) growth faces reflecting
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Fig. 6. 2-8 polyester crystals precipitated by slow cooling of 0.005 wt-% solution
in isoamyl acetate. The (110) faces are observed in some portions (shown by the ar-
rows).

Fig. 7. Elliptical crystals of 2-8 polyester grown from 0.05 wfc-% solution in isoamyl
acetate at = 30°C (130C below 7\ioud). Very few of these relatively simple
crystals appear in the electron microscope field.
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Fig. 8. Well defined crystals of 2-8 polyester formed through spiral growth on the
mother crystal. Note that the dimensions of such well-defined crystals are very small,
(<0.5/t).

the crystallographic symmetry. The size of such crystals was also very
small (<0.5 n). They seem to grow at intermediate supercooling in poor
solvents such as n-hexanol and isobutanol (Table I).

Although various solvents (polar and nonpolar, such as isoamyl acetate,
n-butanol, ¢erf-butanol, isobutanol, n-hexanol, and mixtures of nonpolar
solvents), concentrations, and crystallization conditions (slow cooling,
isothermal crystallization, and seeded nucléation® were tried, attemptsto
precipitate simple and regular single crystals of large size were not suc-
cessful. In general the crystals grow into two-dimensional spherulites or
ribbonlike lamellae with the longer axis corresponding to the a axis and with
curved or rough faces. However, in a few cases, fairly "simple” elliptical
lamellae (Fig. 7), and very small “regular” crystals formed by spiral growth
on the mother crystals (Fig. 8) were observed.

Electron and X-Ray Diffraction of 2-8 Polyester Single Crystals. Elec-
tron diffraction patterns of crystals of various morphologies were essen-
tially the same (Fig. 9). The main features are (1) the (020) reflection is
very strong and all others weak, and (2) in addition to low order (hkO) re-
flections, that with d = 4.44 A is observed inside the (110) reflection.
This suggests a tilting of molecules from the normal to the basal plane in the
(020) plane. The spacing d = 4.44 A is substantially identical with d\\F. =
442 A, If the fold surface of the crystals is assumed to be the (001) palne,
the diffraction effect can be understood as follows. (1) an angle of 4°50'
between the (111) plane and the incident beam (parallel to the normal of the
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Fig. 9. Selected-area electron diffraction pattern of 2-8 polyester crystal. The pai-
tern corresponds to the reflections from the circular portion in the photograph. Note
the four weak reflections from planes with / ~ 0. All others are (AAO). The (020) re-
flections are very strong and all others are very weak. These facts indicate that the
molecules are inclined from the normal of the basal plane in (020) plane.

Fig. 10. (a) X-Ray diffraction pattern of sedimented mat of 2-8 polyester single crys-
tals (x-ray beam parallel to the mat surface, which is horizontal in the present mount-
ing), and (b) scale drawing of the pattern. The points in the quadrant represent the
calculated positions when the (001) plane is the basal plane of the crystals which lie
parallel to the mat surface.

basal plane) might be sufficient to satisfy the Bragg condition for (111)
planes relaxed by the extension of the reciprocal lattice point due to the
thickness of the crystals©9(SOA), and (2) the molecules are inclined from the
normal oi the fold surface (basal plane) in the (010) planes, and accordingly
only the (020) reflectiln is strong.

In order to obtain additional information on the orientation of molecules,
an x-ray diffraction study was carried out. Figure 10 shows the x-ray dif-
fraction pattern of a sedimented mat with tire incident beam parallel to the
surface of the mat. Although the orientation is inherently broad, the
maxima of the reflections may be distinguished. All the (00/) reflections
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have their maxima on the meridian and the (020) reflections, on the equator;
however, the (110) and (Oil) reflections diverge from the equator by 22°
and 28°, respectively. The small-angle reflection on the meridian (along
the normal to the mat) indicates that the lamellae orient with basal plane
parallel to the mat surface.

If the (001) planes are parallel to the mat surface, the splitting of the
(hk1) reflections from the equator, OM, is given by,

sin g = d(Didhki<(/i.COS (ISEOO s -| )
COS chki ( ac Sin 28 c2sin 23

where dm and dm are the spacings of the (001) and (hk1) plane respectively,
and dh«i isthe Bragg angle. The calculations of splitting, $e0i = 90°, 0=
0°, Oiio = 21°21' and 0@ = 26°, are in good agreement with the observed
values, Oooi = 90° o020 = 0° Ono = 22° and Oon = 28°. These facts
indicate that the fold surface of the crystals is the (001) plane, in accordance
with the result from electron diffraction. The situation is similar to that
reported on several polyamides and poly (ethylene adipate).D

Kawai et al.ZLand Holdsworth et al.,2have reported that in polyethylene,
complex and irregular crystals were formed when the number of alkyl-
branches increased. Kawai et al. have attributed the effect to the irregular
folds perturbed by the branches rejected from the crystal lattice. Ltoz
et al.Z32studied single crystals of copolymers composed of one polyethyl-
ene oxide) and one polystyrene block. They found that the crystal plate-
lets consisted of chain-folded poly (ethylene oxide) portions sandwiched
between amorphous polystyrene portions; these block copolymers could
crystallize in a regular habit reflecting the crystallographic symmetry even
if the crystals were wrapped in amorphous layers.

On the other hand, although the 2-8 polyester generally crystallizes in
less regular habits, the fold surface seems to be fairly regular because it
corresponds to the (001) plane. The crystallization pattern of this polymer
may be ascribed not to irregularity of chain molecules introduced by side-
reaction during polymerization, but to the crystallization mechanism re-
lated to the chemical structure. The effect of methylene sequence length in
polymer molecules on morphological habit will be described further for G-8
and 10-16 polyesters.

6-8 Polyester. Gumargalieva et al.8studied the annealing behavior of
G8 polyester single-crystals precipitated from ethanol solution. The
crystals reported were very small (ca. 1g) and hexagonal with heavy over-
growth and irregular edges. Insolubility of the polymer (m n = 12,000) in
ethanol in our experiments suggests that the material used in their study
was of low molecular weight.

Figure 11 shows typical single crystals precipitated from a 0.005 wt-%
solution in n-hexanol at TO = 44°C (2°C below T doud)- These hexagonal
crystals are outlined by (110) and (100) growth faces and are 80 A thick.
On comparing the morphology of these large single-crystals (10-20 /) with
those of 2-S polyester crystals, it is clear that the former exhibit smoother




)
Fig. 11. Single crystals of 0-8 polyester grown from 0.005 wt-% solution in n-hexauol
at 44°C (2°C below 2cioud). The Bragg extinction bands running perpendicular to
the growth planes are more regular in the twinned crystals (6), than in the monolayers

(a).
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Fig. 12. 6-S polyester crystal precipitated from isoamyl acetate solution by slow
cooling, and a selected-area electron diffraction pattern from thinner portion of the
crystal.

faces and sharper corners than the latter. The Bragg extinction bands in
Figure 11 are approximately perpendicular to the corresponding growth
faces in both the (110) and (010) fold sectors. They are less regular, and
hence the fold sector boundaries are not so apparent as in the 10-16 poly-
ester single crystals shown in Figure 13 (below). Some differences in the
extinction bands for the twinned crystals (Fig. 116) and the monolayers
(Fig. 11a) are significant, and may be interpreted as due to the nonplanar
structure of the crystals. Furthermore, the appearance of such Bragg
extinction bands suggests nonplanarity of the 6-8 polyester single crystals.

The crystals grown from isoamyl acetate solutions were in general
thickened by heavy overgrowths (Fig. 12), and no simple and regular
crystals were observed with the crystallization conditions employed.

The electron diffraction pattern shown in Figure 11a is simple; it shows
up to five orders of (hkO) reflections and no reflections from planes with
I?* 0. This indicates that the molecular chains in the 6-8 polyester
crystals are nearly perpendicular to the basal plane, a finding which is
supported by x-ray diffraction studies on single crystal mats.

10-16 Polyester. This polymer crystallizes in “simple” and “regular”
habits under the various crystallization conditions.
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The single crystals shown in Figure 13 were obtained by immersing a
hot isoamyl acetate solution in a bath regulated at 40°C (12°C below Tc\aud)
for 8 hr and then cooling to room temperature. In the photograph, lozenge
and truncated lozenge crystals are observed. This suggests that the crys-
tallization was not isothermal. The true lozenges show regular extinction
bands running along the (310) direction (the direction corresponding to
(130) in polyethylene). The extinction pattern indicates that two diago-
nals of the true lozenge correspond to fold sector boundaries. As was sug-
gested by Reneker et, al.5and Bassett et al.AZ in their studies on habit
features in polyethylene single-crystals, the extinction bands may be as-

Fig. 13. Single crystals of 10-16 polyester. Two types of crystal are observed; lozen-
ges and truncated lozenges. The thin border of the crystals is believed to have grown
during cooling.

sociated with the collapse of the pyramidal crystals during sedimentation
onto the substrate. Although these crystals are surrounded by thin ragged
borders, the thicker lamellae show smooth growth faces, sharp corners,
distinct fold sectors, and hollow pyramidal structure.

In Figure 14 is shown a large hexagonal crystal (40-50 g), 120 A thick,
grown from isoamyl acetate solution at 50°C (2°C below Tciouwd) and its
electron diffraction pattern. This type of crystal, outlined by (110) and
(010) growth faces, is very similar to high-temperature polyethylene single
crystals.B They also show diffraction contrast but the extinction pattern is
different from those observed with true lozenges of the 10-16 polyester, the
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6-8 polyester, and high-temperature polyethylene crystals. Although the
extinction bands are irregular in the (010) fold secotrs, they orient parallel
to the a-axis (which corresponds to the b-axis of polyethylene) throughout
the crystal. Central pleats were sometimes observed in monolayer single-
crystals (Fig. 14). As was confirmed in polyethylene single crystals,2°D
polymer molecules deposit on growth faces with folding along the (010)
planes inthe (010) fold sectors and along the (110) planes in the (110) sectors.
Hence, the crystal may be expected to collapse more smoothly along (010)
planes in the (010) sectors than in the (110) sectors. Contrary to the above
expectation, the extinction bands become more irregular in the (010) fold

Fig. 14. A large hexagonal single crystal of 10-16 polyester grown from isoamyl ace-
tate solution at 50°C (2°C below i’ciauj). The Bragg extinction bands are parallel to
the a-axis throughout the crystal but staggered in the (010) sectors. A pleat lies parallel
to the extinction bands at the center of the crystal (shown by the arrow).

sectors. Further study is needed for detailed analysis of these bands and
pleats in relation (o the spatial nature. Nevertheless, there is clear evi-
dence for the nonplanar nature of the high temperature form of 10-16 poly-
ester single crystals.

Electron diffraction patterns from lozenges and truncated lozenges are
identical and show (hkO) reflections up to eight orders and no reflections
from planes with | 3* 0, (Fig. 14). Although Bragg extinction bands were
observed in both types of single crystals, the electron diffraction pattern
suggests that the molecular chains are perpendicular to the basal plane of
the single crystals after collapse. This is consistent with the result de-
duced from the x-ray diffraction of single-crystal mats.
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Relation between Chemical Structure and Habit
Features in Single Crystals

In summary of the above results and discussion, the 2-8 polyester crys-
tallizes generally into two-dimensional spherulites or ribbonlike lamellae,
(Figs. 5and 6). Simple and elongated ellipsoids, (Fig. 7), and very small
daughter crystals (< 0.5 n), well-defined with low index planes (Fig. 8),
were also formed, but the number of such crystals was very small. Al-
though various polar and nonpolar solvents were employed, no simple and
regular crystals of large size were formed under the crystallization condi-
tions employed here. The 6-8 polyester crystallizes from n-hexanol solu-
tion near the cloud temperature into simple and fairly regular single crystals
of hexagonal outline, defined with low index planes. A nonplanar structure
for these single crystals is suggested by the Bragg extinction bands. In
the crystallization of the 10-16 polyester, which possesses the longest
methylene sequences in both glycol and acid portions, conditions under
which “regular” and *“simple” single crystals are formed are further re-
laxed. For instance, true lozenges and hexagonal single crystals of large
size (10-50 fi) with smooth faces, sharp corners, distinct fold sectors, and
pyramidal structure, were precipitated from isoamyl acetate solutions in
the temperature range from TGoud to 15° below 7,dod Table 111 sum-
marizes some habit features of the single crystals of 2-8,6 -8, and 10-16 poly-
esters.

The morphology of polyethylene single crystals has been found to become
less regular with increasing numbers of alkyl branches in the chains.2L.2
Livingston,5who extended the relation to polymers generally, suggests that
the degree of regularity in polymer single-crystals provides a good criterion
for judging the regularity of the chains. However, there is no evidence for
production of chain branches during polymerization of these polyesters.
Hence, the marked difference in the morphological habits of single crystals
of linear aliphatic polyesters formed from monomers of different length
must be ascribed to properties inherent in the methylene sequence length
in the chemical repeat units.

The x-ray and electron diffraction studies on the orientation of the mole-
cules in the single crystals show: (1) in crystals of 2-8 polyester, the
molecules are inclined from the normal of the basal plane; (2) in 6-8 and
10-16 polyester single crystals, however, the molecules are approximately
perpendicular to the basal plane.

In 2-8 polyester crystals the results indicate that the (001) plane corre-
sponds to the fold surface. The similarity of habit in the true lozenge crys-
tals of 10-16 polyester and polyethylene crystals, which have a [(314) (110) ]
fold surface, 8627 suggests that the fold surface of the former is not the (001)
plane. To elucidate the fold surface geometry of 6-8 and 10-16 polyester
single crystals is more complex, because the resultant basal planes after col-
lapse are closely correlated with the mode of collapse and the original spatial
structure.
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Fractionation oi Linear Polyethylene during Bulk
Crystallization under High Pressure*

J. L. KAIUOS, II.-M. LI, and K. A. ITUCKSHOLD, Department, of

Chemical Kmjincennij, Washington | 'nieersily, Si. Louie, MissouriUSISO

Synopsis

Two linear polyethylene fractions (il/,, J1,200 and 100,000) and mixtures of these
fractions have been isothermally crystallized from the melt under pressures up to 3000
aim. Characterization of individually crystallized fractions with transmission electron
microscopy indicates that pressure can be used to produce a crystallite whose thickness
is a measure of the chain length within it. Although the high molecular weight fraction
yields spherulites containing individually varying lamellae thicknesses, the maximum
thickness of each lamella is a measure of the chain length within it. Both electron micro-
graphs and differential thermal analysis results show that crystallization of homogeneous
mixtures of the high and low molecular weight fractions under high pressure results in a
distinct fractionation and segregation according to molecular weight.

INTRODUCTION

Almost till characteristic bulk properties of crystallizable polymers de-
pend on the structure of the crystallites and the nature of the interaction
between them. Both the crystallite size and perfection and the nature of
tilt' intercrystallite regions depend on the mechanism by which individual
polymer chains crystallize from what is often referred to as a bulk, spa-
ghetti-like melt. Much is now known about the crystallization mechanism
in the case of dilute polymer solutions,1 but extrapolation of these results to
the bulk situation is, at best, risky. Thus, in attempts to interpret the
properties of bulk crystalline polymers by elucidating the nature of their
solid state, considerable controversy has emerged concerning the molecular
nature of the crystallites and the mechanism by which they form.  Specifi-
cally, the question of how much molecular weight fractionation and segrega-
tion can occur during bulk crystallization is still largely unanswered and is
the subject of this paper.

In the case of crystallization from dilute solution, fractionation has been
predicted from theoretical considerations by Kawai2 and demonstrated
experimentally by Kawai and Keller.3 Kinetic crystallization theory, as
presented by Hoffman,4 predicts fractionation during bulk crystallization,
but conclusive experimental proof is lacking in the literature. This is not

* Presented in paid at the Dallas Meeting of the American Physical Society, High Poly-
mers Division, March 1970.
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too surprising when one considers the morphology of bulk-crystallized poly-
mers. The crystallites in most cases are lamellae of 100-500 A thickness,
which contain highly folded chains. Thus, high or even relatively low
molecular weight chains will crystallize in a folded conformation to form
lamellae which look much the same in the electron microscope and possess
nearly the same physical properties. To be sure, there are differences in
melting points between high and low molecular weight samples, but unless
the molecular weights differ by an order of magnitude or more, such differ-
ences are not large enough to allow distinction between the melting of
lamellae containing short folded chains and those containing long folded
chains inthe same sample.

When the molecular weight is low enough, normal crystallization condi-
tions can produce crystallites which apparently contain completely extended
chains. Anderson66 has isothermally crystallized various narrow, low
molecular weight fractions of linear polyethylene. In looking at the in-
dividual fractions, he found that for isothermal crystallization at rather low
supercoolings those fractions with molecular weights below 12,000 crystal-
lized in an extended-chain conformation while above 12,000, folded-chain
crystallites were formed. Both types of conformation were found in an
isothermally crystallized sample of whole polymer, indicating that some
fractionation of low molecular weight polymer had occurred during
crystallization. Other evidence for fractionation during spherulitic crys-
tallization from the melt comes from the work of Keith and Padden,7 who
demonstrated that both stereoirregular molecules (e.g. atactic polypropyl-
ene) and low molecular weight chains [poly(ethylene oxide)] are prefer-
entially rejected by growing crystals of polyethylene. Although this
evidence does not directly illustrate the phenomenon of fractionation of
short polyethylene molecules from long ones, it does demonstrate the mobil-
ity available to molecules in a crystallizing melt.

Using infrared spectroscopy, Bank and Ivrimm8have recently analyzed
mixtures of two fractions, one of which was deuterated. They attributed
observed doublet formation in certain bands to aggregation of similar mo-
lecular weight species.

With the discovery that high pressure can be used to cause even high
molecular weight polyethylene chains to crystallize in an extended con-
formation,9the possibility of examining melt-crystallized polyethylene for
fractionation effects was greatly enhanced. A review of pressure crystalli-
zation of polyethylene has been presented recently by Wunderlich and Da-
vidson.l0 It is now generally accepted beyond reasonable doubt911 that the
polyethylene chains in extended-chain lamellae are parallel to the striations
found upon fracture of the lamellae. Thus, it is possible for the lamella
thickness to be an indicator of the lengths of molecules comprising the la-
mella. In their initial work on pressure-crystallized polyethylene, Geil et al.9
pointed out that the average extended-chain thickness agreed reasonably
well with the number-average molecular length and suggested that molecu-
lar fractionation might have occurred. The same suggestion was made
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later by Kardos et al.2 from a study of pressure-crystallized linear and
branched polyethylenes, in which the average extended-chain thickness was
found to increase with increasing average molecular weight. It has also
been shown by Prime and Wunderlichi3that for a range of pressure-crystal-
lized, linear polyethylene fractions, as well as whole polymer, the lamella
thickness distribution exactly matches the molecular length distribution up
to a molecular weight of 10,000. Above weights of 10,000, the lamella
thickness increased with increasing molecular weight, although the thick-
ness was considerably less than the molecular length at high molecular
weights.

The objectives of the work reported and discussed here were to determine
to what degree the extended-chain lamella thickness is a measure of the
molecular lengths therein and to determine whether or not significant frac-
tionation and segregation can occur during crystallization at high pressure.
Two narrow, linear polyethylene fractions and mixtures of these fractions
were isothermally crystallized from the melt under pressures up to 3000
atm. The specimens were subsequently characterized with transmission
electron microscopy and differential thermal analysis.

EXPERIMENTAL

M aterials and Sample Preparation

Two narrow molecular weight fractions of linear polyethylene having
viscosity-average molecular weights of 100,000 (v wm n = 1.5) and 11,260
(Mw/Mn = 12) were used in this study. The fractions were prepared
from Ziegler-type whole polymer by the large-scale elution fractionation
technique of Kenyon et al.14

The two fractions, high molecular weight (HMW) and low molecular
weight (LMW), were combined in three proportions to yield samples con-
taining 25%, 50%, and 75% by weight of LMW polymer. A sufficient
quantity of each mixture was dissolved completely in boiling xylene to
form a homogeneous solution containing less than 5% polyethylene by
weight. After thorough mixing, the boiling solution was poured into a
large quantity of methanol at Dry Ice temperature. The instantaneously
formed precipitate was filtered and then dried under high vacuum at room
temperature. Mass balances indicated that all but trace quantities
(<0.1%,) of polymer were recovered from the solution as a dried precipitate.
At this point it was essential to show that no significant fractionation took
place during the quench-precipitation step of the mixtures. In light oi the
speed with which the polymer precipitated (ca. 1 sec), there is no a priori.
reason for expecting any significant fractionation and segregation to occur.
However this point was checked by DTA analysis which showed one broad
melting peak for the precipitated mixtures. Mechanical mixtures of the
fractions after they were individually precipitated under the same condi-
tions as the mixtures yielded doublet peaks or peaks with strong shoulders.
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Samples of both the mixtures and pure fractions were ground into pow-
der. Those samples not amenable to grinding were chopped into very
small pieces. A small quantity (0.1%) of antioxidant (Santenox R, Mon-
santo Co.) was then mixed into each sample. The samples were subse-
quently cold-molded at temperatures below 80°C to form cylindersY16in. in
diameter and */i in- high. Great care was taken not to crystallize or anneal
the sample during the molding stage. Differential thermal analysis of the
samples before and after molding showed no change due to this step.  After
molding, the samples were wrapped with one layer of aluminum foil and
encapsulated with a thin layer of silicone rubber (RTV-112, General Elec-
tric) prior to insertion in the pressure vessel. This technique provides an
oil-tight seal at temperatures up to 200°C under pressures up to 3000 atm
for 3 days.

Apparatus and Crystallization Procedure

The pressure apparatus used in this investigation was that described by
Barlow5with the exception that a different pressure vessel design was used.
Briefly, the system uses a high-pressure hydraulic pump and an intensifier
to generate hydrostatic pressures up to 50,000 psi in a motor oil-kerosene
fluid which is fed directly to the pressure vessel containing the sample.

In this work, the pressure vessel shown in Figure 1, consists of a high-
pressure, line filter assembly, with the filter removed, and a thermocouple
assembly both produced by the American Instrument Company as standard
items of high pressure equipment. The thermocouple assembly is installed

Fig. 1. Pressure vessel and thermocouple assembly.
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in the head opening of the filter with the high pressure tubing connected to
the filter bottom. Although the thermocouple was not in the sample it-
self, the temperature at the center axis of the vessel and near the sample
closely approximated the sample temperature since there was a negligible
temperature gradient in the axial direction. The vessel was placed in a
silicone oil bath with temperature fluctuations less than +0.5°C. The
hydrostatic pressure was measured with Bourdon tube gages. Minute
leaks in the system and the thermal-pressure effect due to room temperature
fluctuations limited the pressure constancy of the system for a 24-hr run
to * 10 atm up to 2,000 atm.

The pressure vessel was loaded as shown in Figure 1, care being taken to
bleed all air from the system. In a given crystallization experiment, the
sample was heated at atmospheric pressure to the crystallization tempera-
ture 7%, chosen to yield a specific supercooling under the desired crystalliza-
tion pressure. The desired I'x was determined using the melting point of
the fractions crystallized by slow-cooling at atmospheric pressure and the
change in melting point with pressure reported by Baer and Ivardos.b
After 1 hr at Txto ensure complete melting and temperature equilibrium,
the pressure was rapidly raised to the desired value and the crystallization
carried out under constant pressure and essentially constant temperature.

The onset of crystallization was detected by an initial drop in pressure
and the increased pumping needed to keep the pressure constant. In all
cases, the sample was observed to begin to crystallize at 7\. Following suf-
ficient time for crystallization (up to 72 hr), the sample was cooled slowly
at 2°C/hr until it was well below normal atmospheric crystallization tem-
peratures, after which it was rapidly cooled to room temperature and the
pressure released.

Samples of individual fractions were isothermally crystallized at atmo-
spheric pressure using an oil bath with temperature regulation to £0.5°C.
Mixtures of fractions were crystallized at atmospheric pressure by slow
cooling at less than 1°C per minute.

Sample Characterization

Two-stage, cellulose acetate/platinum-carbon replicas of sample fracture
surfaces were made for examination with a Hitachi HU-11B electron micro-
scope. All but the pure LMW samples were fractured in liquid nitrogen.
Over 100 lamellae were measured for each fracture surface. Lamellae with
surfaces noticeably tilted from the plane of the photograph were not in-
cluded in the analysis. In the HMW and mixture samples, the thickness of
any one lamella near its visible origin, particularly those growing from
spherulite centers or from points of impingement, varied occasionally by a
factor of over two. In those cases the maximum thickness was used in the
average thickness calculations. With the above qualifications, a number-
average thickness was calculated for each fracture surface.

Differential thermal analysis (DTA) was performed on 5-mg samples by
using a DuPont Model 900 unit with a heating rate of 10°C/minut,e. The
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samples were prepared by grinding or chopping the bulk specimens into a
coarse powder.

Viscosity measurements were made before and after crystallization to
check on the possibility of degradation during the melting and crystalliza-
tion. No change in molecular weight was indicated.

RESULTS

Individual Fractions

When the linear polyethylene fractions were isothermally crystallized
individually from the melt at low degrees of supercooling and under suffi-
ciently high pressure, their entire fracture surfaces were occupied by ex-
tended-chain lamellae of fairly regular thickness. The observed average
thickness of these lamellag, the DTA melting points, and the crystallization
conditions used are summarized in Table I. The calculated fully extended
chain lengths for each fraction are included for comparison. Also included
are Anderson’s results for atmospheric crystallization of a LMW fraction.6
The supercooling values should be viewed as only approximate since the
pressure-melting point data were determined for whole polymer. No cor-
rection has been made for superheating effects on the melting points.

A typical fracture surface from a LMW sample crystallized at 1000 atm
is shown in the electron micrograph of Figure 2. The Iamoella thicknesses
are very uniform and yield an average thickness of 1000 A, which agrees
closely with the calculated value of 1020 A for fully extended chains.
Great care was taken to avoid counting tilted lamellae which can cause a
large underestimation of thickness for these very thin lamellae. Anderson
has acknowledged this as a possible cause of the discrepancy between his
observed and calculated thickness values.6 Although increasing the
crystallization pressure from 1 to 1000 atm causes the lamellae to thicken
slightly, raising the pressure further to 2000 atm has no effect on the average
lamella thickness. Thus, the critical pressure for formation of completely
extended chains in LMW fractions under the crystallization conditions
employed here is less than 1000 atm. The two-degree difference in melting
point between the 1000 and 2000-atm samples can easily be attributed to
differences in crystallite perfection and/or differences in superheating
which are known to occur during melting of extended-chain crystals.l7

Specimens of the HMW fraction were crystallized isothermally at both
2000 and 3000 atm. The 2000-atm sample was ductile and hard to break
under liquid nitrogen. It is presumed to be made up primarily of folded-
chain crystallites, since the drawn, fibrillar fracture surface and the melting
point were the same as found for crystallization under atmospheric pressure.

A representative fracture surface from the HMW sample crystallized at
3000 atm is shown in Figure 3. Thick, extended-chain lamellae are present
with an average maximum thickness of 8950 A which again agrees closely
with the fully extended chain length of 9050 A for this fraction.
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Fig. 2. Fracture surface from LMW fraction of linear polyethylene crystallized at 1000
atin. The scale bar represents 0.b g.

The critical pressure for formation of extended-chain lamellae in the
HMW fraction therefore lies somewhere between 2000 and 3000 atm. The
DTA melting points (Table I) also reflect this change in morphology. The
samples crystallized at 1 and 2000 atm have nearly the same melting point
while the 3000-atm specimen exhibits a much higher value due to increased
perfection and superheating of thick, extended-chain crystals.

It is obvious in Figure 3 that many of the lamellae thicken considerably
as they grow away from spherulite centers or impingement points. For
these lamellae, the maximum thickness was used in the averaging.  Since it
is known that almost all the molecules have nearly the same length in this
narrow HMW fraction and the maximum thickness for each lamella cor-
responds nearly to that length, some folding must still occur in the thin
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Fig. 3. Fracture surface from HMW fraction of linear polyethylene crystallized at
3000 atm. Note the dark fibrils indicative of folded-chain or imperfectly crystallized
material. Points of lamella termination and impingement are designated by arrows.
The scale bar represents 1 n.

regions of the lamellae. Such folding is necessary because of spatial con-
straints from neighboring lamellae growing from the same nucleus or im-
pinging from nearby. Several dark fibrils, which are indicative of folded-
chain lamellae or imperfectly crystallized material, are present on the frac-
ture surface of Figure 3. No fibrils were observed on the LMW surfaces.
Although some folding necessarily occurs, the lamella thickness in these
regions is still two orders of magnitude larger than the 100 A, folded-chain
thicknesses found in atmospherically crystallized samples.

In studying pressure-crystallized, linear whole polyethylene, Wunderlich
and MelilloB have shown that extended-chain lamellae have a habit of
impingement which, instead of forming a regular spherulite, yields a more
irregular arrangement of lamellae. Depending on the geometry of ap-
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proach, impingement of two growing lamellae may lead either to termina-
tion of growth of one lamella leaving the other one unaffected, or to inter-
penetration of the two lamellae. The same phenomena characterize ex-
tended-chain growth of the BMW fraction and are visible in Figure 3 (see
arrows).

Mixtures of Fractions

From the above results it is clear that a pressure (and temperature) range
exists in which the LMW fraction crystallizes in an extended-chain mor-
phology while the HMW fraction yields folded-chain lamellae. Further-
more, at 3000 atm the maximum thickness of the extended-chain lamellae of
the HMW fraction is roughly 10 times that for the LMW fraction. With
these facts as incentive, several homogeneous mixtures of the fractions were
prepared and crystallized under various pressures in order to look for frac-
tionation and segregation effects. The sample compositions, crystalliza-
tion conditions, DTA melting points, and observed lamella thicknesses are
summarized in Table I1.

Three different mixtures of the two fractions were crystallized at 2000
atm. Figure 4 shows a fracture surface from a sample containing 25%
HMW material. Close examination clearly reveals rows of thin extended-
chain lamellae running primarily from left to right in the photomicrograph.
The average thickness of these lamellae is about 1000 A where it can be
measured. Some small regions exhibit a mottled fracture-surface which is
characteristic of a folded-chain morphology (see upper left of micrograph).
Even where the extended-chain lamellae are visible, their boundaries are
not clear and are often marked by black fibrous material which can be at-
tributed to folded-chain, HMW material drawn during fracture. Thus, two
distinct morphologies are visible, with the thin extended-chain lamellae
constituting the major fraction of the sample.

Two distinct morphologies are observable again in the 50% HMW sample
crystallized at 2000 atm whose fracture surface is illustrated in Figure 5.
Fewer extended-chain lamellae are present than in the 25% HMW sample,
and their boundaries are again not as clear as those of the pure LMW sample.
Several parallel lamellae, which are visible in the lower right center of Fig-
ure 5, have an average thickness of 970 A; again the agreement with the
fully extended chain length of 1020 A is quite good.

When the HMW concentration rises to 75%, the fracture surface shown
in Figure 6 is distinguishable from those of the other two mixtures. Almost
the entire surface is now occupied by drawn material. Close scrutiny re-
veals only a few thin extended-chain lamellae (see center-right of micro-
graph). Their average thickness is about 700 A; however, the drawn sur-
face makes accurate measurements nearly impossible.

When the crystallization pressure is increased to 3000 atm for the mix-
ture compositions described above, two groups of extended-chain lamellae
with distinctly different thickness ranges can be observed. A low magnifi-
cation micrograph of a fracture surface from a 25% HMW sample is shown
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Fig. 4. Fracture surface from a mixture containing 2.V 0 HMW material crystallized
at 20(H) aim. Note the large number of thin, extended-chain lamellae (middle) and Ihe
smaller, folded-chain drawn areas (top and bottom). The scale bar represents 1g.

in Figure 7. Many comparatively thin lamellae, with an average thickness,
of about 870 A, are distinguishable along with a few thick lamellae. The
fracture surfaces from samples containing 50% HMW polymer are similar
to Figure 7 except for the presence of more thick, extended-chain lamellae.
As inthe pure LMW sample, many of the thin extended-chain lamellae in
Figure 7 have crystallized nearly parallel to one another. This is more
clearly seen in the higher magnification view of Figure 8. Wunderlich and
MelilloB have suggested that secondary nucleation on an already-formed
crystal surface may yield many stacks of parallel lamellae. There are in
fact several instances in Figure 7 where thin extended-chain lamellae appear
to have nucleated and grown from thick extended-chain lamellae. One
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Fiji- 5. Fracture surface from a mixture containing 50% IIMW material crystallized
at 2000 atm. Several parallel thin lamellae are visible (lower right and center). The
scale bar designates 1 m-

implication from such behavior is that the IIMW material crystallized
first in thick lamellae, extruding the LMW polymer melt aside as growth
proceeded. Since the supercooling was much lower for the LMW polymer,
it then crystallized at a later time or perhaps even during the slow cooling
step.

1F')he central region of an especially well-formed spherulite of thick lamel-
lae is shown in Figure 9 and is similar to those described by Wunderlich
and Melillo.B Many lamellae have nucleated at what appears to be one,
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Fig. 6. Drawn fracture surface from a mixture containing 70 w% BMW material
crystallized at 2000 atm. Only a few thin, extended-chain lamellae are visible (center
right). The scale bar designates 1 n.

short extended-chain lamella. As growth proceeds radially, the lamellae
thicken until at a point less than S from the center many of them achieve a
maximum thickness corresponding to the molecular length of the HMW
fraction. Those that do not achieve the maximum possible thickness are
usually constrained on one or both sides by maximum-thickness lamellae.
As the lamellae splay apart, one can also locate regions (right-center of
Figure 9) where thin extended-chain lamellae have formed presumably
from segregated LMW material.

Figure 10 shows DTA scans of the mixtures crystallized at 3000 atm along
with scans of the pressure-crystallized pure fractions for comparison. In
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Fig 7. Fracture surface from a mixture containing 25 w% HMW material crystallized
at 3000 atm. Both thick and thin extended-chain lamellae are present. The scale bar
designates 1 ji.

the 50% HMW sample, two peaks are clearly visible at 136°C and 144°C,
respectively; they agree very closely with the melting peaks of 13G°C and
146°C for the respective pure LMW and pure HMW extended-chain
crystals. Moreover, the two peaks from the mixture sample have nearly
equal intensities, which implies that the two groups of extended-chain la-
mellae with distinctly different thicknesses have crystallized in nearly equal
amounts. The scan for the 25% HMW mixture is more complex. Two
resolvable peaks and a strong shoulder are visible. Tire low-temperature
peak at 136°C corresponds to the melting peak of the pure LMW fraction,
but the other peak (139°C) and shoulder (142°C) are significantly below
the pure HMW melting peak.

DTA scans of the mixtures crystallized at 2000 atm showed only one
peak in the 137-139°C range (Table II), even though the micrographs show
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Fifi. 8. High magnification view of a portion of Figure 7 showing many thin extended-
chain lamellae which have crystallized nearly parallel. The scale liar designates 0.1
M

two distinct morphologies. This is not surprising, since the melting peaks
for the two pure fractions crystallized tit 2000 atm are only  apart (Table
1). The single mixture peak is broader than those for either of the pure
fractions and rises from 137°C to 139°C as the H.MW concentration in-
creases from 25to 75%.

DISCUSSION

The results from the individual narrow-fraction experiments indicate that
for a given supercooling and molecular weight, there is a critical pressure,
and thus temperature, above which extended-chain crystals form whose
thickness is a measure of the molecular lengths within the crystal. As the
molecular weight increases, supercooling™ being equal, the critical pressure
and temperature increase, and spatial constraints during crystal growth
make it more and more difficult for the lamellae to achieve the maximum
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Fig. 9. A spherulite center on the fracture surface of a mixture containing 2.5% LIMW
material crystallized at 3000 atm. Many of the lamellae have nucleated at the center
on what appears to be a short, extended-chain crystal. The scale bar designates 1 /&

thickness corresponding to fully extended molecules. Nonetheless, for
narrow fractions having molecular weights up to 100,000, extended-chain
crystals with thicknesses corresponding to the average polymer chain length
can be grown under pressure.

The electron micrographs of the mixture samples provide sound evidence
that fractionation and segregation have occurred during high-pressure
crystallization. Both the 2000- and 3000-atm fracture surfaces indicate that
as the concentration of LMW polymer in the mixture increases, the number
of thin, LMW extended-chain lamellae increases. Tnthe 3000-atm samples,
the percentage of the surface area occupied by the small or large-thickness
lamellae does not correspond exactly to the percentage composition of the
mixture; but in any one micrograph these two values differ by not more
than + 15%. One might expect this variation, since any one fracture sur-
face may have arisen from preferential crack propagation through more of
one lamella type than the other. A statistically accurate percentage would
require analysis of many more fracture surfaces for each sample.
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TEMPERATURE, °C

Fig. 10. DTA scans showing the atmospheric melting behavior of mixtures crystal-
lized at 3000 atm along with scans of pressure-crystallized pure fractions. The heating
rate was 10°C/min.

For the LMW-rich samples crystallized at 2000 atm, fracture surfaces
showed more thin extended-chain lamellae than would be expected if all
the LMW material of the mixture crystallized as thin extended-chain la-
mellae. This anomaly most likely arises from the fracture propagating
preferentially through the more brittle extended-chain lamellae and not
from degradation since none occurred. In the samples of low LMW concen-
tration, the HMW material was highly drawn on fracture and could easily
have masked LMW extended-chain lamellae. This would explain why
fewer of the LMW extended-chain crystals were seen in these samples than
one might expect if all the LMW polymer crystallized as thin extended-
chain lamellae.

The DTA scans of the 3000-atm mixture samples provide additional
evidence of fractionation and segregation during crystallization under high
pressure. In light of the microscopy results, the 50% LMW scan shows
that very nearly half the sample has crystallized as thick extended-chain
crystals which superheat considerably even at a heating rate of 10°C/min,
while the other half has crystallized as thin extended-chain crystals. The
complex scan of the 25% H.MW sample is a bit difficult to reconcile with the
interpretation of the 50% HMW scan. The low-temperature peak at
136°C corresponds to the melting of thin LMW extended-chain lamellae
which are clearly visible in the micrographs. The high-temperature shoul-
der (142°C) probably represents melting of the thick extended-chain lamel-
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lac, also seen in the micrographs, which contain mostly HMW material
The shoulder is about 4°C below the melting point of the pure HMW frac-
tion. Such a depression could easily arise from incorporation of only a few
LMW chains in the HMW crystals, which would act as defects and cause
less superheating to occur. The mid-temperature peak at 139°C may be
made up of “mixed” crystals, as defined by Prime and Wunderlich,1319
which consist of a solid solution of LMW and HMW molecules. In addi-
tion to a lower superheating tendency, these crystals will melt 2 -3°C lower
than pure equilibrium extended-chain crystals of the same thickness.®
In addition, the LMW component exerts a diluent effect which could de-
press the melting point by more than 1°C®Ofor the molecular weight in-
volved here. Close examination of the electron micrographs (Fig. 7)
reveals an occasional lamella whose thickness is uniformly about half of
the maximum possible thickness for the HMW material.  Such lamellae are
not found on the pure HMW fracture surfaces. While these lamellae may
be “mixed” crystals, they are also present in the 50% HMW sample which
yielded only two DTA peaks. In any event DTA appears to detect three
types of crystals in the 25% HMW sample while only two distinct species
seem to be present in the 50% H1MW sample. One might expect the num-
ber of solid solution or “mixed” crystals to depend on component concen-
tration;additional experiments are needed to clarify this point.

The micrographs and DTA scans leave no doubt that, fractionation and
segregation have occurred during high pressure crystallization of the mix-
ture samples. In some cases, the fractionation may not have been entirely
complete, but inall cases it occurs to a very large degree. This results in an
eutectic-like mixture of LMW crystals containing fully extended chains
and HMW crystals which can contain both fully extended chains and folded
chains. Our results are in accord with those of Prime and WunderlichB3
who showed close agreement between molecular weight distribution and
crystal thickness distribution up to molecular weights of about 10,000 for
fractions of intermediate polydispersity.

Finally, the mechanism by which extended-chain crystals form from the
melt under pressure deserves some comment. On the basis of pressure-an-
nealing experiments on solution-crystallized polyethylene, Rees and
Bassett® have proposed that thinner, folded-chain lamellae are initially
formed and thicken under pressure with time into extended-chain lamellae.
On the other hand, Griner et a/.2L have concluded from pressure-annealing
experiments that a regular, well-formed, folded-chain crystal cannot be an
intermediate in the growth of extended-chain crystals from the melt. Cal-
vert and Uhlmann have also recently concluded2 that crystallization from
the melt under high pressure results in the direct formation of extended-
chain crystals. Although our results do not directly distinguish between
formation mechanisms, our observations in the light of recent work2L,2 seem
to support the latter two contentions, namely that solid-state thickening of
folded-chain lamellae is not an ingredient in the formation of extended-
chain crystals from the melt under pressure. On the fracture surfaces of
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the individually crystallized fractions, many extended-chain lamellae ex-
tend uniformly for lateral distances of 10-20 p or longer. Had these lamel-
lae formed by thickening of relatively perfect folded-chain lamellae, con-
servation of mass dictates that each lamella would have had to break up
into pieces of much smaller breadth, much as polymer single crystals do on
annealing.1 No evidence for this was seen. Furthermore, the fact that
thick extended-chain crystals superheat considerably along with the demon-
stration by Prime et al.I7that extended-chain crystals melt in a direction
perpendicular to the chain axes means there are few major discontinuities
along the lateral directions of the lamellae. Again, this would not be ex-
pected for lamellae formed by a thickening mechanism.

We are grateful to Dr. A. Kenyon of the Monsanto Company for supplying us with
the polyethylene fractions and stabilizer. This research was supported in part by the
National Science Foundation (Grant No. GY-5807).
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Terephthalamide-Nylon Single Crystals Isolated from
Dilute Solutions of Hexafluoro-2,2-propandiol

H. K. LIVINGSTON and If. L. GREGORY, Department of Chemistry,
Wayne State University, Detroit, Michigan 48202

Synopsis

Terephthalamide nylons with two to five carbon atoms in the aliphatic portion of the
chain have been crystallized from aqueous solutions of hexafluoro-2,2-propandiol.
The 3T and 4T nylons in particular form rodlike crystals. Indications are that these
are bundles of cylindrical structures about 50 nm in diameter. Electron diffraction
shows the symmetry to be Q- Films of the nylons were drawn with great difficulty.
The x-ray diffraction on the films is consistent with a monoclinic structure, though the
crystal structure could not be positively established. There is some evidence for a
polymer chain alignment perpendicular to the long axis of the rods.

INTRODUCTION

The formation of polymer single crystals of sharp outline and maximum
dimension of 10 p or more has only been observed with polymers of regular
structure,li.e., polymers in which there are no chiral chain atoms or only
chiral chain atoms in which all such have the same stereochemistry.
The apparent exception of certain block copolymers23 proves on exam-
ination to apply only to those copolymers in which there are large blocks
of regular structure.

The polyamides are ordinarily polymers of regular structure, since the
common synthetic methods do not lead to branching or side reactions
and the common intermediates contain no chiral atoms. Yet of the 88
aliphatic polyamides whose synthesis we find4 reported in the literature,
only nylons 6, 66, 610, and 612 are known to form single crystals. Plate-
lets or lamellae of good size and sharp outline form on cooling solutions of
nylon in glycerol5or water,6 water under pressure at 170°C serving as the
solvent in the latter case. No examples of aromatic nylons forming
single crystals are known.

The remarkable solvent properties of fluoroketone hydrates for polymers
were discovered by Middleton and Lindsey.7 They reported that liexa-
fluoro-2,2-propandiol and other substances with closely related structures
would dissolve difficulty soluble polymers such as nylon. At about the
same time and from the same laboratory, Longworth8reported that hexa-
fluoro-2,2-propandiol formed strong hydrogen bonds with polypeptides
such as silk fibroin but did not degrade the polymers as much as other strong
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hydrogen-bonding solvents did. It appeared that the formation of nylon
single crystals from dilute solution might be brought about without ever
heating the nylon if aqueous hexafluoro-2,2-propandiol were the solvent
used. This was actually accomplished9 with nylon 610, but the crystals
were long and narrow, with an appearance unlike any previously reported.
They appeared much more compact and rod-like than the nylon sheaves
first reported by KellerD and later studied in detail by Dreyfuss and
Keller.11

In the present work, the new solvent was used with a series of nylons
that are harder to dissolve than the aliphatic nylons. It was hoped in
this way to extend the knowledge of polymer single crystals into a new
class of polymers. These, according to our ideas,1 should form single
crystals because of their good structural regularity but would require an
excellent solvent to accomplish this result.

EXPERIMENTAL PROCEDURE

Synthesis of Nylons

The series of nylons was prepared by interfacial condensation following
essentially the procedure described by Shashoua and Eareckson.2 A
1-qt Waring Blendor was used, and the batch size was adjusted accordingly.
The reaction ingredients were added at about 30°C and a temperature
rise of f)°C throughout the 5 minute reaction time was normal. Tereph-
thaloyl chloride reacted with ethylenediamine or its homologs to form
2T, 3T, 4T or 5T nylon.

The product was collected on a coarse sintered-glass filter over vacuum,
boiled twice (5 min each time) in approximately 300 ml distilled water,
and recovered on a coarse glass filter. The product was then either oven-
dried at 110°C for 1 hr or dried in a vacuum desiccator over a period of
days. The carbon to nitrogen ratios, which would be independent of the
water content, agree within 1-2% of predicted values, which is on
the same order as the reproducibility of the method. On the basis of the
hydrogen analysis it appears that the polymers usually contained on the
order of 3% water.

Infrared spectra were run both on films cast from trifluoroacetic acid
solutions and on potassium bromide pellets. The general character
of the spectra is in keeping with that of a polyamide containing a 14-
disubstituted benzene ring.

Inherent viscosities were run on solutions of the polyamides in concen-
trated sulfuric acid. Shashoua and Eareckson® reported molecular
weights of 15,800-23,700. Our inherent viscosity results indicated molec-
ular weights that were within 12% of their values.

Crystallization

The solutions of nylon were made without heating by stirring 0.06 g
nylon in 10 ml of commercial hexafluoro-2,2-propandiol solution, which is
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Fig. 1. Light photomicrograph showing 4T nylon crystals.

supplied as (CFVj-jCO«V-jH/). The solutions were then filtered through a
medium-grade sintered-glass filter. The filtered solutions were titrated
with distilled water till cloudy, then boiled until the solutions were only
very slightly cloudy. These turbid solutions were allowed to stand,
loosely capped, for periods ranging from days to weeks. During this
period samples were taken and examined by light microscopy for the
presence of crystals. The concentration of nylon gradually increased
throughout this period because of solvent loss.

5T Nylon under our experimental conditions formed only spherulites.
Small rodlike objects were obtained from 2T nylon. 4T Nylon gave
needle-shaped crystals but also much amorphous material (Fig. 1). It
was 3T nylon that most often gave us electron photomicrographs with
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well-formed, rodlike crystals free from globs or spherulites. We will
therefore devote the balance of our discussion of single crystals to a descrip-
tion of the results obtained with 3T and IT nylons.

Preparation of Samples for Observations

Light photomicrographs were made of the crystals in suspension and
after drying on glass slides. An example of results obtained with a polar-
izing light microscope is given in Figures 2 and 3. As in Figure 1, this
4T nylon sample contains amorphous as well as crystalline material,
but the use of polarized light shows clearly that the needles anlcrystalline.

When there was evidence from the light microscope that crystals had
been formed, a drop of the solution was placed on a prepared electron
microscope grid and examined in an electron microscope. Where condi-
tions were optimum for crystallization, conditions for observation of the
crystals were good; however, where crystallization was minimal, the
crystals would usually be imbedded in a relatively thick residue of amor-
phous nylon film, and detail was visible only in selected areas.
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Fig. 3. Photograph of 4T nylon crystals in a polarizing light microscope; polarization
set for almost complete extinction.

RESULTS

Electron Microscopy

KellerDreported in some detail on the difficulties of carrying out electron
microscopy with nylon Gl0, which is degraded by the electron beam so
rapidly that electron diffraction spots fade before the microscopist’s
eyes. We have had similar experiences with the terephthalamide nylons.
Like Keller, we conclude that the best recourse is to work fast with high
beam intensity. To obtain electron diffraction patterns we set the micro-
scope for diffraction, photograph the pattern as fast as possible, then
switch to the viewing mode and photograph the object that produced the
diffraction pattern. We used RCA model EML and EMU electron micro-
scopes at 50 kV and the Hitachi model HU125A at 75 and 100 kV. The
results were as follows.

() Length-to-thickness ratios as high as 200; 1 were observed. The
ratio of width to thickness was generally about 1:1.

(2) The thickness of the rodlike objects observed was almost always
in the range of 25-60 nm.

(3) The tips of the crystals were in steps (Fig. 4), rather like the
appearance of the end of a bundle of rods of differing length (Fig. 5).
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Fig. 4. Electron photomicrograph of 3T nylon crystals at high magnification.

a) ROLLED LAMELLA MODEL

b) BUNDLED FIBERS MODEL

Fig. 5. Schematic representation of two models leading to rodlike crystals.
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Fig. 6. Electron photomicrograph in bright field transmission (3T nylon) 40,000X.

(4) The dimensions involved in these steps were measured with a
tilting-stage electron microscope. This was done by taking a stereo pair of
photographs of a crystal cluster. The rotation angle was 5° and was
sufficient to cause a displacement of one fiber end with respect to the other.
From the magnification it was possible to calculate that the edge of one
crystal fiber lay 300-400 A above the edge of one below it.

(5) The rods are sometimes striped (Fig. 4). In some respects this
appearance is remarkably similar to that reported by Colson and Reneker13
for polyoxymethylene crystals. They ascribed the stripes to bend
contours (Bragg lines) which in their case resulted from flexing of the
crystals under the influence of the electron beam.

(6) Electron dark-field microscopy indicates that the rods are made
up of two or more acicular crystals. Figures 6 and 7 are bright-field and
dark-field transmission photomicrographs of the same 3T crystal. Note
that no part of the crystal in Figure 7 is bright along its entire length.
This indicates that the orientation is changing, either through bending
or twisting. In the section where the crystal is bright only half the cross
section has such an orientation as to give a bright image at any area along
the length of the crystal. It is at least possible that this particular crystal
is made up of two parallel fibers (or twins) whose orientations are not
identical but are not greatly different.

(7) Electron diffraction shows that the 3T nylon rods, in the normally
observed orientation in which they lie lengthwise along the grid, give a
pattern with Civsymmetry (Fig. 8). The monoclinic and triclinic systems
are typical of polyamide systems¥ and this observation rules out the



20H hIYLNGSTON AM) GIUiGOItY

triclinic. The row of diffraction spots is at 30° to the long axis of the
diffracting crystal, which was the longer of the two crystals in the figure.

S The <4 spacing« observed for rations 3T nylon single crystals in
electron diffraction are given in Table 1. These can be reconciled with the
bundled fiber model (l'ig. £#6) more easily than with the rolled lamella
model (Tig. da). The smallest selected area used in the diffractions was
about 1 n wide. An electron beam this wide, in passing through a rolled
lamellar crystal with a width on the order of Od g, would be exposed to all
possible orientations of the crystal lattice about the central axis. There-
fore, one would expect to see a pattern similar to a rotation pattern with
all possible reflections. The distribution of the reflections would depend

Fig. 7. Same field and magnification as Figure 6; dark field image.

on how the axis of the rolled lamella was aligned with respect to the crystal
axes. In one limiting case the rolling would occur parallel to a crystallo-
graphic axis. The pattern observed would then be a typical “fiber pattern”
with all reflections occurring on layer lines related to levels in the reciprocal
lattice. As the angle the roll direction makes with the nearest crystal-
lographic axis increased, the number of d spacing« would decrease, but
would still be large because the roll direction cannot form a large angle
with all three crystallographic axes.

Dreyfuss and Keller,11 working with lath-shaped single crystals of 66
nylon, observed both spots and broad arcs in their diffraction pattern.
We never observe arcs. This leads us to believe that our single crystals
are closer to the limiting case of bundled fibers (Fig. 56), in which all fibers
in the bundle have a similar crystallographic orientation.
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Fig. 8. Electron photomicrograph of 3T nylon with the electron diffraction pattern
obtained from a selected area of one of the two crystals.

As shown in Table I, most of the diffraction spots observed corgespond
to d spacings that are either near 3.0 A or between 59 and 6.8 A. The
interpretation of these experimental observations and considerations of
orientation and folding will be discussed later, after the consideration of
the crystal structure of the terephthalamides in the next section.

TABLE |
Observed d Spacings, Electron Diffraction*

dspacing, A No. of times observed

ls-2.0
2.1-2.3
2.3-2.a
2.7-3.3 3
3.4-0.5
4.0-4.2
4.3-4.5
5.6-5.8
5.9-6.0
6.1-6.3
6.4-6.8

~ R N e

Bus s~ o

aFrom all of the 36 photographs of electron diffraction (24 different crystals) taken
for 3T nylon.
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Crystal Structure of Terephthalamide Nylons

The published literature gives no help to the electron microscopist
who wishes to reach conclusions concerning the folding of terephthalamide
nylon chains in single crystals. The crystal structure of these nylons has
not been reported. These are high-melting nylons, and the usual methods
of melt-spinning and drawing to get a fiber for x-ray diffraction and
structure determination will not work. We have tried by the following
methods to obtain fibers or films for x-ray diffraction measurements: fiber-
drawing from melts in air or controlled atmospheres, injection of a stream
of sulfuric acid solution into water, fiber-drawing from a viscous solution of
polymer in trifluoroacotic acid, and casting films from solutions in aqueous
hexafluoro-2,2-propandiol or trifluoroacetic acid. Only two methods
were satisfactory. Fibers and films were obtained from trifluoroacetic
acid. The fibers could not be stretched in air at room or elevated tem-
peratures nor in steam or boiling water. The films, however, could be
placed on the Kofler hot-stage of a microscope and drawn when the tem-
perature was in the range empirically established as being suitable.

The detailed procedure of sample preparation was as follows: Nylon
3T or 5T was dissolved in trifluoroacetic acid to form a viscous solution
which was cast to form a film 30 g thick which was air-dried, oven-dried
(100°C), boiled in distilled water (the water was changed several times),
and then allowed to stand in distilled water for 12 hr.  This treatment was
necessary to remove residual solvent, but after treatment the films were
free of the infrared absorption at 1700 and 2400-2500 cm-1 that character-
ized the films as cast. The strip was drawn down (necking occurred just
as in nylon 6) at 320-340°C for 5T nylon or at 250-350°C for 3T nylon.
The maximum elongation achieved was 375%.

The x-ray diffraction of the films was observed by using a Siemens unit
with V-filtered chromium Ka radiation produced at 30 kV and 14 milli-
amperes and recorded with a flat-film Laue transmission camera. This
equipment was also used with oriented fibers of nylon 6 and gave average
spacings (three determinations) within 0.1 A of the b spacing and 0.5 A
of the a and c spacings given by Bunn and co-workers.5

Films of 3T and 5T nylon both gave three distinct reflections spread
over arcs of about 45°. The strongest reflection was axial (corresponding
to 13.3 A for 5T; 114 A for 3T); there was also a weak axial reflection
that we measured to be for 6.0 and 5.5 A, respectively, which was probably
half the strong reflection distance. An equatorial reflection, diffuse
and difficult to measure, we indexed at approximately 4.3 A, 5T giving
a value 3% less than 3T.

These results are far less satisfactory than those obtained by Bunn and co-
workers with highly oriented specimens and careful densitometry of photo-
graphic records, using aliphatic nylonst and terephthalate polyesters.
However, they can be used by reference to the Bunn results and to our
general knowledge of polymer structure to reach conclusions that would
not be possible if we had no x-ray diffraction data at all.
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We offer the following assumptions concerning the crystal structure
of 3T and 5T nylons. (1) The stretching of the films causes the polymer
chain to orient along the direction of stretch. (2) The polymer chains
crystallize in the extended-chain conformation. (3) Hydrogen bonding
between chains, which Trifan and Terenzil’ have shown to be nearly
complete in all the nylons examined by them, is also nearly complete in
these nylons. We observed in our films the strong infrared absorption
at 3300 cm-1 that is considered to be the best evidence of hydrogen bonding.
(4) The H-N-C=0 bonds lie in a plane. (5) The unit cell length is
not uncommonly large. (The consequence of this assumption is that
rotations at each successive chemically equivalent linkage must be equal
in angle and direction).

Within this framework, we have built models of 3T nylon and carried
out calculations for 14 combinations of the crystallographically allowed
rotation axes. The only one that meets our assumptions and has a density
that can correspond to the measured density of 3T nylon (1.31 g/cc)
is that with two chemical repeat units and a 2i axis along the polymer
chain. The calculated density for this model is 1.58 g/cc, indicating
that the observed density is 83% of theory. For nylon 6 the observed
density is 88% of that calculated for the known crystal structure.

Calculations of unit cell dimensions, using the 2i model and the bond
distances and angles found in the standard referencel8 (which distances and
angles give a long unit cell dimensgjon within 0.2 A of the Bunn value for
nylons 0 and 66 and within 0.6 A of the Bunn value for 2T polyester)
indicates that the unit cell lengths should be 12.1 A for 3T and 14.6 A
for 5T nylon. Our values are 95% and 91% of the calculated values.
Packing of Stuart-Briegleb models can be used to estimate the other
dimensions. If we assume the benzene rings are 45° out of the plane con-
taining the chains, as they are in 2T polyester,there should be a unit-cell
dimension of about 5 A (compared to the observed 4.3 A). The mono-
clinic angle 3 should be near 90°. Thus we get some correspondence!
between the 2i model and the observed x-ray diffraction pattern, though
it is far from perfect.

Comparison of X-Ray and Electron Diffraction

Turning to the electron diffraction data, we observe that the 3T nylon
crystals that we studied are monoclinic (Fig. 8), which is consistent with
the 2i model used above. Furthermore the model indicates a near-
perfect alignment of the benzene rings with Ihi; 102 and 102 planes.
This gives a predicted spacing of 2.9 A, in reasonable agreement with the
most frequent d spacings from electron diffraction (Table 1).

The other significant observation from the electron diffraction data is
the occurrence of spacings of 5.6-6.0 A in 20% of the photographs (Table
I) and spacings of 6.2-6.8 A in 47%. The former corresponds to the
5.7 A spacing calculated for the 020 plane of 3T nylon (from the 114 A
spacing observed in x-ray diffraction, see previous section). The latter
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is close to the spacing of 6.5 A calculated for the 022 plane of the 2i model
mentioned in the previous section. It was observed for three different
crystals that the electron diffraction spots corresponding to 6.5 A were in a
line at about 30° to the long axis of the nylon rod. If the nylon is folded
so that the unit cells are generally perpendicular to the long axis of the
rodlike single crystals, it would be expected that these planes would
frequently be nearly parallel to the beam direction. This could reduce
the intensity of diffraction so that the spots would not be detected for
these orientations, and therefore not be seen in all, or even most, of the single
crystals. Without a better set of x-ray diffraction data, it is not possible
to reach any more positive conclusions.

DISCUSSION

Terephthalanhde nylon crystals from hexafluoropropandiol solution
are long and narrow, quite different in appearance from the lamellae
and sheaves reported for aliphatic nylon single crystals prepared with
conventional solvents. We have presented evidence to indicate that our
crystals form bundles of rods, not rolled lamellae. We should stress
that our experiments differ in three important respects from those of
experimenters who obtained nylon lamellae: (1) we used aromatic poly-
amide's not previously studied by electron microscopy and electron diffrac-
tion; (2) these polyamides were made by interfacial polymerization
and had never been subjected to temperatures above 115°C nor to any
mechanical working other than the shear used to maintain the dispersion
in which they were polymerized; (3) while the crystals were formed from
dilute solution, the usual procedure of heating above the polymer melting
point and then crystallizing on slow cooling was not followed. Instead,
the driving force for crystallization was the increase in polymer concentra-
tion on evaporation.

We believe that this last difference is the most significant. Nakajima
et al.© have cited reasons why the solvent can be expected to have a
significant effect on the morphological form of polymer crystals formed
from solution and have presented experimental evidence for polyethylene
crystals that supports their ideas.

With regard to crystal structure and x-ray diffraction, we have noted
that reflections corresponding to 5.5 and 11.4 A in 3T nylon films are in
reasonable agreement with a plausible monoclinic crystal structure.
The structure was based on molecular models and a comparison of known
and calculated densities.

Electron diffraction data indicate that the crystals are not triclinic and
therefore are presumably monoclinic. Spacings near 5.5 A are observed
but infrequently in electron diffraction, indicating that the long axis of the
unit cell is generally parallel to the electron beam. This is the result to
be expected if the rodlike crystals have the polymer chains folded so that
the chain axis is perpendicular to the long axis of the rod.
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NOTES

Mechanical Dispersions of Crystalline Poly{vinyl Fluoride)

Schmieder and Wolfl reported the mechanical dispersions of poly (vinyl fluoride)
(PVF); Ishida and Yamafuji,2 its dielectric dispersions; and Reddish3 discussed the
interrelations between the two types of dispersions. These investigations were con-
cerned with the assignment of aa and O absorptions associated, respectively, with
micro-Brownian motion and the local twisting motion of the chain in the amorphous
region.

In the present investigation the thermal molecular motion in crystalline PVF was
studied by the viscoelastic method. An acabsorption related to the molecular motion
in the crystalline phase of single-crystal mats was found.

Dalvor 720, a crystalline PVF (Diamond Alkali Co.) was used throughout this work.
This polymer is a hoinopolymer of vinyl fluoride according to elemental analysis. Its
intrinsic viscosity in dimethylformamide (DMF) was determined as 0.81 at 120°C,4
and the concentration of head-to-tail structure was estimated to be 75% according to
the nuclear magnetic resonance method of Wilson.5

Single crystals were prepared according to the method of Takayanagi and Matsuo6
by isothermal crystallization at 40, 50, and 60°C from a solution 0.1% by weight in
DMF, followed by filtration through a glass filter, drying under vacuum at room tem-
perature, and pressing into single-crystal mats. Wide-angle x-ray diffraction indicated
that the molecular chains in the crystals were slightly oriented perpendicular to the mat
surface. For comparison, a bulk film obtained by quenching from 230°C to 0°C was
also examined. The viscoelastic measurements were made with a Vibron DDV-116
apparatus at a frequency of 110 Hz and a heating rate of about [°C/min.

Figure 1shows the temperature dependence of the dynamic storage modulus E' and
the loss tangent tan 6 for these specimens. Dominant tan S peaks are obtained at
temperatures near 150°C for all the single-crystal mats, and they shift to higher tem-
perature with increasing crystallization temperature. This behavior is consistent with
the data on single crystal mats of linear polyethylene reported by Takayanagi and
Matsuo.6 The peaks at the highest temperature (ag of the mats in the figure are
considered to be associated with the molecular motion in the crystalline phase. On the
other hand, the bulk specimen exhibits its dominant absorption at about 80°C. It
cannot be definitely determined whether this absorption should be assigned to the a,,
or the acabsorption, because the degree of crystallinity (as estimated from DSC data
by using the heat of fusion of 1.8 kcal/mole reported by Sapper? was about 35% for
the bulk specimen and about 45% for the single-crystal specimens, and simultaneously
the melting point was determined to be about 217°C for each specimens.

In general, 0 absorptions associated with the local twisting motion of molecular chains
have been observed in PVF over a wide temperature range below 0°C by both viscoelastic
and dielectric measurements.1-3 For our bulk specimen, however, al, least two absorp-
tions were observed in the same temperature range. The low-temperature absorption
seems to be of the same type as those of the single-crystal mats, but the high-temperature
absorption is not. From a knowledge of both the mechanical loss and fine structure for
crystalline polymers, it seems reasonable to assign the low-temperature loss to the 0 (A)
process associated with a local twisting motion in the amorphous region, and the high-
temperature absorption to a 0(C) loss due to defects in the crystal.

For each of the single-crystal mats, two absorptions are observed between the acand
0 absorptions. One peak at about 50°C probably corresponds to the a,, absorption in

2095
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Fig. L Temperature dependence of dynamic storage modulus and loss tangent mea-
sured at 110 11/ for single-crystal mats crystallized at (O) 40°C, (*) 50°C, and (¢) 60°C
and (D) for a bulk specimen.

view of its temperature location and the fact that tan 5is lower than it is for the bulk-
crystallized material. The other peak at about. 20°C might be due to the /3(C) absorp-
tion on the basis of a simple three-phase model, involving a perfect, crystal region, a
defect, region, and an amorphous region. It is reasonable to consider that the 0(.4)
loss due to the local twisting motion in the amorphous region appears in a definite
temperature range almost independently of thermal and mechanical history, but. for
the 13(C) process in the defect region, the temperature location varies widely, reflecting
the complex fine structure.8 No crystal modification was observed by x-ray method.

This short report, describes only an initial investigation of the mechanical dispersions
of crystalline PVF using viscoelastic measurement. More extensive investigations are
needed to establish the relations between these dispersions and molecular motion in
crystalline PVF.
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Effects of 4 Static Electric Field upon Dielectric
Properties of Poly-t-caprolactam

Introduction

In the preceding paperlwe reported that a drastic decrease of t and t", the real and
imaginary parts of the complex dielectric constant ai. lower frequencies, results when a
static electric field is applied to poly (vinvlidene fluoride) and poly (vinyl fluoride).
This has made it possible to measure unambiguously the highest temperature relaxation.
This method was applied to poly-e-caprolactam.

Polyamides give anomalously large values of e and e in the low-frequency region
at high temperatures. This phenomenon has been studied by many authors. Yager
and Baker2 ascribed the conduction and the low-frequency dielectric loss to amide
protons in the amide linkage. McCall and Anderson3observed that the dc conductivity
was greatly reduced if the amide hydrogens were replaced by methyl groups and gave
experimental support to the view that amide protons act as current carriers. From the
pressure dependence of dc conductivity, Saitolconcluded that the conduction process
is ionic.

On the other hand, Eley and Spivey5 suggested that, above the glass temperature,
protonic charge carriers are generated by self-ionization of the amide group, while below
the glass temperature the conduction arises from electrons. Seanor8 also suggested
that at temperatures above 120°C the conduction in nylon 66 involves transport of
both protons and electrons, whereas at lower temperatures it is electronic, and further,
on the basis of measurements of the volume of gas evolved, that the proton carriers are
amide protons. Baird et, aid concluded that the main cause of low frequency dielectric
relaxation could well be electrons, because the dc conductivities of polyamides with
amide protons and polyamides without amide protons did not differ greatly. This result
cast doubt on the view of the amide protons as coming from hydrogen bonds. Fur-
ther, the role of electrons in very low frequency region also was unclear.

The change of dielectric behavior of poly-e-caprolactam caused by the application
of a static electric field led us to the conclusion that the dielectric behavior at low fre-
quencies is mainly due to impurity ions; that is, protons and hydroxyl ions from bound
water.

Experimental

Poly-e-caprolactam supplied by Unitika Co. Ltd. was used. The average molecular
weight was 17,000, as measured by the viscosity method. Specimens for dielectric
measurement were prepared by molding. Their thickness and density were 0.2 mm
and 1.183 g/cm3 By means of a differential scanning calorimeter, the melting point
and the glass transition temperature were determined to be about, 210°C and 75°C,
respectively. After the specimen had been kept at, room temperature at a pressure of
10-2 mm Hg for three days, the surfaces of the specimen were sputtered with silver or
gold to form electrodes. Dielectric measurements were carried out by the mutual
inductance bridge, which accommodates three terminal electrodes.8 In order to avoid
the effect of humidity, the specimen was placed in a sealed cell. 'I’hc design of the cell
has been described elsewhere9in detail. After a static electric field had been applied to
a specimen at, constant temperature for a certain period, the field was removed and
dielectric measurements were carried out, without delay. The change of dielectric
properties on drying at 156°C and 1(~2mm Hg was also measured.

Results

When a static field was applied to a specimen, a drastic decrease of € and €" occurred.
The decrease was more significant at, lower frequencies, as is the case with poly (vinvlidene
fluoride).1

© 1971 by John Wiley & Sons, Inc.
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Fig. I. Change of €"at. | kHz with lime; applied sialic field 12 k\//em, silver electrodes.

Fig. 2. Photograph of silver electrode surface after a static field of 2SkV/cm had been
applied at 156°C for two days.
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The change of €' with time at a fixed frequency is shown in Figure 1 for a specimen
with silver electrodes. The change of « with time was similar. The change was more
rapid at higher temperatures. Above the glass transition temperature, the decrease of
€' was especially rapid. When the value of €" reached an asymptotic value, the
specimen was taken out of the cell. The color of the guarded electrode was found to
have changed. While the change was hardly observable below 76°C, the silver darkened
slightly at 95°C; and, as is shown in Figure 2, the guarded electrode became black at
156°C. The guard electrode and the unguarded electrode remained unchanged in
appearance.

In the application of the static field, the polarity of the guarded electrode was positive.
Therefore, the change of the color can be interpreted as follows. The bound water,
which cannot be removed by heating under vacuum, is electrolyzed by the static field
and oxygen generated at the positive electrode causes oxidation of the silver. If this
assumption is correct, hydrogen, instead of oxygen, will be generated,1and the silver
oxide will be reduced to silver when the applied field is reversed. In fact, the black
surface did revert to its original color on reversal of the polarity.

The identification of silver oxide was carried out by electron diffraction.  Since silver
oxide is not a conductor, electrons accumulate and a diffraction pattern cannot be ob-
tained in the usual way. We adopted the following procedure to overcome this difficulty.
After gold was sputtered on the surface of the specimens, silver was sputtered oir the
gold layer. The gold layer remains conductive, even if the silver layer is oxidized. Such
a device eliminated the difficulty. The electron diffraction pattern of the blackened
layer is shown in Figure 3. The pattern is that of silver oxide.

On the basis of the above results, it was decided to sputter gold rather than silver on
the surfaces of a specimen to form electrodes. While the specimen with gold electrodes
was dried at 156°C and 10-2 mm Ilg in the cell, 1he changes in i and t" were measured,
as shown in Figure 4. The decrease of € or €"is not due to crystallization but to drying,
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since the specimen had been previously annealed at 156°C for a few days. Then the
effect of the static field was studied. After the field was applied and the value of €
or t" reached an asymptotic value, the field was removed and the specimen was kept at
the same temperature. However, t or €' did not recover to the original value, as is
shown in Figure 4. This behavior suggests elect rolysis of the bound water due to the
ionic conduction. It is, therefore, concluded that the anomalously large values of t
and €" at lower frequencies are mainly ascribable to protons and hydroxyl ions from
bound water.

Fig. 4. Change of t and €" at 100 Hz with time. The specimen was dried at 10G°C
under a vacuum of 10~2mm llg for 42 hr before application of static field of 28 kV/cm
for 53 hr; gold electrodes.

Application of 25 kV/cm at 156°C for three days revealed the dielectric absorption,
as is shown in Figure 5. By comparison witli viscoelastic measurements on poly-e-
caprolactam carried out by Takayanagi,Dthis dielectric absorption was assigned to the
aa absorption due to the segmental motion in the amorphous region. These results
indicate that bound water in solid polymers, which cannot be taken out bjr heating
under vacuum, can be removed by applying a dc field.
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Fig 5. Effect of static electric field upon the frequency dependence of €' and €" of
poly(e-caprolactam) at 93°C (Ol before and () after application of 2N kV./cm static
field at 1b6°C for three days; gold electrodes.

We wish to thank Dr. R. Oshima for the electron diffraction pattern. \We are also
indebted to Prof. S. Seki for the use of the DSC apparatus and to Mr. K. Hazama of
Unitika Co. Ltd. for supplying the polymer.
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Small-Angle Light Scattering by an Anisotropic Cylinder

From the linearity of Maxwell’s equations, a linear depotlienee cm he derived for the
components of a scattered electromagnetic field on those of the incident field. Let us
introduce a system of coordinates in which the components of the incident and scattered
radiation are defined in such a manner that the plane ZY is taken as the (Fig. 1) plane
containing both incident and scattered beams (the scattering plane). The scattering
particle is located at the origin 0 of the coordinate system. Hence for the Mueller
matrix F, which linearly transforms the Stokes parameters of incident and scattered
radiation, S and S', we can writel

S = Fs O

Stokes parameters for incident and scattered radiation are defined in terms of the
components of the electric field, E\ and Er, as column vectors

S=(Qf V),

'y Qv v, rii

s
where
;= (EtEt* + EtE*),
Q - {E\E\* - ErE¥*),
U = (EIiE* + ETEi*),
V = (i(EiEr*- EM¥*))

The angular brackets denote time averages, and, as usual, the asterisk denotes a complex
conjugate. The quantities 1+, @', u*, v' are formed analogously from en\ and e'1. In
the matrix F there are 16 coefficients, among which nine relations must exist.1 To
attain a further decrease in the number of coefficients, the symmetry properties of the
particle and the Helmholtz reciprocity theorem can be made use of.  If we employ the

Fig. 1. A pair of unit vectors (i,2) and (r',1"), reflecting the state of polarization of the
incident and scattered radiation. The plane YZ is the scattering plane, the angle O in
this plane is the scattering angle.  The angle ein the plane X V is the angle formed by the
axis of the cylinder and a perpendicular to the scattering plane, i.e., the X axis.

© 1971 by John Wiley & Sons, Inc.
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matrix formulation of this principle,23 the final form of tlie matrix F can be written
as follows:

2/2) (U, + w2 + 2.U3) (t/2)(M2 - 4/) $23 - $31 —Du 4" Dt
(1/2)(Af2 - Mi) (I12)(Af, + M2- 2M3 B+ ®1 —Du —D3A

—S23 b Sn ~8 ~8 $12 - M3 -Du
—NZB + -Dil -1)u - Du Ihi Sn + iUa J
@
where
Mk = AkKAk*
SKI = Sk = (1/2)04jA * + AKA®) ©)

-D K= Dk = (i/2)(AjAK* - AkA*)

are real numbers obtained from the elements of the 2X2 amplitude matrix A
Together, the relations

Sjt? + DX* = MjMk ik=1234

the elements of the matrix F yield quantities that can be expressed by means of six
constants, in accordance with the formulation of the principle of reciprocity for the
amplitude matrix.1 Thus the form of the matrix representation considerably simplifies
the application of the principle of reciprocity, allowing us to reduce substantially the
number of coefficients in the Mueller matrix.

Let us start with matrix (2) in the system of coordinates in Figure 1 If the polariz-
ability tensor of the particle under investigation is diagonal in a system of coordinates
which arises from the system in Fig. 1 by anticlockwise rotation about the Z axis by
an angle e the matrix F is givenlby

< = R(—2¢)FR (2« @

where R(2e) is a matrix for the rotation. If we denote the elements of matrix (2) bv
Q7 and write if in the form

an an au au
awr az an au ‘
—flu —a3 an <4 (3
an au —azi

we obtain, by substituting into eq. (4), the expression
an ozt —UI32 a2 T «136/2 o4

(IiCi -+ OI3g2 «2ft2 T 0i3R2 BT (022 —QilillHf! 4612 —B1$2 0
anSt —aiiih —aB+ 2« «r()fvib  «282+ o2 (AR + Q42 O

| 4 @2 ‘D OU2 QU —36%2 ou
in which
(m = eos2e
$2 = sin 2e

If the object under investigation is a cylinder having longitudinal polarizability ai and
polarizability ctr in the direction of the radius of the cylinder, that is, a bod}r having
rotational symmetry of the ellipsoid of polarizability located in the plane A'T and having
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Hie axis of the cylinder forming an angle e with the perpendicular to the scattering
plane, then eq. (6) can be simplified by substituting at =<, a 1= at.a3=a: = 0in
eq. (3), and from there in eq. (6), where the corresponding values from eq. (2) have
been substituted for a-* This yields1for F,

(2/2)(arTard (I/2)(ai2—,") @B2c @/ —ar)sin2e 0
(112)(«i2—ay2) cos 2¢  (1/2 )L«i2+ ar2—(Aa)2sin22c] (I/'2)(Aa)2cos 2«sin2e 0
(1/2)(ar —ord sin 2¢ (1/2)(Aa)2cos 2esin 2¢ aiar+ (I/2)(Aa)2sin22e 0

0 0 0 aiar.

Fe=p-

™

where y1 — k Fi(X)E2(y), Kbeing a constant ; /°(r) = (2/x)Ji(x), Ji denoting Bessel’s
function of the first kind, order 1, and E{y) = (r/2y)"-Ji/t(y), Ji/,, denoting Bessel’s
function of the first kind, order 1/2. Arguments of the function are

x = 2kasin (6/2)[ (1 —cos2 (0/2) cos2 (y —«)]'/*
and
y = kil sin (0/2) cos (0/2) cos (y —t)

where k = 2&/X \ is the wavelength of light in the scattering medium, 2a is the diameter
of the cylinder, and | is its length. The angle y determines the distribution of the
intensity of the scattered light in a plane perpendicular to the primary beam; it is
measured clockwise from the perpendicular to the scattering plane if we look in the
direction of the incident beam (in the direction of the Z axis). The angle eis in the
plane AF, formed by the axis of the cylinder with the perpendicular to the scattering
plane; Aar denotes the difference a\ —ar; 0 is the scattering angle. The relation for
the matrix F, in this form holds for small angles of scattering, for which it, can be assumed
that cos0 = 1, and also for cylinders fulfilling the conditions of the Kayleigh-Gans
approximation.1 With the aid of eq. (1), in which the matrix F is determined by eq.
(7), it is possible to determine the light scattering by an anisotropic cylinder having an
arbitrary orientation of polarizers in the small-angle approximation. The explicit
relationships for the components are as follows:

Hu — (p22) {(1/2)(<*i2+ ¢1) + (at2—«/) cos 2¢c -/ (1/2)[a'i2/- al — (Aa)2sin22c] j

Hv = (p24)(ai - an2sill22e = V,,

IV = (p22) {(1/2) (@i2+ a/) - («l2—ar) @B2c + (J/2)[ai2+ ar2 — (Aa)2sill22c]J
®

Hu = (p22)[(1/2)(a,2+ a/d + (1/2)(a,2- <) GB2c]

Vv = (p22)[(1/2)(a,2V aird - (1/2)@2- a?) @52

The above relations can be compared with those obtained for the transmission of light
through an oriented nylon filler,5since the transmission measurements can be regarded
as measurements of the light intensity in angles passing through the input aperture of
the photometer used for intensity measurements.6 In this way, physical content can
be assigned to phenomenological coefficients. It may be noted that it is convenient in
experiments to place a fiber in a light-scattering experiment so that, «= 0. This
arrangement gives TV = Hv = 0, Hn —2Hu = p2i2 and TV = 2TV = par>-

The results obtained are in agreement, with the phenomenological study by Tewarson5
on the transmission of light through an oriented nylon fiber and allow a quantitative
evaluation of small-angle scattering.
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