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Viscoelastic Properties of Linear Polymers in the
High-Elastic State

G. V. VINOGRADOV, E. A. DZYURA, A. YA. MALKIN, and V. A
GRECHANOVSKII, Institute of Petrochemical Synthesis of the Academy
of Sciences of the U.S.S.R., Moscow, U.S.S.R.

Synopsis

The relation between molecular weight, chain rigidity and the length of the high-elas-
ticity plateau is determined from frequency and temperature dependences of the storage
modulus for polybutadienes and polystyrenes with MwWMn < 1.1. Use is made of the
concept of equivalence of high-elastic states characterized by equal lengths of high-elastic
plateaus for linear polymers. The high-elastic states of the linear polymers studied are
equivalent if the polymer chains have equal numbers of dynamic segments and if the ref-
erence temperature is To = 1.22TQ where 1\ is the glass transition temperature. The
viscoelastic properties of the polymers in the high-elastic state are determined unam-
biguously by Tgand the molecular weight of the dynamic segment. The quantitative
relation between thermomechanical characteristics obtained by measuring deformation
versus temperature under a constant time regime and dependence of storage modulus ver-
sus frequency under isothermal conditions is discussed.

INTRODUCTION

The key problem in describing the viscoelastic properties of polymers is
that of establishing parameters by means of which then- individual features
can be characterized most simply, and the functions determining the
dependence of their properties on molecular structure and on parameters of
applied force. Since the viscoelastic properties of many amorphous linear
polymers vary similarly with temperature and time of applied force, the
problem reduces to selection of “corresponding states,” in which polymers
are mechanically equivalent. This question has been under discussion in
the literature since 1939, when Alexandrov and Lazurkin showed the effect
of temperature on the properties of a polymer to be equivalent to that of the
frequency of cyclic deformation.1 Later this was formulated as the prin-
ciple of temperature-time or temperature-frequency superposition and was
developed greatly by the schools of Ferry2and Tobolsk}'.3 Another prob-
lem of fundamental importance is that of the equivalence of the temperature
dependence of the relaxation times of different polymers upon proper selec-
tion of the reduction temperature.4"

In studying the properties of polymers in the fluid state the principle of
the independent influence of certain functions of molecular weight and
temperature on viscosity was extended to the shear stress,6and it was
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1154 MNOGHADOV FET AF.

shown7that the viscoelastic properties of linear polymers in the fluid state
are determined primarily by two individual parameters, namely, the glass
transition temperature T,, and the effective number of segments Nt =
M /M ¢ where M isthe molecular weight of the polymer and M cis the critical
molecular weight corresponding to formation of a fluctuating space net-
work of entanglements.89 Then, by using the values T,, and Nf as argu-
ments of the viscoelastic characteristics, a set of universal functions can be
obtained which describing the main features of behavior of linear polymers
in the fluid state.

In studying polymers in the glassy state is was found that their visco-
elastic properties depend little on their molecular characteristics.2* The
storage modulus of glassy polymers is of the order of 10Ddyne/cm2 irre-
spective of the nature of the polymer chain.D

The high-elastic state is the most characteristic state of polymers. It
appears within definite ranges of temperature or time of applied force, where
strains in the polymers are mainly reversible, this reversibility being of an
entropic nature. The high-elastic state of noncrosslinked polymers has
been studied less than their fluid and glassy states.

On plots of storage modulus or compliance versus frequency and tem-
perature, the high-elastic state is represented by the so-called high-elastic-
ity plateau, the length of which is known to increase with the molecular
weight of the polymer.1l However, the relationships between molecular
characteristics and the length of the high-elasticity plateau, on the one
hand, and the level of the plateau, on the other, have been studied for
different polymers by different methods and with the use of samples with
different molecular weight distributions (MWD). Tor this reason, data
obtained by different authors cannot be compared to establish general regu-
larities.

In this work we studied the effect of the basic molecular parameters on
polymer behavior in the region of the high-elasticity plateau in an attempt
to find corresponding states of different uncrosslinked polymers and to
develop methods of reducing experimental data to a generalized form. The
polymers used had different chain rigidities and sufficiently narrow MWD
to be considered practically monodisperse. This eliminated the influence
of MWD and made it easier to consider the effect of polymer chain length
and rigidity (i.e., segment length) on viscoelasticity in different tempera-
ture-time regimes of deformation.

EXPERIMENTAL

Materials

The objects of study were polybutadienes and polystyrenes with poly-
dispersity coefficients MWM n not exceeding 1.1. The latter were deter-
mined by measuring the rate of sedimentation in an ultracentrifuge. The
physicochemical characteristics of the samples are listed in Table I. The
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1156 VINOGRADOV ET AL.

densities of polybutadienes at different temperatures were found by taking
the coefficient of volume expansion equal to 7.5 X 10 4as given by Valen-
tine et al.183 The antioxidants were V-phenyl-V'-isopropyldiamine (sam-
ples PB-1 and PB-2) and lonol (PB-3 and PB-4). The temperature de-
pendence of the density of polystyrene was taken from Konyuch et al.4

Measurement of Dynamic Characteristics

In this work we employed the torsion pendulum described by Dzyura and
Yanouskilb to measure the logarithmic decrement of damping of free
vibrations at corresponding frequencies over a very wide range of tempera-
tures. From the results obtained we calculated the dynamic character-
istics (storage modulus G' and the loss tangent tan 5) by the usual methods
(IMers and Jenckel®. The tests were performed in the frequency range
between 6.3 X 10-2 and 1.5 cps and at the following temperatures:398-478°K
for polystyrene, 208-438°K for PB-1 polybutadiene, 20S-403°K for PB-2
polybutadiene, and 193-295°K for PB-3 and PB-4 polvbutadienes. The
results were treated by temperature-frequency superposition as described
below. The glass transition temperatures of all samples were determined
from the position of the loss maximum on the temperature scale at a fre-
quency of 1Hz with this torsion pendulum.

Treatment of Experimental Data

Dynamic characteristics for a wide range of frequencies were obtained by
the temperature-frequency superposition method, using the depencnee of
the reduced modulus G/ = G'pdTo/pT on the reduced frequency aaT (where
pand poare the polymer densities at temperatures T and TQ wis the circular
frequency, and aTis the temperature shift factor.)

Most of the Gr versus w graphs in log-log coordinates were practically
parallel to the abscissa and therefore useless for determining aT by shifting
the curves along the log ®axis over the whole temperature interval.

The following methods of determining the function aT(T) were used. It
is commonly known8that for polymers with M > M cthe temperature de-
pendence of aT is independent of molecular weight. Then tire coefficient aT
for various temperatures can be determined from the expression

aT — r]TPoTo/)TpT

where jT and rjlaare the zero-shear viscosities of the polymer at the tem-
peratures T and TOby making use of the viscosity-temperature dependence,
measurements of which can be made comparatively easily. The function
aT(T) was determined by this method for samples PB-3 and PB-4. The
zero-shear viscosity values rj0were determined with a capillary constant-
pressure viscometer./ The measurements were made at shear rates of
from 4.4 X 10-2 to tax 4 sec-1, the Newtonian flow region being reached for
each sample. The results are presented in Table II.
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TABLE I
Zero-Shear Viscosities of Polybutadienes at Various Temperatures

M X v X 10~4 poise
10-3 217.5°K 225°K 2335°K 254°K 293°K 315°K 334°K 353°K 371°K
38 1260 295 115 18.6 1.26 —

151 200 725 398 229 141
TABLE 111
Values of Coefficients in the WLF Equation for the Reference Temperatures Selected
Polymer T,, °K To, °K  Ci° Cfi Ci @
PB-1 and PB-2 193 236 5.9 85.5 3.42 (293°lv) 148 (293°K)
PB-3 and PB-4 180 220 6.9 102 4.0 (298°K) 175 (298°K)

From the data obtained we evaluated the coefficients aT, and assuming
that the function ar(T) is described by the Williams-Landel-Ferry (WLF)
formula,2we plotted the dependence of (7'—T0Q/log aTon (T—70Q. From
the graph of this dependence, which is straight line, we determined the
coefficients (\ and C2in the WLF equation.

For samples PB-1 and PB-2 the coefficients C\ and C2in the WLF equa-
tion were determined by the same method. Because no low molecular
weight samples of analogous microstructure were available the values of
log aT were determined directly by shifting the GV versus o> dependences
along the frequency axis in the temperature range 260-373° K, since these
graphs were not parallel to the frequency axis.

For polystyrene (PS) aTwas taken from Onogi et al.B8

The reference temperature TOfor different polymers was found by pro-
ceeding from the condition TOTs = constant, which, as will be shown be-
low, ensures that the main high-elasticity characteristics are for polymers
in corresponding states. The choice of reference temperature was deter-
mined by the fact that viscoelastic characteristics of PS are known from
published dataBfor T = 473°K, i.e, for TOTs = 1.22. The values of T,,
(at a frequency of 1 Hz), TO and the coefficients in the WLF equation
Ci and C2 for the polybutadiene samples studied are listed in Table I11.
Moreover, we have

cie = cicz[(cz+ (TaT)]
cZ2=C2+ (To- T)

Figure 1shows the aT versus T—TO0dependences for PS and PB-1, PB-2,
PB-3, and PB-4. It isevident that the aTversus T—TO0for PB-1 and PB-2
is described well by the WLF equation at T—T0 < 140°C. At higher
temperatures the results obtained by the direct method, i.e., graphical
translation of plots of G/ versus w along the frequency axis, differ slightly
from those calculated from the WLF equation (broken line).
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SO 0 50 10 120 j00
fr-oy
Fig. 1. Temperature-shift coefficient vs. tem perature for (1) polystyrene, () polybu-
tadienes PB-1, PB-2, and (A) polybutadienes PB-3, PB-4.

The values found for the constants Ci and C2of PB-3 and PB-4 differ
slightly from those given by Valentine at al.13 for polymers of similar
microstructure. But the log aT versus (T—TQ dependences plotted with
the above determined coefficients and with those of ValentineB3practically
coincide at T > TQ though they diverge somewhat at T < 1\,

Making use of the aT versus T—TO dependences shown in Figure 1, we
obtained G/ versus waT and tan 5versus aaT for the polymers studied over
a wide range of reduced frequencies.

RESULTS AND DISCUSSION

It may be assumed that the WLF equation coefficients used for cal-
culating aT are independent of the nature of linear polymers. Then, at a
definite distance from the glass transition temperature (at T = Tg +
AT) the relaxation times of the polymers should decrease relative to their
relaxation times at Tgby the same factor. However, it remains unclear
whether at Tg + AT different polymers are in equivalent states with the
respect to the transitions from the high-elastic to the fluid and to the
glassy states (when all three regions are described by the frequency scale).
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Fig. 2. Reduced storage modulus vs. reduced frequency for polybutadiene PB-4 at

265°K and 220°K, and for polystyrene at 473°K .

The Gr' versus uaT curves for different linear polymers are similar.  Char-
acteristic points can be singled out in the transition regions from the high-
elastic to the fluid and to the glassy state. If these characteristic points on
the Gr' versus uaT curves for different polymers occur at the same fre-
quencies, those polymers may be considered equivalent in ability to display
high elasticity.

Consider the experimental data for PS and PB-4 (see Table 1), treated
so that the reference temperature is at the same distance from T,, in both
cases. This is shown in Figure 2 plotted with a reference temperature of
473°K for polystyrene and of 265°K for polybutadiene, i.e., TO+ 85°K in
both cases.

First of all, note that for each homologous series of monodisperse polymer
samples, the Gr' values in the region of the high-elastic state may be con-
sidered constant. The region of transition from the high-elastic to the
glassy state is known to be practically independent of molecular weight, and
hence, it is specific for each particular homologous series. We denote the
beginning of this transition by the point  determined from the plot of Gr'
versus &>, as a value of vl at which the slope of this plot is 10° in the high
frequency region. Thus, the the characteristic point  reflects the specific
features of the homologous polymer series; i.e., it is related to the proper-
ties of the polymer chain segment. Taking into account the practically in-
significant change in modulus in the region of the high elasticity plateau, its
low-frequency boundary (transition to the fluid state) was determined by
the frequency ar at which the modulus G/ decreases by a factor of 1002
(i.e., 1.6) relative to its value at <3, The distance between  and w, on the
frequency scale determines the effect of the molecular weight of polymer on
the length of the high-elasticity plateau. Such a method of determining
the plateau boundaries is rather arbitrary, but for the purpose of this work
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it is important only that the same method of estimation be used for differ-
ent polymers.

It is evident from Figure 2 that when reduced to To = 71, + 85° the
value of (jigfor polybutadiene is higher by a factor of 1021than that of poly-
styrene. Hence, reduction to Ta = Tg + Kk does not ensure equivalence
of the states of the different polymers, in the sense that transition to the
glassy state, an effect characteristic of different polymers, should occur at
the same frequency for all of them.

For this reason the reference temperature for polvbutadienes was so
selected that the transition from the glassy to the high-elastic state shoidd
correspond to the same frequency as for polystyrene, i.e., so that log wg —
3.2 in both cases. This value of log wf for PB-4 polybutadiene is obtained
at a reference temperature of 220°lv. Comparison of the reference tem-
peratures of polystyrene (473°K) and PB-4 polybutadiene (220°K) with
the corresponding glass-transition temperatures gives the ratio 1,,/Ts =
1.22. Similar ratios were obtained for other polybutadiene samples at the
reference temperatures indicated above. The constancy of the TOTg
ratio corresponding to the conditions indicated above can hardly be acci-
dental.

It can be seen from Figure 2, that at To = 1.22 T1g¢ the conditions of
transition from the high-elastic to the glassy state become identical, but the
corresponding storage modulus values do not become equal. The average
storage modulus values in the region of the high-elasticity plateau Ge' for
polystyrene and polybutadiene are not the same, being 2 X 106dyne/em?2
for polystyrene and 8.7 X 106 dyne/cm2 for PB-4 polybutadiene. This
difference in Ge' is not related to the molecular chain length of polymers of
different structure, but rather to the properties of the dynamic segment,
primarily to its rigidity.

The molecular weight Meof the dynamic segment can be calculated from
the average value of Ge, by using a relation from the elementary theory of
rubber elasticity:19

M, = poRTo/G:

Segment rigidity is characterized by the number of monomer units Zg =
M JM ocontained in the segment (M0Obeing the molecular weight of a mono-
mer unit). Polymers with different segment rigidities and different mono-
mer unit structures have different fluctuational space network densities.
These densities depend on the number of segments Neper unit length of
macromolecular chain, i.e., on the concentration of entanglement nodes and
the length of the monomer unit 10 It was therefore of interest to use GJ
values standardized with respect to number of entanglement nodes per unit
chain length, and to unit length of monomer unit, i.e., the values GJ/-
NdQ It is not difficult to see that Nd®g = 1; hence, Ze = 1/Ndo and
Ge/Nd0 = GeZe Such standardization of modulus values makes it
possible to compare the properties of entanglements of equivalent node
concentration and monomer unit length.  In other words, the characteristic
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éog (uial)t [sec']

Fig. 3. Standardized storage modulus vs. reduced frequency for () polystyrene and
(O) polybutadiene PB-4.  Numbers on curves indicate the number of dynamic segments
in polymer chains.

parameter GEZe = pRT/MOmay be regarded as the storage modulus of a
rubber in which the distance between entanglement nodes equals the length
of one monomer unit.

The GeZeversus uaT dependences for polystyrene and PB-4 polybuta-
diene at TO = 1.22 Tgare compared in Figure 3, which shows that the
standardization method described makes it possible to superpose not only
the values of  but those of the storage modulus as well in the region of
the high-elasticity plateau.

Treatment of other experimental data gives values of the characteristic
parameter GeZefor some polymers, close to those of polystyrene and poly-
butadiene obtained in this study. This is evident from the data presented
in Table IV.

TABLE IV
Values of Characteristic Parameters for Different Polymers

Ge' X <x®Ze X

10 10-*,
Polymer MO Me X 10-* Z, dyne/cm2 dyne/cm2

Polystyrene 104 1.94 187 2.0 3.74
Polybutadiene PB-4 54 0.20 37 8.7 3.22
Poly-a-methylstyrene* 118 1.2 101.6 3.4 3.46
Poly (vinyl acetate )b 86 1.19 138 2.85° 3.95
Polybutadiene-1,2d 54 4.03 74 5.4C 4.0
Polyisobutylened 56 8.36 149 257 3.84

aGe from data of Fujimoto et al.2D

bG,' from data of Oyanagi and Ferry;2l an averaged value of storage moduli for four
fractions differing in molecular weight.

0Ge' chosen as the value of G' corresponding to the minimum of the tan 5vs. (a>eT)
dependence.

dG*' from data of Sanders et al.2

e Ge taken from data of Ferry.2
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Fig. 4. Loss tangent vs. reduced frequency for (¢) polystyrene and (O) polybutadiene
PB-4.

The average value of the characteristic parameter Ge'Zefor a number of
the polymers listed in Table 1V is 3.7 X 10sdyne/cm2 with deviations from
the average of not more than + 14%. This shows that the viscoelastic
characteristics of different polymers can be normalized by the number of
monomeric units between entanglement nodes. At the same time, nor-
malization of Ge' by the number of atoms in the main chain, as is done for
viscosity by Berry and Fox,Z gave no positive result, because in this case,
different reduced values of Ge' are obtained for different polymers.

Figure 3 shows that the high-elasticity plateaus of PS and PB-4 have
about the same length, despite an approximately eightfold difference in
molecular weight. This is due to the fact that both polymers contain a
similar number of dynamic segments (44 in polystyrene and 51 in poly-
butadiene); and according to our work,2 the high-elasticity plateaus of
these polymers should be of similar length (indeed, for the polymers com-
pared the plateaus extend over 2.9 and 3.3 decimal orders of frequencies,
respectively). This suggests that polymers having equal numbers of
segments in their chains are in equivalent states at TO= 1.22 T,,

As to the dependence of tan Son waT, it can be seen from Figure 4 that
the tan 5min values and the frequency coordinates of the minima for the
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TABLE V
Values of log (uaT) Corresponding to tan 5 = 0.5 in the Transition Region from the
High-Elastic to the Glassy State at a Reduction Temperature TO= 1.22T0

Tg(atl To = log QJdf
cps), 1.22 Ty, at tan S
Polymer °K °K c? c2 = 05
Polybutadiene PB-4 180 220 6.9 102 3.55
Polybutadiene PB-1 193¢ 236 5.9 85.5 3.6
Polystyrene 388“h 473 — - 3.8
Poly(vinyl acetate)* 306b 374 6.27 116.5 3.22
Natural rubber4 223b 272 7.16 125.6 3.85
Polybutadiene-1,24 261 318 4.78 92.5 3.84

" Present study.

bData of Schmieder and Wolf.B

cData of Oyanagi and Ferry2ifor a sample with MW = 7.8 X 106

4 Data of Sanders et al.2

e Obtained from the condition of linearity of the dependence of Taon content of vinyl
groups in polybutadiene chain, according to the data of the present study and Schmieder
and Wolf.5

polymers under discussion are close, which confirms the conclusion of
Marvin’s theory concerning proportionality of tan &rin to the number of
segments irrespective of the nature of the linear polymer chain. This
suggests that, with equal numbers of segments in the chain, when TO0 =
kTg the tan 8versus waT dependences of these polymers coincide.

A different approach to the choice of temperatures corresponding to the
equivalent states of different polymers was suggested by Sanders et al.2
The criterion proposed was coincidence of the branches of the tan 5 versus
waT dependence, corresponding to transition from the high-elastic to the
glassy state. It was found for some polymers that equal tan 8 values of
0.63 could be reached at nearly the same log (waT) values with a reduction
temperature of TO = Tg + 100°. Polyisobutylene was an exception.
However, the results of the present study and treatment of the results of
Ferry and co-workers2l2have shown that for various polymers practically
the same frequency values correspond to equal tan 8values of 0.5 if TO =
122 T,, is taken as the condition of comparison. Here, the values of T,,
were determined with a torsion pendulum at a frequency of 1 cps. This
result can be seen from Table V.

It is evident from Table V that the value of log tmt at tan 5 = 0.5 for
poly(vinyl acetate) deviates slightly from the corresponding log («or)
values for other polymers. As in the case where Ta = T,, + 100° is selected
as the reduction temperature,2 polyisobutylene differs sharply from the
other polymers. Thus, choice of equivalent temperatures both according
to the relation TO = 1.22 Tgand according to the rule TO= Tg+ 100° is
valid for a limited group of polymers and is not universal.

Now let us turn to the question of the length of high-elasticity plateau in
plots of the dynamic modulus versus frequency. The method of estimating
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Fig. 5. Reduced storage moduli vs. reduced frequency for polybutadienes: () PB-1,
(O) PB-2, (A) PB-3, and (X) PB-4 and for polystyrenes of various molecular weights:
(m) 8.6 X 106 (A) 5.1 X 10s and (D)2.67 X 105

this length was described above. It was shown2i that the length of the
high-elasticity plateau A log ¢ is directly proportional to log (M/Mcg,
where Mceis the critical molecular weight corresponding to appearance of
the plateau in graphs of the storage modulus versus frequency. The
experimental results of the present work confirm these conclusions and make
it possible to refine the values of the coefficients found in the previous
study.

Figure 5a shows the reduced plots of storage modulus versus frequency for
polybutadienes and polystyrenes and illustrates the length of the high-
elasticity plateau regions Alog @ Figure nb also contains the experimental
data of Onogi et al.Bfoi' two samples of polystyrene with molecular weights
of 5.1 X 10“and 2.67 X 10*. The molecular weights of dynamic segments
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Fig. 6. Dependence of length of high-elasticity plateau Alog a on number of dynamic
segments in polymer chain for polybutadienes of various molecular weights: () S.42 X
10», (0) 3.72 X 105 (A) 151 X JO* (X) L02 X 10s, (A) 51 X 105Band (m) 1.8 X 10»1*
and of polystyrenes of various molecular weights: (O) 8.6 X 10,6 (C) 5.10 X 106% and
(0)2.67 X 1057

Me for the samples studied were as follows: PB-1 and PB-2, 2.3d X 103
PB-3 and PB-4, 2.0 X 103 PS, 1.94 X 104

Figure 6 is a plot of the length of the high-elasticity plateau A log to
against the logarithm of the number of dynamic segments in the polymer
chain M/Me It also contains the data of Valentine et al.13for two poly-
butadiene samples (molecular weight 5.1 X 105and .S X 109 treated in
the same way. The molecular weight of the dynamic segment M e of this
polymer is 2.22 X 103 It is evident from Figure 6, in log-log coordinates,
that the length of the high elasticity plateau depends on a power of the
number of dynamic segments in the polymer chain. For the polymers
under discussion the exponent is 3. It should be noted that the relation
between Alog o and log (M/Me) is independent of the choice of reference
temperature. It is important only to estimate A log to at each reference
temperature by the same method and to calculate Me from the value of
G'/. For example, the data of Valentine et al.Bfor polybutadiene at TO=
298°K and the experimental data for polybutadienes presented in this
paper give compatible results for Alog t versus log {M/My).

The extent of the high-elasticity plateau has been discussed more than
once by Ferry2and other authors, proceeding mainly from examination of
the relaxation spectra of polymers with different molecular weights, and
also expressing the dependence of Alog to on molecular weight as a power
function. Ferry indicates2 that the exponent should be 2.4. Indeed, in
the case of poly (vinyl acetate) with ill <3 X 10" it does equal 2.4, but at
higher molecular weights it may rise as high as (= According to Fujimoto
et al.Dthe exponent is 3.4 for poly-a-methylstyrene.
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The straight line drawn in Figure 6 intersects the abscissa at log (M/M ¢
= 0.6. This corresponds to the fact that linear polymers exhibit a critical
molecular weight Mcg at which a high-elasticity plateau appears in the
graph of the storage modulus versus frequency. In addition, MQ,,= 4Me
Thus, Alog @depends on log (74/M ¢ according to the relation:

Alog ® = 3 log (Af/4ilfe @)

This dependence is common to polystyrene, a typical thermoplastic with a
fairly rigid chain, and polybutadiene, a typical elastomer with a very flexi-
ble chain. In this respect, as might have been expected, there is no differ-
ence between these classes of polymers.

It has already been said that under the condition, TO = kTg the de-
pendence of tan 5 on ©aT is determined only by the number of dynamic
segments in the polymer chain, irrespective of its nature. In Figures 7a
and Ib the numbers on the curves indicate the number of dynamic seg-
ments for each sample. It is evident from this figure, that in the case of
monodisperse polymers tan 5versus a@aT has a distinct minimum in the high-
elasticity plateau region, which shifts towards higher frequencies with de-
creasing number of segments. The value of the reduced frequency corre-
sponding to this minimum can conveniently be denoted (coar)min.  Besides,

By (=d)) [secF
(@)

Fig. 7 (continued)
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Fig. 7. Loss tangent vs. reduced frequency for (a) polybutadienes: (¢) PR-1, (O)
PH-2, (A) PB-d, and (X) PB-4, and (b) polystyrenes of various molecular weights:
(m) 8.6 X 10s (A) 5.1 X 105 and (O) 2.67 X 105

the greater the number of dynamic: segments comprising the polymer chain,
the lower is the minimum value of tan 8

The dependence of the minimum tan 5 on the number of dynamic seg-
ments in the polymer chains according to experimental data is represented
by the solid curve in Figure 8. The broken line is the dependence corre-
sponding to the theoretical equation®

(tan S)min = 1.81 (M/M r* @)

It can be seen from Figure 8 that for M/M ebelow approximately 150 the
experimental and theoretical dependences have the same slope. But
according to the experimental data the coefficient is 2.5 instead of the
theoretical value 1.81. It is evident from Figure 8 that the data obtained
for polybutadiene and polystyrene are in good agreement with the litera-
ture data2l for four poly(vinyl acetate) fractions (il/ = 1.2 X 105 2.62 X
105, 35 X 105 7.7 X 109. The average Me value for these fractions,
found from the storage moduli of the four samples (£20% scatter) is 1.2 X
104 at the point corresponding to (tan 5)min.  An important question is
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why (tan S)min becomes practically constant at high M/Me  Since theory®
does not take into account the finite chain length, the discrepancy between
theory and experiment in the region of high M/Me may be due to this
fact. Figure 8 also shows the dependence of the reduced frequency corre-
sponding to the minima on the curves in Figure 7 on the number of dynamic
segments. It is interesting to note that while the minimum value of tan
5tends to a constant with increasing number of dynamic segments in the
polymer chain, the dependence of (coar)min on the number of dynamic seg-
ments is a steeply declining function, i.e., precisely this dependence is
sensitive to the density of the fluctuation network of entanglements for
long chains.

Fig. 8. Effect of number of dynamic segments in the polymer chain on the minimum
value of the loss tangent and oil the reduced frequency corresponding to the minimum
loss tangent.  The broken line corresponds to the theoretical equation. The numbers
denote experimental points: 1 and 2 from Valentine et al.;13 3-9 from Figs. 7a and b;
and 10-13 from Oyanagi and Ferry.2

It is known that in cured elastomers, the higher the crosslink density,
the more tan 5 decreases. The fluctuation entanglement network in an
uncured elastomer differs from a network produced by chemical crosslink-
ing in that each entanglement has a definite lifetime, i.e., it disappears and
reappears at a definite frequency. Such a network may exhibit an effect
similar to the spatial network in chemical crosslinking only for applied fre-
quencies greater than the natural frequencies of formation and breakdown
of the entanglements. From this point of view, the frequency coordinate
of the minimum of tan 5versus uaT should be related to a certain character-
istic (“average”) frequency of breakdown and reappearance of entangle-
ments in the polymer.

The high-elasticity plateau was discussed above exclusively as a region
in the dependence of dynamic modulus versus frequency, determined under
isothermal conditions. However, the high-elasticity plateau may also be
regarded as a temperature region where the modulus (or compliance)
measured at a constant time regime of deformation is constant. The gen-
eral quantitative correspondence between these two kinds of plateaus was
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Fig. 9. Temperature dependence of storage modulus at | cps for polybutadienes: (O)
PB-1, (*) PB-2, (X) PB-3, () PB-4.

Fig. 10. Relation between length of high-elasticity plateau, determined from tem-
perature dependence of storage modulus and number of dynamic segments in the poly-
mer chain: (A) polystyrene; (O) PB-1, (¢) PB-2, (X) PB-3, () PB-4. The lines in
the figure are plotted according to eq. (3) with the constants B = 3.22 and C = 122.

established previously,2 the theoretical discussion being based on the
formula:

B{Tf - Tg) o
C+ (Tf- TV)

first suggested by Kargin et al.11'Z Here, B and C are constants deter-
mined from experiment; and Tr —T,, characterizes the length of the high-
elasticity plateau, Tf and T/ corresponding to the transitions of the poly-
mers to the fluid and glassy states, respectively. In this work, both Tf and
2’/ were determined from curves of storage modulus versus temperature in

log (M/Meg
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a way similar to that described above for the storage modulus vs. frequency.
It was shown2that the length of the high-elasticity plateau in the storage
modulus versus frequency dependence can be expressed through the ratio
of the constants B and C.

The temperature dependences of G' obtained in this work at a frequency
of 1 cps for polybutadienes is given in Figure 9. Treatment of these de-
pendences as for Figure 2 gives the plateau length for the various samples.
The relation between (Tf — T/) and log (M /M cg is shown in Figure 10.
The solid line, plotted from eq. (3), is in good agreement with experimental
datawithB = 3.22and C = 122. TheratioB/c = 2.6 X 10 2is close to
the value reported elsewhere,27 though the values of the individual con-
stants for polyisobutylene differed from those of the polymers studied in
this work. It may be supposed that this was due both to the use of differ-
ent methods in determining the thermomechanical curve and to the fact
that the nature of the high-elasticity plateau depends on the MWD.

The results presented in Figure 10 are further evidence in favor of the
equivalence of representations of the high-elasticity plateau in the tem-
perature and in the frequency dependences of the dynamic properties of a
polymer (cf. Figs. 6 and 10). The results also indicate that the chemical
nature of a linear chain has no effect on the dependence of the length of
the high-elasticity plateau on the number of dynamically effective seg-
ments for the polymers studied in this work.

The authors are indebted to Mrs. G. V. Montseva for her help in carrying out the
experiments.
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Morphological Effects on Formation and Behavior of
Radicals in 7-Irradiated Polyethylene Single Crystals

NAOSHI KUSUMOTO, TATEO YAMAMOTO, and
MOTOWO TAKAYANAGI, Department of Applied Chemistry,
Faculty of Engineering Kyushu University, Fukuoka, Japan

Synopsis

Polyethylene single crystals differing in lamellar thickness, both as-grown and annealed
with different lamellar thickness, were irradiated by 7-rays to a dose of about 107rad at
liquid nitrogen temperature in vacuo, and then ESR measurements were made. It was
found for the as-grown crystals that alkyl radicals were concentrated at the crystal sur-
face. For the annealed crystals it was found that the radical concentration was greater
than in the original crystals because of an increase in disorder with annealing. By as-
suming that the crystals form blocks upon annealing and that the surface and the interior
of the blocks have the same trapping capacities for radicals as in the original crystals, the
dependence of the size of the blocks upon variation in annealing temperature and the
original lamellar thickness was estimated. This estimate is supported by the theory of
the thickening process of single crystals. Two types of radical reactions with different
reaction rates were found to occur simultaneously at room temperature. The rapid
process was independent of lamellar thickness and was related to the reaction of radicals
mainly in the surface region and the defects within the crystals. The slow process was
strongly dependent on the lamellar thickness (i.e., the reaction rate was much depressed
as the lamellar thickness was increased) and was inferred to be closely related to molecu-
lar motions manifested in viscoelastic measurements by the crystalline dispersion «

INTRODUCTION

The identity and behavior of radical species formed in irradiated crystal-
line polymers has been widely investigated by the electron spin resonance
(ESR) method in recent years. However, the influence of the higher-
order structure of the polymer matrix on trapping and reaction phenomena
of radicals does not seem to have been clarified as yet, although such an in-
fluence may be closely related to the efficiency of high-energy radiation in
producing such ultimate effects as crosslinking.

Toy! has suggested that preferential radical formation occurs in the amor-
phous phase of irradiated bulk polyethylene, and this can account for the
high crosslinking efficiency in the amorphous phase.2 On the other hand,
in a study of polyethylene single crystals, Salovey et al.34maintained that
radicals are induced uniformly in the crystal matrix by irradiation and that
they migrate to form crosslinks at the crystal surface.4

Recently, by using samples in which the disordered region had been
etched stepwise by fuming nitric acid, we5 obtained direct evidence that
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radicals in irradiated bulk polypropylene are concentrated in the disordered
region (the amorphous phase and defects within crystal domains).

In single crystals of polymers, the surface structure of chain folds and
chain ends may result in some disordering of the chains and a greater chain
mobility than within the crystal. By analogy with the case of bulk poly-
propylene,5therefore, it seems possible that selective radical formation may
occur at the crystal surface.

The first object of this paper is, therefore, to scrutinize radical formation
induced by radiation in polyethylene single crystals in relation to structural
features of the crystal, and further to test the application of the ESR
method for investigating the higher-order structure of the polymer matrix.

The relation between the decay of trapped radicals and molecular motions
of the polymer matrix has been discussed by many investigators.6-15 For
crystalline polymers, however, most studies have been concerned only with
phenomena which occur below Ta Effects above Tghave not been studied
definitively. Since alkyl radicals in the amorphous phase are easily de-
stroyed at temperatures above Tg residual radicals may be associated with
the crystalline domains of the sample. The second object of this paper is to
clarify the relation between behavior of radicals and molecular motions in
the crystal phase by using well defined single crystals of polyethylene.

EXPERIMENTAL

Isotliermally crystallized single crystals with various lamellar thicknesses
were prepared by a technique similar to that reported in the previous
paper.’6 Pellets of polyethylene Hizex 1200J (Mitsui Petrochemical Co.)
were dissolved in xylene at a concentration of 1.5 g/1. This solution was
then added dropwise to xylene, which had been kept at a regulated tem-
perature within + 0.1°C, to obtain a final concentration of 0.06%. Crystals
differing in lamellar thickness were prepared by varying the crystallization
temperature of the solution from 33 to 85.5°C. The suspensions of single
crystals were filtered. The filtered suspensions were pressed to form single-
crystal mats and dried under reduced pressure for 6 days. Table I lists
the crystallization conditions and the lamellar thickness estimated by small-
angle x-ray scattering. Selected-area electron diffraction by the samples

TABLE |
Crystallization Conditions and the Lamellar Thickness
Crystallization Crystallization Lamellar
No. Temp. Time Thickness
1 33.0°C 1 day 93 A
2 49.5 1 98
3 68.5 1 118
4 74.0 1 123
5 80.0 2 140
6 85.5 5 156
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TABLE I
Annealing Conditions and the Lamellar Thickness
Annealing Annealing Lamellar
No. Temp. Time Thickness
U =9A
7 S0°C 1 day 109 A
S 90 1 123
9 108 1 184
10 120 1 297
ho = 122 A
11 S0°0 1 day 123 A
12 90 1 126
1! 1DS 1 147
14 120 1 253

showed single-crystal patterns, and the shape of the crystals became den-
dritic with increasing crystallization temperature.

Samples obtained by crystallization at 74 and 49.5°C were annealed at
various temperatures to produce thickening of the crystals. Table Il lists
the annealing conditions and the lamellar thickness.

In addition to these single crystals, a high-pressure-crystallized poly-
ethylene was studied as an example of a case in which extremely large
lamellar thickness is achieved and surface effects can be neglected. The
crystallization was conducted at 238°C and 5350 bar under conditions em-
ployed by Wunderlich and Arakawa.l7 The sample obtained had a melting
point of 142°C and a mean lamellar thickness of 4000 A. The lamellar
thickness was estimated by electron microscopy. This sample exhibited a
high crystalline absorption a, in viscoelastic measurements, as did our crys-
tal samples, as grown, with different lamellar thickness. It was also shown
that y-absorption which is associated with the defects within the crystal is
as low as that of single crystals. It is therefore indicated that both ma-
terials are much more perfectly crystalline then the bulk-crystallized
samples.18

Samples for ESR measurements were sealed in evacuated glass tubes of
3 mm diameter, and irradiated by y-rays from a 6Co source to a dose of 107
rad at liquid nitrogen temperature (—196°C). A Hitachi magnetic reso-
nance spectrometer was employed for ESR (X-band, 100-kHz modulation)
and wideline NMR measurements. ESR was measured at liquid nitrogen
temperature by using a Dewar flask which inserted into a TEVZ resonant
mode cavity. To estimate radical trapping capacity of the irradiated
samples, measurements were made within a few hours after irradiation. To
observe decay of radicals above room temperature, the irradiated samples
were annealed in a water bath, which was kept above room temperature,
for various time intervals from 10 sec to 30 min and subsequently ESR was
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measured at liquid nitrogen temperature. The radical concentration in the
samples was estimated by comparison with a 7-ray irradiated PMMA
standard samples whose radical concentration had been calibrated by a solu-
tion of DPPH in benzene. The precision of this measurement is within
*+ 10%. Wideline NMR was measured only for the unirradiated samples
at room temperature and the mobile fraction was estimated according to
the method of Wilson and Pake.19

RESULTS AND DISCUSSION

Radical Concentration in Isothermally Crystallized Single Crystals

The trapped species at liquid nitrogen temperature were believed to be
alkyl radicals, since the ESR pattern of all samples showed the well known
sextet identified by many investigators;1'920-24 the spectral intensity dimin-
ished without a residual spectrum other than the sextet when irradiated
samples were annealed near room temperature. The radical concentration
of the crystals, as grown, was found to decrease with increasing lamellar
thickness. Figure 1 shows a plot of the radical concentration against re-
ciprocal lamellar thickness 1/L. In this way the high-pressure-crystallized
sample can be compared in the same figure with crystals as grown. The
relation between the concentration and the reciprocal thickness can be re-
garded as approximately linear. This relation can be interpreted on the
assumption that the radicals are trapped in different concentrations at the
surface and in the interior of the single crystal. At the surface the arrange-
ment of chains may be disordered, compared with that within the crystal
lattice, because of the chain folds and chain ends. Therefore, it is likely
that radicals in the surface are trapped to higher concentration than in the
interior, as in polypropylene.5 It has been found for bulk-crystallized
polypropylene that the radicals are much more concentrated in the disor-
dered region than in the crystalline region. Figure 2 is a schematic repre-
sentation of a single crystal. The average radical concentration C in the
single crystal, can be written in a function of 1/L:

C=Kgl- L) + KJJL
= Ke+ h(Ka- Kg/L @)

where K,, is the radical concentration of the inner region, lais the depth of
the disordered surface region corresponding to twice the size of chain folds,
Kais the radical concentration in the surface region of a crystal, and L is
the lamellar thickness. To satisfy the linear relation in Figure 1the value
of constants Kcand K &in eq. (1) are determined with the assumption of a
value for /a. It may be maintained that. /ais the same for all samples, in-
dependent of lamellar thickness, from the results of nitric acid etching by
Blundell et al.,5 who reported that the surface thickness is independent
of the crystallization temperature. The value of A may depend upon the
structure of chain folding, and there are conflicting views concerning this
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Fig. 1. Plots of radical concentration of as-grown crystals vs. reciprocal lamellar thick-
ness.

Fig. 2. Schematic representation of as-grown crystal.

surface thickness.  Also, we cannot estimate here the value of ZAfrom selec-
tive radical trapping.

Nevertheless, if we assume a sharp fold structure and represent the fold
as a half circle, lais 4.8 A we obtain Kc = 0.7 X 109spins/g and Kc= 1.14
X 10Dspins/g. It is noteworthy that radicals are trapped in the surface
region at a concentration about 16 times that within the crystal. The value
of K aof course, decreases as the assumed value of Zis increased; the sharp
fold is the extreme case. However, it is clear that a considerably higher
concentration of radicals is produced, and the differences in  have little
influence on the estimation of “block size” discussed below.

The above result agrees well with the suggestion of Loyl and our results
on bulk polypropylene5 It can also explain the experimental results ob-
tained on irradiated polyethylene single crystals by Salovey,® who re-
ported that crosslinking occurred mainly at the surface of crystals, but it
seems to contradict the suggestion that radicals are uniformly produced in
crystals3and that they migrate to the surface of crystals to form crosslinks.4

The basis for the claim of homogeneous distribution of radical sites is the
marked anisotropy of ESR spectra.3 This effect may arise from radicals in
the molecular chain being oriented perpendicular to the surface of the crys-
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Fig. 3. Relative radical concentration in as-grown crystals etched by fuming nitric
acid vs. lamellar thickness.

tal. In our case, however, although radicals are concentrated in the sur-
face, the total number of radicals in the surface region is of the same order
as that of radicals in the interior, since the volume of the surface region is
less than one-tenth that of the interior. Thus, the anisotropy of the ESR
spectra could be due to radicals in the interior.

We have already given consideration to the case in which the radicals
are originally formed selectively in the disordered region of the crystalline
texture from the viewpoint of the reactivity of radicals under the influence
of the polymer matrix.5 Another view of the selective trapping of radicals
is that radicals are originally formed homogeneously in the sample and mi-
grate to the defect region during irradiation. The fact that the isomeric
transition of radical species occurred even at liquid nitrogen temperature
seems to imply this possibility. This mechanism however, can not explain
the increase of radical concentration with decreasing lamellar thickness.

Another assumption is implicit in our conclusion mentioned above. If
the surface regions of single crystals trap radicals at higher concentrations
than the inner region, defects within the crystal might also trap radicals at a
similarly high concentration, because of the similarity between the interior
defects and the surface. The assumption that the number of defects per
unit weight of the interior region of the crystals does not differ in different
samples must, therefore, be made to estimate the radical concentrations, Kc
and Aa If there is a tendency, for example, for the number of defects per
unit weight to increase with increasing crystallization temperature, the
value of the radical concentration Aawill be overestimated. To examine
this assumption directly, the surface regions of single crystals were removed
by nitric acid etching under the conditions employed by Peterlin et ah,B
and relative intensities of ESR spectra of irradiated residual crystals were
compared. Since an additional spectrum due to radicals related to nitro
groups introduced by the etching5was strongly superposed on the original
spectrum of alkyl radicals, an exact estimation of the concentration of alkyl
radicals was difficult. However, it was found that the relative concentra-
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tion was independent of the lamellar thickness after removal of the surface
region with nitric acid as shown in Figure 3. Thus, the above assumption
was proved and the estimation of Keand K,, was justified.

Radical Concentration in Annealed Single Crystals

Figure 4 shows plots of radical concentration in annealed single crystals
versus lamellar thickness. It may be noted that the radical concentration
increases on annealing, and the radical concentration in the annealed crys-
tals is always higher than in as-grown crystals of the same thickness.

It is clear from the previous section that the factor which determines the
radical concentration is the volume fraction of the disordered regions.
Therefore, the increase of the radical concentration accomplished by anneal-
ing of the crystals before irradiation can be ascribed to an increase of the dis-
ordered regions by annealing.

In a study of polyethylene single crystals by wideline NMR, Slichter®
found that the disordered region is increased by annealing the as-grown
crystals above the crystallization temperature. However, conclusions as to
the location of this disordered region in the crystal are conflicting. Kedzied
studied the anisotropy of the narrow component of wideline NMR spectra
of annealed crystals and inferred that the mobile segments are oriented with
respect to the fiber axis within the crystal. By NMR, Fischer and Peter-
lind and OIf and Peterlin® concluded that the disordered region is on the
surface of crystal. Recently we found behavior of the narrow component
of the NMR spectrum similar to that reported by Kedzie.® Figure 5 shows
plots of the mobile fraction in as-grown and annealed single crystals versus
the reciprocal of lamellar thickness. The mobile fraction of the as-grown
crystals decreases with decreasing reciprocal thickness and extrapolates to
near zero when the lamellar thickness becomes infinite.  On the other hand,
the mobile fraction of the annealed crystals increases with decreasing recip-
rocal thickness, which suggests that the mobile fraction is fairly large when
the lamellar thickness is infinite. These results imply that the disordered

Fig. 4. Plots of radical concentration of annealed single crystals vs. lamellar thickness.
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Fig. 5. Plots of mobile fraction of wideline NMR spectra of annealed and as-grown single
crystals vs. reciprocal of lamellar thickness.

region in the as-grown crystal is mainly located at the surface, whereas
much of it in the annealed crystal is within the crystal.

Holland,3 Bassett,3 and Abe et al.® have reported disordering of the
electron microscope moire pattern caused by annealing of polyethylene
single crystals. These observations may indicate that annealing gives rise
to disordered region within the crystal. In viscoelastic measurements on
polyethylene single crystals, Sinnott®dfound that the crystalline dispersion
a0is decreased by annealing and ascribed this effect to the disordered region
on the surface of crystals. Recently, on the other hand, Takayanagi and
Matsuo’ found that the ac dispersion is intensified in mats of as-grown
crystals with increasing the lamellar thickness. The mosaic-block hypothe-
sis, which introduces disordered regions into the interior of the crystal, lias
been successfully applied to interpret both these facts.

Thus, we accept here the model that the disordered region exists within
the crystal to explain the behavior of radicals in the annealed crystals.
The hypothetical mosaic block was originally proposed by Hosemann3in an
x-ray analysis based on the theory of paracrystallinity. The blocks may
arise in the crystal by annealing, as is shown schematically in Figure (.
The arrangement of chains may disordered also at the sides of the blocks,
with increased mobility of molecules, so that radicals will be trapped there
much as in the surface region. For simplification, we assume here that the
sides of the block have the same ability to trap radicals as the surface region.
With this assumption, the overall radical concentration becomes

= KJh2+ Ka2ldb+ 1S)  1Ib*K» - Ae
(la+ k)2 +  (h+ kYL

In the case 2<571b, eq. (2) reduces to eq. (1). By solving this equation for
Ib and substituting values of Kc and A'a previously estimated for the as-
grown crystals and radical concentrations into the expression, the size of
the crystal block + /b can be estimated as shown in Figure 7. Although
this is a quadratic equation, we can obtain a unique value for Ibbecause one
of the two answers is always negative. The influence of the original lamel-
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Fig. 6. Schematic representation of a mosaic block of crystals.

Fig. 7. Plots of size of mosaic block vs. lamellar thickness.

lar thickness on the radical concentration can be explained by considering
the difference of the size of mosaic blocks generated by annealing. The
thicker the original lamellae, the larger are the crystal blocks at a given
temperature. The size ranges from about 200 A to 700 A except for anneal-
ing at 120°C. This range of block size agrees well with that reported by
Hosemann et al.3

Theoretical Support to Block Formation Observed by ESR Method

In the previous sections it was shown that radicals induced in single crys-
tals, as grown, are concentrated at the disordered surface. Accordingly,
the increase in radical concentration in annealed single crystals was inter-
preted as resulting from an increase of the disordered region by annealing.
The location of the increased disordered region was inferred to be the sides
of crystal blocks formed by annealing, and the size of the block was esti-
mated by using the selective trapping phenomenon.

It is desired, therefore, in this section to support this unprecedented
method for the morphological problem by comparing the experimental
data with the theory of block formation by thickening of single crystals.

Hirai et al.® presented a theory of thickening of single crystals by an-
nealing. According to this theory, nucleation and growth of nuclei on the
surface of lamellae give rise to thickening. It seems reasonable, therefore,
to consider that block formation occurs during nucleation, as follows.
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(b)

Fig. 8. Thickening and block formation in single crystal by annealing: (a) schema-

tic representation of block formation by thickening; (6) thickening nuclei on the sur-
face of a lamellar crystal.

The nucléation rate A in the supercooled melt is given by

A = AOexpj - E dkT\ expj-F*/kT) €]
where E ais the activation energy to transport chain segments from the melt
to the crystal surface and F* is the critical energy of a nucleus that can grow
to a stable crystal.f) The energy F* has been given by Hirai et, al. Pas

F* = (2<WAe)L @

where asis the free energy per unit area of the growth surface of the thicken-
ing nucleus and aeis that of the folded surface of the nucleus. On substitut-
ing eg. (4) into eq. (3) we obtain the nucléation rate as a function of L.:

A = AOexp{ —Ed/kT} expj—(2d0F2<rekT)L} 5)

The nucléation is assumed to be related to block formation in the fashion
shown in Figure <&
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To form nuclei on the surface of a lamella, chain segments must be trans-
ported out of the original lamella, which may then be divided into blocks,
each block including one thickening nucleus. If only the first thickening
nuclei on the original lamellae are responsible for the block formation, the
lamellar thickness L in eg. (5) isthe original lamellar thickness LG

A = AOexp{ —Ed/KT] exp{—(2d0%i/<rekT)LG} ©6)

The nucleus on the surface of a lamella grows by forming a monomolecular
layer with thickness of hOand surface area pdn as shown in Figure Sb. The
free energy <£for formation of this layer is

() = 2dthoss — 2d0osr/Lo 0

Since ¢>decreases with increasing p, the nucleus will develop without the
condition of critical size. The growth rate G is controlled only by the
diffusion process and is given by:

G = Gexp{ —EJkT} ®)

As a result of the nucleation and growth of nuclei, the number of the
nuclei, that is the average surface area of the crystal block (the size of the
block) is defined.

Evans4l dealt mathematically with the problem of two-dimensional for-
mation and growth in circles at constant rates, and derived a formula for
the average area of the circles finally achieved by expansion of the original
circles. This equation has been successfully applied by Takayanagi and
IvusumotoZ to evaluate the average area of spherulites of polyethylene
succinate. In the thickening process, this equation can also be applied.
The average area of the blocks Ais given by

A = 1.137(GM)V ©))
Substituting egs. (0) and (8) into eqg. (9) and taking logarithms, we obtain
InA = In1137 + (2/3) InG,JA, + (AdGas2SagLOkT
= K T (4do0s2 3)LOQIcT (20

Therefore, In A is expected to be proportional to the reciprocal of the
annealing temperature if the above assumption is satisfied. Since the
absolute values of Ao and Go are not known, we cannot calculate absolute
values of A but the slope of the linear relation between In Aand 1/7’and the
dependence on the original lamellar thickness in eg. (10) can be calculated.
The solid lines in Figure 9 have the theoretical slope and vertical displace-
ment. They were calculated with the values d0= 20 A, <« = 10 erg/cm2
and je = 80 erg/cm2 which were used by Hiraifto interpret the thickening
mechanism in annealing of polyethylene single crystals. The points in
Figure 9 were calculated from values of Z,+ Ddeduced from the behavior of
radicals and the relation

A = (za+ Ib)-L/Lo (11
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Fig. !). Logarithmic plots of surface area of mosaic blocks vs. reciprocal of annealing
temperature.

The agreement of the calculated lines with experimental plots is quite
good except for annealing at 120°C. It is likely that annealing at this
temperature caused the considerable structural change in the crystal
through partial melting.

The estimate of block formation estimated by the ESR method is there-
fore consistent with the theoretical arguments. The agreement provides
support for the applicability of ESR in elucidation of morphological
problem.

Reactivity of Alkyl Radicals in Single Crystals

When irradiated samples were annealed at room temperature, decay of
radicals occurred by recombination. Figure 10 shows the decay curve at
22°C. It can be seen that decay occurs rapidly at short annealing times
and then becomes slower and that the decay rate decreases as the lamellar
thickness increases. Plots of the reciprocal of the radical concentration
against the reaction time at 22°C are shown in Figure 11. The linear rela-
tions found at. longer times suggest that in this region the reaction proceeds
by a second-order process. It appears that at short times a different, more
rapid, reaction process is superimposed on the slower decay. The slower
process can be described by the equation

1/CT - I/Cto = Id (12)

where k and CDrepresent reaction rate constant and radical concentration
at zero time, respectively. By extrapolating the straight lines in Figure 11
to zero time the value of C\Ois determined as 0.07 X 10Is spins/g. The
value of k is determined from the slope. It is found that k is markedly de-
pendent on the lamellar thickness, decreasing with increasing lamellar thick-
ness as shown in Figure 12. It is noteworthy that values of k are different
for crystals before and after annealing at a given lamellar thickness.
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Fig. 10. Decay of radicals at room temperature, 22°C: (a) as-grown crystals, (6) an-
nealed crystals.

The concentration of rapidly decaying radicals is found experimentally to
be governed by the relation

C2=C- l/(kt + 1/Cjy (13)

Figure 13 shows the change in radical concentration due to the rapid process
versus reaction time at 22°C. It is noted that the rapid decay process is
independent of the lamellar thickness.

Many investigators are currently interested in the reaction of trapped
radicals in relation to the motion of the molecules on which radical sites are
located. The relation between molecular motions, as detected by viscoelas-
tic measurements, and reaction of radicals below T,, has been examined
by comparing the corresponding activation energies.61112"56

In our case, the rapid reaction process may be related to region where the
molecular motions are fully activated at room temperature, i.e., the folded
chain structure at the surface of a single crystal and defects within the crys-
tal. Radical pairs will also participate in this process. OIf et al.#have re-
ported in a wideline NA1R study that folded chains at the lamellar surfaces
of polyethylene single crystals are in motion at room temperature.
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Fig. 11. Reciprocal radical concentration vs. reaction lime for the slow decay process
(a) as-grown crystals: (b annealed crystals.

On the other hand, the slower reaction process is seemingly related to re-
action of isolated radicals within the crystal. This is supported by the fact
that the ESIt line resolution becomes sharper with lapse of reaction time and
eventually constant, in the time region in which the radical concentration
decreases linearly with reaction time. Therefore, the slower reaction pro-
cess should be considered in relation to the molecular motion reflected in the
crystalline dispersion in the viscoelastic behavior.

As has been mentioned before, the crystalline dispersion acin viscoelastic
data on isothermally crystallized polyethylene single crystals is intensified
and shifted to higher temperature as the lamellar thickness is increased.
this indicates that molecular motions which cause the crystalline dispersion
become more difficult to activate as the lamellar thickness is increased.
Since the value of k also decreases with increasing lamellar thickness, it is
expected that the radicals in the crystal react as a result of the molecular
motion associated with the ac.
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Fig. 13. Plot of relative radical concentration vs. reaction time for the rapid decay
process.

Activation energies of the radical decay reaction were estimated by mea-
suring k at various temperatures from 22°C to £>0°C with the assumption of
the Arrhenius equation. Figure 14 shows plots of activation energy of the
radical decay versus lamellar thickness. The activation energy for the vis-
coelastic dispersion®bis also shown in this figure. The activation energies
deduced from behavior of radicals and by viscoelastic measurements were
found to increase with increasing lamellar thickness for isothermallv
crystallized samples but were constant for annealed single crystals. The
variations of these two activation energies with lamellar thickness are simi-
lar. This fact seems at first sight to lead to the conclusion that the ac
mechanism plays a predominant role in reaction of radicals in the crystal.
However, it should be also noted that the absolute value of the activation
energy of the viscoelastic process is considerably larger than that of the
radical reaction.

In bulk-crystallized polypropylene it has also been found that the activa-
tion energy of radical decay in the crystalline phase at room temperature is
22 kcal/moleb but that for the mechanical dispersion a0 is 40-50 keal/
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Fig. 14. Plots of activation energy of radical reaction and of mechanical relaxation vs.
lamellar thickness.

mole.B Therefore it is likely that these observations are general to the rad-
ical reaction in the crystalline phase, whereas the activation energy of the
mechanical dispersion around Tgalmost coincides with that of the radical
reaction.6 U12~5 It is necessary, therefore, to determine a mechanism re-
lated to the aQdispersion but with lower activation energy. Hoffman et
al.lbhave suggested the use of a rigid-rod model for a polymer chain that the
activation energy for the acdispersion is a linear function of the number of
methylene groups in the crystal. Takayanagi4has proposed that the acti-
vation energy is proportional to the activation volume in the crystalline
lattice. This model also indicates that the activation energy is propor-
tional to the size of the unit involved in molecular motions in the crystalline
lattice. From these suggestions, it may be said that radical reaction in the
crystalline phase occurs in conjunction with molecular motions of smaller
units than those responsible for the crystalline dispersion acin the mechani-
cal relaxation.

This is in contrast to the fact that the activation energy for radical decay
is comparable to that for the mechanical relaxation process associated with
the glass transition. The segmental diffusion of polymer chains in the
amorphous region may play a predominant role in the reaction of radical
sites in adjacent chains near T,, On the other hand, it may be suggested
that in the crystalline phase the segmental diffusion is inhibited and isolated
radical sites, which participate in the slow reaction process, migrate along
the polymer chains to react with one another in the same chain or react
when in juxtaposition in adjacent chains in the disordered region. This
migration process was initially implied by Salovey et al.4 It is also deduced
that not only the surfaces of crystals4but also defects within crystals offer
sites for radical reaction between the adjacent chains because both cross-
links within single crystals47and some crosslinks in defects within the crys-
tals of bulk polyethylene have been found.%6

The rate of migration may decrease with increasing lamellar thickness,
concerning with the molecular motions cited above. If the radicals migrate
at a rate independent of the lamellar thickness from the interior to the
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(A) (B)

Fig. 15. Schematic representation at radical siles is a single crystal: (A) after radiation
and (B) after annealing of irradiated crystal at room temperature.

outer regions of the crystal and react there, the reaction rate should be in-
versely proportional to the lamellar thickness. However this is not the
case.

Figure 15 shows a schematic representation of radical sites in the single
crystal after irradiation and annealing of the irradiated crystal at room tem-
perature. It is emphasized in this figure that selective trapping of radicals
occurs in the surface and in defects within the crystal, and some of the radi-
cals react to form crosslinks. As a whole, the mechanism of radical decay
in the single crystal should be considered in relation to the character of the
phase and the temperature region in which the radical decay proceeds.

A part of this work was financially supported by the Watanabe Fund. The authors
wish to express their thanks to Mr. T. Naganmra for help with NM R measurements.
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Infrared Studies of Drawn Polyethylene. II.
Orientation Behavior of Highly Drawn Linear and
Ethyl-Branched Polyethylene

W. GLEXZ and A PETERIJX, Camille Dreyfus Laboratory
Research Triangle Institute, Research Triangle Park, North Carolina 27709

Synopsis

Infrared dichroism is employed to study the orientation of chain molecules in linear
and ethyl-branched polyethylene in the crystalline and noncrystalline regions during
drawing and subsequent annealing. A crystalline (1894 cm-1) and a noncrystalline
(1368 cm-1) band, as well as the bands at 909 cm-1 and 1375 cm-1 resulting from vinyl
endgroups and methyl endgroups and sidegroups, are studied. For these bands relative
orientation functions are derived and compared as a function of draw ratio and annealing
temperature. It is shown that the relative orientation functions as derived from the
dichroism of the noncrystalline, vinyl and methyl bands follow the same curve while the
orientation function for the crystalline bands does not. These results support a two-
phase model for partially crystalline polyethylene and additionally favor segregation of
the endgroups and sidegroups in the noncrystalline component during crystallization. It
is further shown that shrinkage occurs at the temperature at which the noncrystalline
chain molecules start to disorient. From the dichroism of the methyl groups in ethyl-
branched polyethylene, a value for the mean orientation of the noncrystalline chain mol-
ecules is calculated. We obtain for the orientation function of the noncrystalline regions
at highest draw ratios (X = 15-20),/ = 0.35-0.57, while the chain molecules in the crys-
tallites are nearly perfectly oriented (/ « 1.0). On the assumption that the noncrystal-
line component consists of folds, tie molecules, and chain ends, the different contributions
of these components to the overall orientation are estimated. From these the rela-
tive number of CFh groups incorporated into folds, tie molecules, and cilia can be de-
rived. Further, on the basis of a simple structural model, the relative number of chains
on the crystal surface contributing to the different noncrystalline components and their
average length are estimated.

INTRODUCTION

The orientation of chain molecules in drawn polymers can be studied by
different experimental methods using any anisotropic physical property as,
for instance, thermal conductivity, birefringence, and x-ray scattering. As
long as only amorphous polymers are considered, an average orientation
can be evaluated quite easily. In partially crystalline material, however,
the molecules in the crystalline and noncrystalline phase may have different
degrees of orientation. Macroscopic measurements are influenced simul-
taneously by the orientation in the crystalline and noncrystalline phase.
Their separation requires knowledge of the polymer structure and some ba-
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sic assumptions which are difficult or impossible to prove. Therefore
physical methods are desirable which allow in a partially crystalline material
a direct measurement of the orientation of the molecules in the two phases
separately.

The orientation of chain molecules in the crystalline phase can be quanti-
tatively determined by x-ray diffraction.1 The method fails, however, to
give adequate information about the orientation of chain molecules in the
noncrystalline phase. Several different approaches have been made to
study quantitatively the orientation in the noncrystalline phase of partially
crystalline polymers.1-8 Most often a combination of birefringence and
x-ray methods is applied. A direct and profitable approach to the study of
the mean chain orientation in different phases is given by infrared di-
chroism.  In many polymers the infrared spectra exhibit absorption bands
which can be assigned to vibrations of chain segments in the crystalline or
noncrystalline phase only. If this phase assignment is established and,
additionally, the directions of the transition moments with respect to the
chain axis are known, the orientation of chain molecules in the crystalline
and noncrystalline phase can be derived from the infrared dichroism of
such phase-sensitive bands. The usefulness of this method was demon-
strated by Stein and coworkers for uniaxially deformed, low-density poly-
ethylene (PE)1-4 and copolymers.4 They derived the mean orientation of
the chain molecules in the crystalline phase by using a crystalline infrared
band and showed good agreement with data from x-ray scattering.  Addi-
tionally, they have investigated and discussed the infrared dichroism of a
series of absorption bands which are assigned to the noncrystalline phase
and arise from chain segments in certain chain conformations.

As part of an extensive program in this laboratory on the plastic deforma-
tion of crystalline polymers, including investigations by means of electron
microscopy,9-13 small-angle and wide-angle x-ray scattering,145 nuclear
magnetic resonance,1618and calorimetry,19-24 we have recently reported in-
frared studies of highly drawn linear P E 5concerning mainly conformational
changes during the drawing process. In continuation of this work we have
investigated the infrared dichroism of highly drawn linear and ethyl-
branched PE with special emphasis on the dependence of orientation of the
noncrystalline chain molecules on drawing and annealing.

The first part of this paper deals with a qualitative approach to determi-
nation of the orientational behavior of chain molecules in the crystalline and
noncrystalline regions and of the end groups and sidegroups as a function of
draw ratio and annealing temperature. The dichroism of a series of se-
lected infrared bands resulting from methylene groups in the crystalline
and noncrystalline phase, from methyl and vinyl endgroups and from ethyl
sidegroups will be discussed. From these data a relative orientation func-
tion can be derived that allows us to compare the behavior of the different
molecular groups without knowing the actual orientation of the absorbing
transition moment with respect to the chain axis. Differences in the orien-
tational behavior between the amorphous and crystalline chain molecules
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offer the possibility of differentiating between morphological models for
partially crystalline PE (the defect crystal or the two-phase model). In
addition a comparison between the relative orientation functions of the
endgroups and sidegroups and of the amorphous and crystalline chain seg-
ments can help us to establish whether these groups are preferentially
incorporated in the noncrystalline phase. This problem of segregation of
certain groups has been treated by FloryZ and Kilian8 from thermody-
namic considerations, and more recently by Keller@3®and Kawai et al.3
who utilized degradation studies of PE and copolymers.

In the. second part we shall describe an attempt to determine the mean
orientation of chain molecules in the noncrystalline phase in a quantitative
manner. As discussed by Stein et al.,1-4 the infrared dichroism resulting
from absorption of (’1F groups or segments in the noncrystalline regions of
PE cannot be interpreted uniquely in terms of a mean orientation function,
since the amorphous bands arise from CH2groups in certain local conforma-
tions. From arough quantitative evaluation, assuming the transition mo-
ment either parallel or perpendicular to the. CH2plane, they concluded that
CH2 sequences in different conformations are on the average differently
oriented.  Therefore, without knowing the relative number of groups in
these special conformations, one cannot derive the mean orientation of the
noncrystal line chain segments.  Additionally in many of these bands, the
direction of the resulting transition moment is uncertain.

Therefore, we have tried an indirect approach to determine the mean
orientation in the noncrystalline phase on the basis of the dichroism of the
branch methyl group of an ethylene-butene-1 copolymer. The ethyl side-
group can be shown to be incorporated into the noncrvstalline phase. The
direction of the transition moment of the deformation mode in the methyl
group is known. If we assume a reasonable arrangement of the ethyl side-
groups with respect to the backbone chain, we can evaluate the mean orien-
tation of the chain segments to which these functional groups are attached.
Furthermore, on the assumption that the orientation of these chain seg-
ments is representative of the noncrystalline regions, this evaluation yields
the mean orientation of the noncrystalline chain segments.

Finally we shall try to relate the mean orientation of PE segments to the
structural elements of the amorphous component.  Assuming that, the non-
crystalline phase contains CH2groups in folds, tie molecules, and chain ends
(cilia), we shall give a rough estimate of the orientational contributions of
these three elements and derive from these the ratio of folds, tie molecules,
and cilia.

EXPERIMENTAL

Two different types of PE (Lupolen, trademark of BASF, West Germany)
were used in these investigations. The samples will be designated LU 0.5
and LU 7, the figures indicating the number of nonterminal CH3groups per
103CH2 These figures, the molecular weight M,, (number-average), the
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TABLE 1
Characterization of Undrawn Samples Prepared by Compression
Molding at 150°C and Quenching in Ice Water

Sample LU 0.5 LU 7

Type Low-pressure Ethylene-
(Phillips butene-1
catalyst) copolymer

Mn 10,000 7,600

Melt Index* > 4

Vinyl or OFF endgroups per

1000 Oil, 14 1.9

CHasidegroups per 1000 GIL <0.5 7

Density p, g/cm3 0.952 0.940

Crystallinity a from density® 0.70 0.61

Crystallinity a from infrareds 0.6X 0.5S

Long period, A 210 190

a Data of Dr. 1). Heinze, BASF, Germany.

type of polymerization, and the melt index of the samples, are collected in
Table I. LU 0.5 is a nearly linear PE (<0.5 CH3; LU 7 is an ethylene-
butene-1 copolymer which contains 7 ethyl sidegroups per 103CPU groups.
Both samples were polymerized by means of Phillips-type catalysts. Since
in Phillips PE the chain molecules are terminated by a vinyl group and a
methyl group, respectively, the molecular weight M nwas determined from a
quantitative vinyl endgroup analysis.

The samples were compression-molded at 150°C and quenched in ice
water. Some physical properties (density, crystallinity, and long period)
of these quenched starting materials are also summarized in Table 1.
Strips of the samples were drawn in a table model Instron tensile testing
instrument at 60°C in air at a rate of 0.5 cm/miri. Draw ratios X= 1/10(l
is the length of the drawn film, and Uis the length of the undrawn film) in
the range of 5-20 were obtained for both samples. After drawing at 60°C,
the samples were cooled to room temperature at constant strain while still
in the Instron machine. Lor the annealing experiments drawn strips (X =
10) of the LU 7 sample were annealed for 5 hr at different temperatures in
water (below 100°C) and in Wood’s metal (above 100°C) while the sample
was allowed to shrink.

The infrared absorption experiments were performed at room temperature
with a Perkin-Elmer double-bean grating spectrometer (Model 521), a wire
grid polarizer being used in the path of the recombined light beam for the di-
chroic measurements. The polarizer was fixed at an angle of 90° with re-
spect to the entrance slit of the spectrometer, and the sample, was rotated to
bring the draw direction parallel and perpendicular to the electric vector of
the polarized light. The infrared spectra were recorded in the range of
2000-700 ¢ nr lunder standard conditions (slit program, amplification, etc.)
by using a scan speed of 10 cm- '/min. Additionally, the investigated ab-
sorption peaks were scanned three times with 1 cm-1/min. The base lines
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TABLE 11
Assignment of the Infrared Bands Investigated
Wavenumber,

cm-1 Phase Assignment*

909 CIlj wagging mode in the vinyl group2

1368 Amorphous CH2wagging mode (gig or gig' conformation)3
1375 C1L deformation mode (symmetrical)@

1894 Crystalline Combination between two CH2rocking modes2

“i = trans; g,9' = gauche (+, —).

Fig. I. Investigated IR bands and applied base lines.

applied for the evaluation of the absorbances are indicated in Figure 1
The methyl band at 1375 e n r 1was investigated separately by means of dif-
ferential spectrometry with a high molecular weight polymethylene wedge
in the light path of the reference beam to compensate the strong CH2ab-
sorptions, which partly overlap the methyl band.

Table Il summarizes the investigated absorption bands and their assign-
ment according to Ivrimm2 and Snyder.3 The band at 1894 cm-1 was
used to study the orientation of the CH2groups in the crystalline phase and
the band at 1368 cmr1for the CIL groups in the amorphous phase. Beside
these phase-sensitive bands, the absorptions at 909 cm-1 resulting from the
vinyl endgroups and those at 1375 cm-1 resulting from methyl groups were
investigated.

RESULTS AND DISCUSSION

Relative Change in Orientation during Drawing and Annealing

The dependence of the infrared dichroism of several bands on draw ratio
was studied on drawn samples of LU 0.5 and LU 7. With these samples,
draw ratios between X= 5and X= 20 could be obtained in macroscopically
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homogeneous segments large enough to he used for infrared studies.  As dis-
cussed earlier,5the simple two-dimensional dichroic measurement charac-
terizes the orientation sufficiently only in the case of a uniaxially oriented
sample. That our samples were indeed uniaxially oriented was proved by
small-angle and wide-angle x-ray scattering. These x-ray studies indicate
that, the caxis is oriented in drawn direction with rotational symmetry of the
a axis and b axis around the fiber axis. As the crystalline chain molecules
show a rotational symmetry, we have assumed that the noncrystalline chain
molecules possess the same symmetry.

The orientation of the chain molecules in uniaxially deformed samples with
rotational symmetry around the draw direction (fiber axis) is adequately
characterized by the absorbance of polarized radiation parallel (Ar) and
perpendicular (Ax) to the draw direction.33 The dichroic ratio is de-
fined as

D= A|M= @
This dichroism can be related to an orientation function/
/[ = (3 <cosD>- 1)/2 )

where (cosd) defines the average angle Obetween the draw direction and an
arbitrary axis for which the orientation should be determined. In PE the
normal to the CH2plane is usually chosen. In the following we refer to this
as the CH2normal.  For a crystalline chain, the CH> normal corresponds
to the molecular chain axis.  For a noncrystalline chain molecule, however,
which normally has no extended zigzag conformation, a chain axis cannot be
defined.

The dichroic ratio D and the orientation function/are related in the case
of fiber symmetry by the relation¥

f=1[/- /(D + 2)]K(DO ©)
with

K(D,,) = (Do + 2)/(Do - 1)
where K(DQ) is a constant for each absorption band and depends only on the
orientation of the transition moment with respect to the CH2normal for
which the orientation function / should be determined. The value DOcor-
responds to the dichroism resulting from a perfectly oriented system (/ = 1)
In the simple case where the absorbing molecular group is in a fixed confor-
mation with respect to the chain axis, it follows that DO = 2 cot23 with /3the
angle between the transition moment and the chain axis. The expression
for DObecomes more complicated if the absorbing group has some freedom
with respect to the chain axis as in the case of side and end groups. How-
ever, it still remains a constant for each absorption band (see below). This
fact is important for the following discussion of a relative orientation func-
tion. In an alternative, simplified interpretation the orientation function/
can be imagined as corresponding to a fraction /o f perfectly oriented and a
fraction (1 —/) of randomly oriented molecular chains.2
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20

Fig. 2. Dichroism D as a function of draw ratio Xfor bands at 1594, 1375, 136, and 909
cm-1 for LIT 0.5.

Figures 2 and 3 show the dichroic ratios of four selected bands, which are
listed in Table Il as functions of draw ratio for samples LU 0.5 and LU 7.
The slopes and absolute values of the 909, 1368, and 1894 c¢m '1bands are
nearly the same. The dichroism of the. methyl absorption at 1375 cm-1,
however, is completely different in the two samples. This is because the
LU 0.5 sample contains CH3groups mainly as methyl endgroups and the
LU 7 sample in the form of ethyl sidegroups (see Table I). It is obvious
that drawing results in a different orientation for these two types of methyl
groups with respect to the draw direction and hence in a different dichroism.
A detailed discussion of this effect and the orientation of the methyl end-
groups and sidegroups follows below.

Figures 2 and 3 show a general feature, i.e., in both samples the dichroism
for the crystalline band is high when compared with that of the amorphous,
methyl, and vinyl bands. In addition, it seems that the dichroism of the
crystalline band reaches saturation earlier than that of the noncrystalline
bands. The degree of chain orientation/, however, according to eg. (3) can
be derived from these plots if one knows DQ Indeed, in PE the CH2group
is fixed in the chain molecule; but unfortunately Dnis uniquely defined only
for the crystalline band3 (3 = 90°). For the amorphous band at 1368
cm* ], the direction of the resulting transition moment of the wagging mode
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Fig. o. Dichroism D ax a function of draw ratio Xfor bands at 1'S04, 137.1, 136N, and 909
cm-1for LU 7.

for a sequence of CH2groups in a special conformation is uncertain.4 The
transition moments for the vinyl and methyl bands are defined with respect
to the methyl and vinyl groups. The orientation of these groups in relation
to the PE chain is less obvious. Their determination requires a detailed
knowledge of the molecular conformation. We shall investigate this point
later on the basis of acceptable molecular models.

Since Do introduces only a constant factor K in eg. (3), one obtains a suffi-
ciently good survey over the dependence of orientation on draw ratio Xfrom
a relative orientation function of/rdi defined as

JRl(9 = J09/Fmax

_ P(X) —1 (Dinax + 2)
DOX) + 2 (Dmx - 1)

where D(X) is the experimentally determined dichroism at draw ratio X and
Dnaxmay be either the saturation value or the dichroism obtained for the
highest draw ratio.  This relative value allows only a qualitative interpreta-
tion of orientation behavior with drawing. It has the advantage that one
need not know the constant K(DQ in eq. (3), i.e., the orientation of the
transition moment with respect to the CH3normal.
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Fig. 4. .Relative orientation function/,, i (Eq. 4) versus draw ratio Xfor bands at 1894,
1375, 136S, and 909 cnrlfor LU 0.5.

Fig. 5. Relative orientation function frd (Eq. 4) versus draw ratio Xfor bands at 1894,
1375, 1368, and 909 cnrlfor LU 7.

By definition, / rei is zero in an unoriented sample and increases with draw
ratio up to unity for Arex Different absorption bands arising from vibra-
tions of certain molecular groups with the same relative orientation should
follow the same curve /rei(A). Hence a difference in the slope between the
relative orientation functions of two bands indicates that the corresponding
molecular groups do not become oriented equivalently.

Figures 4 and 5 show the relative orientation function /rei of the bands
from Figures 2 and 3. For the sake of clarity in Figure 5 not all experi-
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Fig. 6. Dichroism D of bands at 1594, 1375, 136.S, and 909 cm 1for two drawn (X = 10)
and subsequently annealed (5 hr) samples LU 7 as a function ofannealing temperature Ta -

mental points are shown. The values of the relative orientation functions
for the three bands 909, 1368, and 1375 cnrlare fairly well located on a
single curve. The relative orientation function of the crystalline band 1894
cm-1, however, departs from that curve and lies higher. These results can
be interpreted in the following way. The chain molecules in the crystal
lattice reach their nearly complete orientation already at lower draw ratios
(X « 5), while the CH2groups in the noncrystalline phase as well as the
vinyl endgroups and methyl endgroups plus sidegroups still improve their
orientation up to the highest draw ratio (X = 18). The different behavior
of the orientation functions for the crystalline and amorphous band supports
the picture of a two-phase structure in crystalline PE with local separation of
the crystalline and amorphous components. If the amorphous phase were
composed only of lattice defects in the crystals, its absorption bands should
show the same curve/rei(X) as the crystalline bands.  From the similar slope
of the amorphous, methyl, and vinyl bands, one can further conclude that
the vinyl endgroups and the methyl endgroups and sidegroups are preferen-
tially incorporated in the amorphous phase.

This qualitative result is supported by dichroic studies'of drawn and an-
nealed samples. Figure 6 shows the dichroism of highly drawn PE (sample
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PO)

Fig. 7. a) Macroscopic shrinkage S = Ild—1/1 —1, (1,,; length of drawn sample;
1D length of undrawn sample; 1; length of the annealed and shrunk sample), as a
function of annealing temperature Ta for two drawn (X = 10) and subsequently an-
nealed (5 hr) samples LU 7, b) Relative orientation function f re\ versus draw ratio Xde-
rived from the data in Fig. 6.

LU 7) which, after drawing, was unclamped and allowed to shrink while be-
ing annealed for 5 hr at different temperatures (Fig. 7a). This plot con-
tains the experimental results of two different samples both drawn to X =
10. One realizes that with increasing annealing temperatures the non-
crystalline CH, groups and simultaneously the vinyl and methyl groups be-
come disoriented before the dichroism of the crystalline band indicates a
change in orientation of the crystals. This can be seen more clearly in
Figure 7b, where again the relative orientation function for the same bands
is plotted versus the annealing temperature. Instead of Drax we used in
this case the value D of the sample before annealing. It is seen that the
disorientation of the noncrystalline vinyl and methyl groups starts at the
same temperature, about (0 -70°C, while the crystals show no disorientation
up to 110°C. In Figure 7awe have also plotted the macroscopic shrinkage
of the annealed sample. Without discussing the shrinkage phenomena, we
want to emphasize, however, the fact that the disorientation of the chain
molecules in the noncrystalline phase starts at about annealing tempera-
ture at which the sample begins to shrink.
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CRYSTAL DEFECT TWO PHASE
MODEL MODEL

Fig. S. Models for partially crystalline PE.

In summarizing the results from the qualitative dependence of the di-
chroism with drawing and annealing, we conclude that the structure of par-
tially crystalline PE seems to he represented better by the two-phase model
than by the defect crystal model, as indicated by the schematic sketch in
Figure 8. The two-phase model describes well the structure of the undrawn
polymer as well as the orientational effects in the sample as drawn and after
annealing. In addition, the endgroups and sidegroups must be preferen-
tially incorporated in the noncrystalline phase in order to explain their qual-
itative orientation with draw ratio as well as the annealing effects. This is
in agreement with the experimental results obtained from completely dif-
ferent techniques where the endgroups® and side groups33l of PE were
shown to be located in the amorphous phase.

Evaluation of the Mean Orientation of PE Chain Molecules in the
Noncrystalline Phase

In the beginning we mentioned that there exists no unequivocal method
to determine the mean orientation of chain molecules in the noncrystalline
phase of PE. By considering the data from different experimental ap-
proaches, Stein8has concluded that during deformation PE chain segments
in the noncrystalline phase may reach an orientation which approaches
10-30% of the value in the crystalline regions.

This relatively low degree of orientation can be understood as a conse-
quence of the existence of CH2groups in gauche conformations, as one can
show in a rough estimation. We assume that in the undrawn sample the
noncrystalline chain molecules at room temperature have the same distribu-
tion of conformations as in a supercooled liquid. From the Boltzmann dis-
tribution for the trans and two gauche conformations with a potential en-
ergy difference AE between 500 and 800 cal/mole, one derives that at this
temperature in the undrawn state a fraction

29 —&E/RT
i . 2e-mAEIRt (5)

between 0.35 and 0.47 of the noncrystalline CH2groups is in a gauche con-
formation gorg'. We have already shownbthat in the case of high-density
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PE the number of such groups in gauche conformation decreases with draw-
ing. A decrease of about 40% was observed for high draw ratios (10 < X<
20). This means that in such a highly drawn sample, only about 21 to 28%
of the noncrystalline CH> groups are in a gauche conformation instead of
3510 47% expected in thermodynamic equilibrium.

Consider, for example, a chain segment such as ... .tttgtg'ttt. ... having-
two gauche positions. (This has been termed a 2<1 kink by Pechhold.3
Since the preceding and following CH2groups in trans conformations are
parallel, this conformation represents only a slight distortion of a planar
zigzag chain. If CH2normals of the trans sequences were completely or-
iented in the draw direction (6 = 0°), then the reference axis of the one
gauche and the intermediate trans group each form an angle of 6 = 61° with
respect to the draw direction. For this particular conformation, (cosd) in
eg. (2) for the angle 6 between the CH2normal and the draw direction is
given by the expression (cos?) = X, cos2(0°) + X,, cos2(61°), where X t
and X gare the number fractions of trans and gauche conformations. With
021 < X0< 0.28 and Xt = — X g one calculates from eq. (2) 0.63 <
COnc < 0.77 for the mean orientation of the CH2groups in the noncrystalline
phase as compared with the experimental value between 0.1 and 0.3. The
calculated value has to be considered as the upper limit since the assumed
chain arrangement results in the best possible orientation of the CH2
planes with respect to the draw direction compatible with the given number
of groups in the gauche position. From this consideration it is apparent
that the noncrystalline chain molecules in highly oriented material must be
much less oriented than the nearly perfectly oriented chains of the crystal-
lites/ > 0.98.

As mentioned before, two difficulties prevent a direct and unique deter-
mination of the mean orientation of the noncrystalline material from the
infrared dichroism: (1) the uncertainty of the direction of transition mo-
ment of the noncrystalline bands and (2) the fact that the typical noncrys-
talline bands are conformationally sensitive.34 Therefore, for elucidating
the mean orientation of all noncrystalline CH2groups we have tried another
approach based on the dichroism resulting from a specific functional group,
the ethyl sidegroup of the Phillips-type ethylene-butene-1 copolymer LU
7.

According to the polymerization process the sidegroups are more or less
randomly distributed along the PE chain. Since, as already mentioned,
these groups are preferentially incorporated in the noncrystalline phase,
their orientation should be related to the mean orientation of the chain
molecules in the noncrystalline phase. For this purpose we shall discuss
the dichroism resulting from the symmetric deformation mode at 1375 cm-1
of the CH3group. For this absorption the direction of the transition mo-
ment is known. It is parallel to the carbon-carbon bond of C—CH3
If we also know the conformation of the ethyl sidegroup with respect to the
molecular groups in the backbone chain, the mean orientation of the non-
crystalline CH2 groups can be evaluated. Sample LU 7 contains CH3
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Fig. 9. Trans conformation of a methyl end-group. 1)1indicates lhe direction of the

transition moment for the sym metric deformation mode at 137,3 cm -1.

groups as endgroups and ethyl sidegroups; and the measured dichroism of
the methyl band at 1375 cm* 1, shown in Figure 3, results from a superposi-
tion of the dichroism of both groups. Therefore, we have first to separate
these two contributions.

Separation of the Dichroism Caused by the Methyl Endgroups and Side-
groups. We can separate the influence of these two different types of
methyl groups present in sample LU 7 if we know' the concentration of the
groups and the dichroism caused by one of the groups alone. The number
of endgroups and sidegroups is given in Table I. The dichroism Ded
resulting from the CH3 endgroups alone can be obtained in two
ways which give us the lower and upper limits of the contributions re-
sulting from them. First, one may determine experimentally the dichroism
of the 1375 cm* 1band of drawn linear PE (see Fig. 2). However, this could
result in too low a value, as linear PE always contains a certain number of
sidegroups terminated by CH3 which are preferentially oriented perpen-
dicular to the chain axis in contrast to the terminal CH3groups, as may be
seen in Figures 2and 3. For maximum draw ratio we obtain from Figure 2
the dichroism Z)ed = 1.35. Second, we can calculate a highest possible
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CH3 endgroup

CH3 side - plus
................. O-  5endgroup

05 CH, sidegroup
(ethyl)

X
5 10 15 20

Fig. 10. Dichroism of the 1375 ¢m -1 band versus draw ratio Xfor sample LU 0.5,
sample LU 7, and evaluated for side groups only by using Eq. 8.

value for the dichroism of the methyl end groups that corresponds to per-
fectly oriented chain ends (/ = 1). Since the transition moment of the
CH3symmetric deformation mode lies in the direction of the CH2—CH3
bond, this transition moment forms an angle of 34° with the normal of the
preceding CH2groups (Fig. 9). In this case the highest possible dichroism
turns out to be Zed = 4.0 (seeeq. (3) ]

If Xendis the relative concentration of the CH3endgroups and (1 —Xem)
= Xdk that of the side groups, one can write the total absorbance 4||tat
and A xtHtwhich determine the total dichroism Dtot [eq. (1) ]:

©)
while the following expressions are valid for uniaxially oriented samples:
Aled + 2Atad = Xend(4||tot + 2A xtof)
ANeice + 24zsick = Xsidy(4,|tot + 271tot)
and
Derl = AfndA led
[Feie o g g an see @

For the dichroism resulting from the side groups alone, one obtains, from
egs. (6) and (7), eq. (8).

[Dtot(Dend + 2) - x endD end(Dtot + 2) ]
2 - x end(Dtot + 2)] ®)
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Fig. 11. Conformation of an ethyl side-group Other conformations are possible by

rotation around the C,Ci bond (see Fig. 13).

Assuming that Deni of sample LU 7 depends on Xquantitatively in the
same manner as in sample LU 0.5, we can determine Dslde(X) from eq. (S).
By use of the experimentally determined values in Table I follows that Xed
= 0.21 and Xsice = 0.79. With Dend(\) and Dto\\) from Figures 2 and 3,
we can evaluate the value Dslog(\), the dichroism of the CH3side groups as a
function of the draw ratio. The result of this separation is shown in Figure
10. We read from this plot that at high draw ratios the dichroism caused
by the methyl groups of ethyl branches is about 0.55. If, however, we use
the highest possible value for the dichroism resulting from the CH3 end-
groups, Derd = 4, as discussed above, we obtain from eq. (S) at highest draw
ratio the value Dsice = 0.33.

Correlation between b side and the Mean Chain Orientation in the Non-
crystalline Phase. Three conditions must be fulfilled in order to relate the
dichroism of the CH}side-groups to the mean orientation of the chain mole-
cules in the noncrystalline regions: (1) all ethyl side groups are located in
the noncrystalline phase; (2) the orientation of the molecular group in the
backbone chain on which the ethyl group is affixed, i.e., the CiC,,H group
(see Fig. 11), represents the mean orientation of the noncrystalline CH2
groups; (3) the correct arrangement of the CH3side group with respect to
the CiCnH group can be determined.

From the discussion in the first part of this paper (Figs. 5 and 7b) and
other supporting experimental evidence,293 we concluded that the ethyl
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(a) transition moment fixed with

RESPECT TO THE CHAIN AXIS

® TRANSITION MOMENT WITH A ROTATIONAL

DEGREE OF FREEDOM

Fig. 12. Arrangements of the transition moment with respect to an arbitrary axis (a)

fixed conformation, (b) free rotation.

sidegroups are preferentially located in the noncrystalline phase. Further it
seems to be a reasonable assumption that the orientation of the CrC"H
normal is representative for the mean orientation of the chain molecules in
the noncrystalline phase. The branch may affect the conformation of the
neighboring backbone segments,334 but this should have no influence on
the mean orientation of the CiC,,H normal with respect to the draw direc-
tion. The third point has to be discussed in detail: how the ethyl side-
groups are arranged with respect to the PE backbone chain (Fig. 11).

The arrangement of the ethyl sidegroup must be related to the normal of
the CxC,H plane (CiC,H normal). We shall differentiate two types of
arrangements for the side groups: (1) all CH2—CH3groups exist in one fixed
conformation, or (2) they can rotate freely around the C,—Ci bond (see
Fig. 11). In the first case we deal with a transition moment of the CH3
groups which is fixed with respect to the CiCnN normal. In a perfectly
uniaxially oriented sample (/ = 1) with rotational symmetry around the
fiber axis, the dichroic ratio DOis determined by 3} (see Fig. 12™) the rela-
tion:

D0 = A,|//Ax = 2 cot2d ©)]

Two possible fixed conformations have been discussed by Flory et al.334
(@ If the CoCiC,, plane is perpendicular to the CiC,,H normal, since the
transition moment of the CH3 symmetric deformation mode lies in the
C]—Co direction, the angle 3between the chain axis and the transition mo-
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TABLE I11

Orientation Function/For the Noncrystalline O IL Groups as Evaluated From Dichroism

of Ethyl Sidegroups (Sample LU 7, X = 18)
Theoretical Orientation function
dichroism for / evaluated with
perfectly the two values
oriented (see text) (a)f>ide
Arrangement, of molecules = 0.55 and (b)
side group I:D:AH/A]_ 7>ide = 0.33
Fixed conformation, 0 (a) 0.35
0 =90 (Fig‘\/.lA) (b) 0.57
Fixed conformation, 2.15 Perpendicular
0= 44° (Fig. 13«) orientation
Free rotation 1.56 Perpendicular
(Fig. 13¢c), S = 90, orientation

t = 68°

ment is 90° (Fig. LL4). This conformation is supposed to represent the
most stable arrangement in the case that the backbone C-atoms Cn-2 to
Cnt2are all inthe trans position, (b) Two other identical conformations are
possible where the CniC'BCiCo or CMIC,,CiCo bonds lie in a plane. This
arrangement should be stable, if either C,,_2or Cret2are in gauche conforma-
tion with respect to the other backbone C-atoms. In both cases, one ob-
tains j3 = 44° (Fig. 135).

If we allow the system to rotate around an axis as shown in Figure 125,
the dichroism of the methyl sidegroups for perfectly uniaxially oriented
chain molecules would be given by3

Do = 4 cosV cos + 2sinV sin2
-2 cosZpsfn’# + sindp cos¥ + sind#

(10)

The molecular conformation with a rotational degree of freedom is shown in
Figure 13(7 with the angles # = 90° and \p = 68°.

For these three arrangements discussed, Table 111 gives the theoretical
dichroism DOaccording to egs. (9) and (10) for the methyl absorbance of an
ethyl sidegroup. From the comparison with the above value (0.33 < 5 sice
< 0.55) derived experimentally it can be seen that the assumption of a fixed
conformation as shown in Figure 135, as well as a free rotation of the methyl
sidegroups around the Cn—Ci axis (Fig. 13(7), would lead to an unreason-
able result, i.e., a preferentially perpendicular orientation of the CiCrH
normal with respect to the draw direction. Since the CH2normals, i.e.,
the chain molecules, should be oriented in the draw direction rather than
perpendicular to it, we will exclude these arrangements from further consid-
eration.  Only the type of conformation shown in Figure 13A is in qualita-
tive agreement with the experimental results (D < 1).

Accepting now the arrangement shown in Figure 13.4 as the stable confor-
mation in which an ethyl sidegroup is affixed on a PE backbone chain, we
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are able to relate the dichroism resulting from the CH3group to the orienta-
tion of the backbone chain. The orientation function / for the CiC,H
normal can be easily evaluated by means of eg. (3) with @ = 90° (Fig. 13.4).
Depending on which value we use for the dichroism of the side groups, we
estimate an upper and lower limit for the mean orientation of the CiC,,H
normal at X= 18 The result is shown in the last column of Table I11; for
the highly drawn sample LU 7 we derive an orientation function/ of 0.35
to 0.55. If the CiC,H group represents, as assumed, the mean orientation
of the noncrystalline CH2groups, this value gives the mean orientation of
the CH2groups in the noncrystalline chain segments. The value obtained
from this approach is larger than the orientation function obtained by
Stein8(0.1 to 0.3).

We can now additionally derive the dependence of Dslceon the draw ratio
x. Assuming z)side(x) is equivalent for the two limiting values [for one
case b side(x) is shown in Fig. 10], we can evaluaters sise(x) for both cases re-
garding the separation of the dichroism of the end groups. The plot of/86
x) is shown in Figure 14.

This quantitative evaluation of the mean orientation of the noncrystalline
chain segments is partly based on some very simplified assumptions. Es-
pecially, the supposition that the side groups are arranged in only one type
of conformation represents a simplification. If a fraction of the side groups
were oriented in a conformation different from that shown in Figure 13.4,
this would result in an angle /3" 90°, i.e., a higher value for the orientation
function. Therefore, at least the lower limit /St = 0.35 for the highest
draw ratio should represent the poorest possible orientation for the non-
crystalline phase. On the other hand, a value higher than about 0.7,
as determined theoretically from the gauche content, gives the highest pos-
sible upper limit.

Structural Interpretation of Orientation of Chain Molecules in the
Noncrystalline Phase

The value for the orientation function of the noncrystalline chain mole-
cules can be employed for a rough estimation of the number of tie molecules
produced during plastic deformation. In the drawn fiber the noncrystalline
phase sandwiched between crystal lamellae contains three components:
folds or loops, tie molecules, and chain ends (cilia). We will use in the fol-
lowing these abbreviations: 1 loops; t, tie molecules; and e, ends. Ac-
cording to the model of plastic deformation proposed by Peterlin41-46 the
amount of chain folds decreases with drawing at the expense of an increas-
ing number of tie molecules which interconnect the crystallites within the
microfibrils.22-26 However, even at the highest draw ratios there remains a
significant number of folds which partly determine the structure and prop-
erties of highly drawn PE.

The chain segments in the loops should be randomly oriented, i.e., their
orientation function/i is0. For the tie molecules produced during the plas-
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tic deformation we shall assume perfect orientation, ftis L  From the dis-
cussion of the dichroism resulting from the vinyl endgroups, one can show
with some reasonable assumptions about the conformation that at the high-
est draw ratio (X = 18) the orientation function for the cilia, i.e., the chain
elements connected with the endgroups is/e~ 0.5.4

Fig. 13 (continued)
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Fig. 13 D ifferent, conform ations of the ethyl side-group: (a)and (b) fixed conform ations,

(c) free rotation around the C,—Ci bond (details in text).

Fig. 14. Orientation function fofnoncrystalline chain segmentsversus draw ratio derived

from dichroism of the ethyl side-groups.
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Fig. 15. Definition of some structural parameters based on the sandwich model: |;

crystal core thickness; thickness of the noncrystalline layer; L; long period.

With these data we can reconstruct the mean orientation of all chain
molecules in the noncrystalline phase by the expression:

[ = Vift + 2efe
with
At + ye + o = | (ry

where yt, ye and yt represent the relative mass fractions of amorphous CH2
groups in the tie molecules, cilia, and folds. The fraction yt can be eval-
uated from eq. (11) if we know in addition to/t and/ethe mass fraction ye
for the drawn sample.

The fraction of cilia in the noncrystalline phase ye can be estimated as
follows. As is shown in Table I, sample LU 7 contains N,./2 = 1.9 vinyl
and the same number of CH3endgroups per 103CH2groups. If all end-
groups are incorporated in the noncrystalline phase, this results in an en-
riched concentration of endgroups in the noncrystalline phase given by
Ne (1 —a) = 8.5 endgroups per 103noncrystalline CH2groups. This is
hence the number of cilia per 103CH2groups of the noncrystalline phase.
The length of the cilia (expressed in nhumber of CH2groups) should vary
between 0 and the crystal core thickness | (see Fig. 15) with an average
length 1/2.  From the crystalline mass fraction a, the long period L, and the
densities p (macroscopic density of the sample) and pc (crystalline density),
one determines the crystal core thickness | expressed in number of CH2
groups by

| = Lap/1.28p, (12)
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The coefficient 1.28 A is the length of the chain in the crystal lattice cor-
responding to one CH2group. The mass fraction of cilia yethen reads

ve = (W2)N(l - . - LapNe2.0Gpg(l — a) (13)

Since the structural parameters such as L and a change with drawing in
PE,925 we cannot use the data from Table I to determine ye for the fiber
structure of the drawn sample.  From the SAXS pattern of drawn LU 7 at 2
< X< 20 we find Ldraan = 150 A.88 The crystallinity from infrared stud-
iesbis a = 0.65. With pc = 1g/cm3 we obtain ye = 0.40 for the highly
drawn LU 7 sample. From eq. (11) it follows for the highest draw ratio
that 0.15 < yt < 0.35, depending on the value we chose for/ (0.35 </ <
0.55). This means that in the highly drawn fiber 15-35% of the noncrys-
talline CH2groups are incorporated into tie molecules, 40% into endgroups
(cilia), and 25-45% into folds.

An additional structural parameter of interest is the relative number of
crystalline chain molecules which fold back (n\), form tie molecules(«t) or
contain end groups (cilia) (ne. These figures are given by the expressions

ni = 2I*yVh
n, = 2I*y,/I, (14)
Tle 1 yeric

and
I* = laPd2R (15)
L = {L/128) - | (16)

where I* is one-half the contour length of a chain in the amorphous layer,
and I], k, and leare the average length of the loops, tie molecules, and cilia
respectively. pa is the density in the noncrystalline phase (pa = 0.86
g/cm3 and lais the thickness of the noncrystalline surface layer between
two crystals (Eig. 15).

Since a tie molecule and a loop both belong to two chains, the factor '/2
appears in eg. (14). With le = 1/2 as assumed above and h = la (see Fig.
15), it follows from egs. (14)—16), that

. 2fPalPc
e Yel&P&Ipc
M =1—n, —ne 17)

Equation (17) gives the number fractions of the various components.
Additionally, we can derive the average length of a loop h. These data are
summarized in Table IV. With the simple assumptions made before, we
obtain a quite reasonable result for the structure of highly drawn PE.
Table IV indicates a high amount of cilia present in the drawn material
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TABLIi IV
Number Fraction and Average Chain Length of the Different Components in the Non-

crystalline Phase for Highly Drawn (X = 1S) Sample LU 7

Number Fraction

Component by eq. (17) Average length

Loops 0.42-0.62 24 CIL groups [from eq. (14)]
= 45 CHjgroups [from eq. (16)]

1/2 = 36 ciL groups [from eq. (12)]

Tie molecules 0.15-0.37, u
Cilia 0.23 ]_'

(23%). The figure of 15-35% for the relative number of tie molecules at
high draw ratios is in agreement with data obtained by Meinel and Peter-
lin.22-24  From calorimetric studies of drawn PE samples degraded by etch-
ing with fuming nitric acid, 44-05% of the chain molecules on a crystal sur-
face are supposed to fold back. Table IV also contains values for the av-
erage length of the different components. While the values for the tie mole-
cules and chain ends follow from the model, the length of a loop or fold k,
follows from eq. (14) after evaluation of m according to eq. (17). The 24
CH-z2groups in a loop represent a quite reasonable average that is in sur-
prisingly good agreement with other estimates for the thickness of a fold
surface.4952

CONCLUSIONS

The conclusions which can be drawn from these dichroic studies on highly
drawn linear and slightly branched PE are summarized as follows.

() A comparison of the relative orientation functions of the crystalline
and amorphous CH2groups show distinct differences. The chain molecules
in the crystalline phase become oriented earlier than those in the noncrystal-
line phase, in excellent agreement with the model of plastic deformation of
crystalline polymers.41-46 The different orientational behavior of amor-
phous and crystalline components indicates that the structure of partially
crystalline linear and slightly branched PE can be described by a two-phase
model as opposed to the defect crystal concept. The same conclusion can be
derived from annealing experiments on the drawn samples, in which a sub-
stantial disorientation of the noncrystalline CH2groups is observed in the
temperature range between GDand 115°C, whereas the crystalline orienta-
tion remains practically unchanged.

(2) The dependence of the relative orientation function on draw ratio for
the vinyl and methyl endgroups as well as that for the ethyl sidegroups
agrees with the behavior of the amorphous CH2groups. This also applies
to the drawn and annealed samples, in which the endgroups and sidegroups
become disoriented simultaneously with the noncrystalline CH» groups.
One concludes that the vinyl and methyl endgroups as well as the ethyl
sidegroups are preferentially incorporated in the noncrystalline phase.
This agrees with earlier theoretical predictionsZ7Band a series of experi-
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mental investigations23-31 which all indicate a segregation of end and side
groups in the amorphous phase during crystallization.

(3) A guantitative approach involving use of the dichroism of the side-
groups was applied to determine the mean orientation of the noncrystalline
chain molecules. In discussing the most reasonable conformations of
the ethyl sidegroup with respect to the chain segments, other arrange-
ments, such as free rotation of the ethyl groups and the conformation
which is shown in Figure 132?, could be shown to be inconsistent with the ex-
perimental results. From the remaining acceptable conformation (Fig.
13A), we can evaluate the orientation of the CH2groups of the backbone
chain for the drawn samples. With the assumption that the chain seg-
ments near the ethyl sidegroups represent the mean orientation of the non-
crystalline chain molecules, the orientation function / turns out to be be-
tween 0.35 and 0.55 for the highly drawn samples LU 7 (15 < X< 20).
The orientation of the noncrystalline chain molecules is far from being com-
plete as compared with the nearly perfectly oriented CH2groups in the
crystalline phase (with /0Oca. 0.97 to 0.99), but the value is slightly higher
than suggested earlier by Stein.8

(4) From the mean orientation of the noncrystalline chain molecules,
one can obtain a rough estimate for the contribution of folds, tie molecules,
and cilia to the noncrystalline phase. For the highest draw ratio x = 1s we
conclude for sample LU 7 that about 25% of the chains between the crystal-
line lamellae form tie molecules, 52% fold back, and 23% contain chain
ends. The fraction of tie molecules agrees well with former data obtained
from etched samples.22-24

(5) Infrared dichroism is shown to be an excellent complementary tech-
niques for structure determination of drawn polyethylene. In particular,
it yields direct information on the orientation of molecular chains in amor-
phous conformation which can be obtained by no other technique. An in-
direct derivation can be obtained from optical birefringence. From the
total birefringence one has to subtract the crystalline contribution as calcu-
lated on the basis of crystal orientation determined from the X-ray diffrac-
tion. The method involves an assumption concerning the intrinsic bire-
fringence of oriented amorphous chains and is severely limited in precision
by the subtraction step and the largely unknown effect of the internal
optical field in the inhomogeneous medium.

(6) The results presented in this paper fully support Peterlin’s model of
plastic deformation of crystalline polymers41-46 developed on the basis of
extensive investigations9-24 by electron microscopy, x-ray scattering, NMR,
and calorimetry. In particular the existence and the number of highly
oriented tie molecules, their relaxation and disorientation during annealing
are found in good agreement with the data by other methods.

This work was generously supported by the Camille and Henry Dreyfus Foundation.
The authors want to thank Dr. D. Heinze, BASF, Ludwigshafen, West Germany, for

the Lupulen samples and Mr. H. Sugg for the drawing of the sam ples.
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Study of Low-Frequency Motions of Extended Chains
in Polyethylene by Neutron Inelastic Scattering

H. BERGHMANS,* G. J. SAFFORD, and P. S. LEUNG, Corporate
Research Department, Union Carbide Corporation, Sterling Forest Research
Center, Tuxedo, New York 10987

Synopsis

The low-frequency skeletal and intermolecular modes (below 900 cm -1) have been
studied for a sam ple of “as-polymerized” Ziegler-N atta polyethylene for which extended -
chain conform ations have been proposed. These results have been compared with data
from a sample of stirred-solution-crystallized polyethylene and with previous measure-
ments for highly crystalline sam ples of folded-chain polyethylene. M easurements were
also made of the tem perature dependence of these modes for the as-polymerized material
and of the polarization dependence of these modes for an oriented sample of solution-
stirred polyethylene. In the neutron spectra and the corresponding derived frequency
distributions, the observed major “singular” frequencies for both the skeletal and inter-
molecular modes are in reasonable accord with those previously observed for folded-
chain samples of high crystallinity and in Raman measurements. In addition, these
frequencies agree with those predicted by theory for the singular frequencies correspond -
ing to the phase-frequency relationships for the skeletal and intermolecular modes of an
infinitely extended chain in a crystal. However, in the spectra of the extended-chain
m aterials, these singular frequencies, in general, appear sharpened and enhanced in
intensity relative to those for previously reported results on folded-chain polyethylenes;
consequently, assignment of their characteristic frequencies is easier. In addition,
evidence is presented to show that, for the extended-chain m aterials, these frequencies
broaden less rapidly with increasing tem perature, and the corresponding average vibra-
tional am plitudes are smaller than those observed for highly crystalline samples of
folded-chain material. It is suggested that in these materials the reduction of the
number of chain folds and the increased intramolecular ordering give rise to increased
therm al stability of the configurations with regard to segmental rotation and to de-
creased vibrational amplitudes relative to folded-chain materials. W hen the as-
polymerized m aterial is preheated above the normal melting point for polyethylene, the
neutron spectra revert to those more characteristic of the folded-chain m aterials, indi-
cating that a relaxation of chain extensions has occurred. However, on the basis of
these results, no quantitative estim ates of the characteristic relaxation time can be pre-
sented. Additional frequencies, besides those predicted by theory for the skeletal and
intermolecular modes and those associated with either multiphonon contributions or
the presence of chain folds, are observed. The origin of these frequencies remains un-

clear but may warrant further theoretical consideration.

Introduction

The inelastic scattering of thermal neutrons (NIS) has proved of value
in studies of the low frequency intramolecular and intermolecular motions

* Present address: Laboratory of Macromolecular Chem istry, University of Louvain,

Belgium .
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polymerized in toluene at 50°C. However, recent evidence by Ingram
and SchindlerZ from NMR, small-angle x-ray diffraction, and electron
microscopy has shown that extended chain configurations occur when
in polymers. Fundamental information can be obtained on the effects of
temperature, of crystallinity and of structure on these vibrational modes.1-3
One of the most extensively studied polymers is polyethylene,1-10 for
which complete normal mode calculations exist,11-15 thus allowing fre-
quency distributions derived from neutron scattering data to be compared
with theoretical frequency distributions.

For an isolated transplanar chain of infinite length, theory predicts the
existence of two low-frequency acoustic modes, V5 (a chain deformation
mode) and r9 (a cooperative chain torsional mode). The frequencies r0),

rq0) and r9ir) are all zero for an isolated chain. However, in a
crystal field, each of these modes splits into two components, corresponding
to different symmetry species.’2 Further, the modes v*,  and now
no longer go to zero frequency at 0 and it phases. The intercepts corre-
spond respectively to the parallel and antiparallel rotatory chain vibra-
tions—if(0) and (O)—and to the antiparallel translations along the a, b
and ¢ axes—r5(ir), v6'(ir) and ~(0). In addition to such modes, the fre-
guencies of maxima corresponding to two-phonon transitions were calcu-
lated by Kitagawa and Miyazawa.® Three such two-phonon maxima are
obtained. The three-phonon contributions primarily give broad maxima
of much lower intensity. In addition, evidence has been presented to
show that chain folds may give rise to the spectral maxima in the vicinity
of 670 cm-1.77

In general, the calculated values of the dispersion curves and singular
frequencies for the skeletal modes and intermolecular modes of poly-
ethylene are in agreement with maxima observed in the NIS spectra,7in
infrared spectra,l819and in Raman spectrad (shown in Table I, which also
includes values from this investigation. However, it should be noted that
previously reported NIS investigations of polyethylene were primarily
concerned with commercially available material in which chain folding
would be expected. In contrast, most of the theoretical calculations have
been for infinitely extended chains, either isolated or in a crystal. In the
present investigations, the low-frequency skeletal intermolecular modes
for samples of extended-chain polyethylene have been investigated be-
tween 200°K and 425°K. These samples were: (1) an as-polymerized
polyethylene (ASPE), and (2) polyethylene crystallized from a stirred
solution (SSPE). The former is a low-pressure polyethylene prepared
with a heterogeneous Ziegler-Natta catalyst. Different authors have,
characterized the morphology of this polymer.2l2 Two models have been
proposed for the mechanism of polymerization and crystallization. Wun-
derlich and co-workers24-26 and Marchessault and co-workersZ argue that
the nascent polymeric chains are completely extended. In contrast, Blais
and Manley2L'2 suggest a helicoidal structure with folded chains when
such catalysts are used to polymerize ethylene in heptane or in the absence
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of a solvent. Thus, electron microscopic study has shown that fiberlike
entities are formed during polymerization which, in turn, are primarily
composed of fully extended chains. Further confirmation is obtained by
the high melting points22 reported for this type of material which typi-
cally range from 411 to 413.6°K. It has also been argued that the resis-
tance toward fuming nitric acid treatment of the ASPE, compared to that
for polyethylenes crystallized either from the melt or from dilute solution,
supports the extended chain conformation. A small-angle x-ray study on
the present sample shows no maximum up to the highest measurable
Bragg spacing, indicating no ordered short fold structure. This sample
has about 78% crystallinity as estimated by heat of fusion measurements.®

The morphology of SSPE has also been characterized by several investi-
gators. 526302 It has been argued that the crystals of polyethylene
obtained from stirred solutions are fibrous in nature and quite different
from the lamellar single crystals and the axialites produced from unstirred
solutions.  Electron microscqpic examination has shown,that the fibers
consist of lamellar crystals with diameters of about 5000 A at intervals of
about 500-1000 A on a central fiber of a diameter less than 50 A. These
total assemblages are known as “shish-kebobs.” Both electron diffraction
and wide-angle x-ray diffraction have shown that the molecules, in general,
are oriented parallel to the fiber axes. Originally, Pennings2 concluded
that the “backbones” of the shish-kebobs consisted of extended chains
and that the lamellar overgrowth was made up of folded single-chain crys-
tals. However, the work of Willmouth et al.3 has shown that the shish-
kebob backbones may themselves possess a structure in the form of stria-
tions, typically separated by 200-400 A. Further, they have argued that
such fibrous crystals may consist partially of folded chains and partially of
extended chain regions. The fact that the extended chain core cannot be
readily isolated suggests the presence of regions in which extended chains
and folded chains are intermixed.

As the direction of chain ordering in this sample was known, it was used
in the present investigation to determine the longitudinal and transverse
polarization characteristics of the low-frequency modes. In contrast to
melt or solution-crystallized polymers for which the interfold distances
typically range between 50 to 500 A, the extended-chain polymer can have
chain ordering between folds that may extend over distances of thousands
of angstroms.  The purpose of this investigation is to examine the influence
of such extensions in the long-range skeletal ordering on its intramolecular
and intermolecular modes as well as the characteristic frequency distribu-
tions for polyethylene.

Experimental

In this investigation the neutron spectra were obtained with a beryllium-
filtered time-of-flight spectrometer of a type that has been described in de-
tail in the literature.22 The scattering angle was 65°, unless otherwise
stated. The samples were mounted between aluminum foil in a sample
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holder appropriately shielded with cadmium so that neutrons were scat-
tered only by the sample material. The sample thickness in all cases
corresponded to about 0.2 X 102hydrogens/cm2 This results in a trans-
mission of more than 0.85 and negligible multiple scattering. The resolu-
tion at channel numbers below 100 is determined by the separation of
channels. At higher channel numbers, the resolution is about 8 cm-1, the
width at half maximum of the incident energy distribution. The ASPE
was a fine powder, and the SSPE was in the form of a fibrous plaque.
Both of these samples were supplied by Dr. J. Oth of Union Carbide
European Research Associates, Brussels, Belgium. For the low tempera-
ture spectra, the samples were cooled by flowing liquid nitrogen boil-off
gas through a channel in the sample holder. The higher temperature
spectra were obtained by using electric heaters embedded in the sample
holder.

All the time-of-flight spectra were corrected for background, for the BF3
counter efficiency, and for the chopper transmission function. In all cases,
the spectra were recorded on four independent counter banks, which, in
turn, were connected to four independent sets of amplifiers and fed into
four separate quadrants of the memory of the time-of-flight analyzer.
This procedure was followed to insure reproducibility and the absence of
experimental artifacts. Assuming the cubic one-phonon approximation3
to be valid and a Debye-Waller factor of unity, we calculate a quantity
called a weighted frequency distribution. Validity of the approximations
involved with regard to the spectra of polymers has been discussed in de-
tail. 12

Results

In Figure 1, the time-of-flight spectrum of ASPE at room temperature is
compared with spectra for annealed polyethylene, ANTE (which has a
density of 0.9923 g/cm3and melting point Tm of 412.9°K), and an un-
annealed high density polyethylene, PE (density, 0.951 g/cm3 Tm =
409.5°K). The spectra for the latter two samples have been previously
reported (samples A and C from Salford et. al.?).

As shown in Figure 1, the most pronounced feature of the spectrum of
ASPE relative to the spectra of ANPE and of PE is an enhancement of the
intensities and a sharpening of the singular frequencies involved. Thus,
it is relatively easy to locate and definitively assign the singular frequencies
for comparison with theory (Table I). As noted above, the major fre-
guencies observed in the spectrum of ASPE appear in accord with those
obtained previously by Raman, infrared, and neutron scattering on samples
of folded-chain material.

Also, the major singularities also appear to be in reasonable agreement
with calculated frequencies both with regard to the limits of resolution of
the present experiment and to variations in calculated values due to
assumptions of different sets of force constants. It should also be noted
that the relative enhancement of the singular frequencies in the spectrum of
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NEUTRON ENERGY GAIN (cm-1)

NEUTRON TIME OF FLIGHT (28(isec channels)

Fig. 1. Time-of-flight spectrum of neutrons scattered from ASPE compared with the
time-of-flight spectra for a hulk crystallized annealed (ANPE) and an unannealed poly-
ethylene (PE). The spectra were taken at room temperature and at a scattering angle of
65°. The ordinates represent the intensity of the scattered neutrons in arbitrary units,
and the abscissae represent the neutron times-of-fiight. as given by the number of 28 /¢sec
channels. Energies of the observed singular frequencies are given in ¢cm -1. The rise in
intensity at channel 165, followed by a gradual decrease in intensity, represents the
elastic component. A secondary elastic component occurs between channel 150 and
165. In order to aid in the comparison of features, the inelastic spectra have been nor-
malized to equivalent areas in an arbitrary manner. The solid strip at the top of the
figure represents the statistical errors at each channel. At a given channel, the full

width of the strip extends from + 1| to — 1 standard deviation &
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TABLE |
Comparison of Neutron Scattering and Raman Frequencies for Polyethylene and Their

Assignment

NIS, cm 1

This work Literature® cm -10 Assignment
706 720 - nbM CH>-rocking
604 620 620 Tentatively ascribed to chain folds
498 550 520 /= (max) = r.-Nmax) = cooperative chain de-

form ation

— — 468

434 445 448 Two-phonon, overtone »»

351 360 378 Two-phonon, combination and VZ,"(O)

— 330 325 —

— 310 — —

277 2S5 284 Two-phonon: combination je/'fO) and Jc/'tV)
247 255 254 —

214 230 228 Cooperative chain torsion »»“(max)

193 200 180 Cooperative chain torsion »i/'(max)

163 167 — Antiparallel rotatory lattice vibration, i/5“(0)
130 147 143 Parallel rotatory lattice vibration, n b(0)

— 140 — —

118 114 125 Antiparallel transation along the baxis‘ \/Z,b(il’)
104 — 104 -

92 95 — —

53 — — —

71 67 74 Antiparallel translation along the daxis, r/tV)
63 39 52 Antiparallel translation along the Caxis, »» (0)
45 - - -

38 — 36 —

33 — — —

24 — — —

° Data of safford et al.7

bbata of Frenzel et al.20

ASPE is difficult to correlate simply on the basis of crystallinities, as the
ASPE sample had a density of 0.9923 g/cm3 corresponding to a degree of
crystallinity of 90%, and Tm = 412.9°K. In fact, the ASPE sample had
much lower crystallinity, namely 78%. Therefore, it appears that the
enhancement of these frequencies must be correlated with much longer
interfold lengths in the former sample. The high-frequency limits of the
acoustical modes appear at 498 cm-1 for vb(the chain deformation) and at
214 and 193 cm-1, respectively, for K¥ and r% The latter two frequencies
were previously reported at 230 cm-1and 200 cm-1by Safford et al.7 A
value of 250 cm-1is given by TrevinoD for the high-energy =~ mode.
Earlier investigations (before calculations on the influence of the crystal
field were performed), report only one maximum in this region, as calcu-
lated for an isolated chain. In addition, five maxima which coincide well
with the reported intermolecular frequencies are observed at 163, 130, 118,
71 and 63 cm-1. The observed frequency at 63 cm-1appears to be in
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much better agreement with the calculated intermolecular frequency than
does the 39 cm-1 maximum previously reported by Safford.7 However,
the peak at 39 cm-1 in the present spectra relates to a line reported in the
Raman spectra at 36 cm-1.

Three maxima are also observed at 434, 351, and 277 cm*land are as-
cribed to two-phonon transitions, as predicted in this region by Kitagawa
and Miyazawa.’6 The one at 277 cm*“ lis a two-phonon combination of the
r5(0) (163 cm*) + J() (118 cm“) = 251 cm“1l The two other
maxima are ascribed to overtone n(max) and a combination band n(max)
+ ~*(0). Because of the splitting of the Womaximum under the influence
of the crystal field, not considered by the previously mentioned authors,
no exact comparison can be made with calculated values. The resolution
in this region also makes it impossible to distinguish between the different
possibilities.

The 604 cm*1maximum remains unaccounted for by the theories cited
above. However, a peak in this region has tentatively been predicted and
assigned to folds on the basis of an approximate calculation.I7 In addition
to such predicted frequencies, eight additional maxima at 247, 104, 92, 83,
45, 38, 33, and 24 cm* 1lremain that are not predicted by existing theories.
They are peculiar to spectra of polyethylene and have not been observed
in the background spectrum taken on the empty sample holder or in the
spectra of other polymers or materials run under identical conditions.
Further, within experimental resolution and small uncertainties in fre-
quency assignment, they are reproduced in all the spectra. It is therefore
difficult to attribute them either to experimental artifacts or to statistical
uncertainty.

In the figures showing the time-of-flight spectra, for ease of comparison
of the features in the inelastic region, the spectra have been normalized
arbitrarily to equivalent inelastic areas. This normalization then tends to
accentuate changes in intensity in the inelastic regions. Thus, in the
spectra for ASPE relative to the spectra of ANPE, changes, both in the in-
elastic region and in the intensity of the elastic maxima, occur. For
ASPE, the intermolecular modes (especially the parallel and antiparallel
rotary chain vibrations at 163 and 130 cm-1) appear intensified relative to
the chain torsion and chain deformation modes in the ANPE sample.
In like manner, the intensity of the elastic component relative to the in-
elastic intensity is much greater for ASPE than for ANPE, despite the high
crystallinity of the latter sample. The time-of-flight spectra for ASPE at
different temperatures are also shown in Figure 2. The highest resolution
of spectral features is obtained at the lowest temperature, 200°K in this
investigation. At this temperature chains should be vibrating about their
equilibrium position and translations or internal rotations associated with
the amorphous regions of the polymer should be effectively damped out.
With increasing temperature a general broadening of the maxima in the
time-of-flight spectra and a decrease in the relative intensity of the elastic
component is observed. This effect is also shown in Figure 3 for the
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NEUTRON ENERGY GAIN Ccm"6

Fig. 2. Neutron time-of-flight. spectra for ASP IT as functions of the tem perature. In
order to com pare features, the inelastic regions have been normalized to a constant area.
Frequencies observed for ASPE at. 29 ,K°K, as shown in Fig. 1, are indicated in this figure

forcomparison.

calculated frequency distributions in which the temperature dependence
of the Boltzmann population factor has been removed.

As expected, with increased temperature, the intensity in the regions
where two-phonon transitions are predicted (e.g., 434 and 277 cm-1) in-
creases strongly relative to the other maxima. Corresponding behavior is
observed for the angular dependence of the frequency distributions (Fig. 4).
A more pronounced increase in intensity of the maxima in the multiphonon
region with increasing scattering angle occurs than for the remainder of
the spectra. In the multiphonon expansion3334 of the scattering cross
section, the one-phonon term is proportional to K~, the two-phonon term
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to K4etc., where K, the magnitude of the momentum transfer vector, de-
creases with decreasing scattering angle. Hence, for higher scattering
angles a relatively larger contribution from higher phonon terms would be
expected, and the Debye-Waller exponent is not sufficiently close to zero
to make higher phonon terms negligible

As the temperature is increased, the variation in the spectrum for the
ASPE s less pronounced than that previously observed for polyethylene

Fig. 3. Weighted frequency distributions of ASPE, as functions of tem perature;
calculated from the data of Fig. 2, assuming the cubic one-phonon approximation and
a Debye-W aller factor of unity. The frequencies shown at the top of the figure cor-
respond to those observed for the ASPE (see Fig. 1) at 298 °K . In comparison to Fig. 2,
these frequency distributions prim arily reflect the broadening and shifting of the peaks

with tem perature as the Boltzm ann population factors have been effectively removed.

crystallized from the melt. Thus, the spectrum of ASPE at 325°K is very
similar to and shows nearly the same degree of resolution of spectral fea-
tures as that of the ANPE at 298°K. Even at 425°lv, where the elastic
maximum has become strongly reduced in intensity to the point that it is
nearly absent, pronounced but broadened vestiges of the skeletal fre-
guencies observed at lower temperatures still persist. As a result of the



1228 BERGHMANS, SAFFORD, AND LEUNG

(V)

Fig. 4. Weighted frequency distributions of ASPE at29S°K as functions of the scatter-
ing angle; calculated from the corresponding time-of-flight spectra, assuming the cubic

one-phonon approximation and a Debye-W aller factor of unit.

population factor, the singular frequencies in the intramolecular region
appear intensified relative to those for the low-temperature observations.
In Figure 5, a series of spectra are compared for samples of ASPE which
were first held at a high temperature for different periods of time and then
cooled to room temperature prior to recording the spectrum. In addition,
spectra are compared for the ASPE at 298°K prior to heating. After
being heated at 425°K for 24 hr (AN1), at 425°K for 3 days (AN2), and at
523°K for 15 min (AN3), it is observed that as the time of heating, or the
temperature was increased, the pronounced spectral features character-
istic of the original ASPE are lost, and the spectra appear to be approaching
that of ANPE. Thus, the inelastic frequencies become broader and the
relative intensity of the elastic maximum decreases. In order to obtain
further information, the above spectra for ASPE have also been compared
with those obtained for SSPE. In this material, as discussed above, a par-
tially extended chain configuration again exists, and in addition the chains
are oriented in a known sample direction. Hence, this material can also
be used to study the polarization dependence of the vibrations. In Figure
6, a comparison is shown of the spectrum for ASPE with spectra for SSPE
with chain orientation perpendicular and parallel to the plane formed by
the incident and scattered beams. As for the ASPE, the features of the
SSPE appeared intensified and sharpened relative to spectra obtained for
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NEUTRON ENERGY GAINUm'])

Fig. o. Neutron time-of-flight spectrum of ASPE at 298 °K is compared with spectra
for samples of ASPE which had been preheated at different tem peratures for different
periods of time, and then cooled to room tem perature. The heat treatmentofthe samples
was as follows: ASPE, unannealed; AN -1, heated for 24 hrat 425°K; AN-2, heated for
3 days at425°K; AN-3, heated for 15 min at 523°K .

solution-crystallized or melt-crystallized polyethylene. In addition, cer-
tain maxima are shown to have different longitudinal and transverse de-
pendencies. Thus, for the parallel orientation, the chain deformation
mode Vv, at 498 cm-1 appears to have a higher intensity than for the vertical
orientation. In general, however, the maxima for SSPE are not quite as
sharp as those observed for ASPE, which may reflect a lower degree of the
chain extension and the existence of an extended core and a shish-kebob
structure, as discussed above.
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NEUTRON ENERGY GAIN (cm"1)

NEUTRON TIME OF FLIGHT (28(1 sec channels )

Fig. 6. Neutron time-of-flight spectrum for ASPE (unoriented) at a scattering angle
of 65° and | = 298°K compared with spectra for SSPE: (VE) with chain orientation

perpendicular to the scattering plane; (PA) with chain orientation parallel to the

scattering plane.

Discussion

The spectral changes observed for ASPE in the low-frequency skeletal
and intermolecular modes relative to those observed for the folded-chain
polyethylene appear to result from the special morphology of this material.
While modes appear sharpened and intensified relative to the folded-chain
material, the difference is most pronounced for the intermolecular modes.
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This is especially true for the unit-cell parallel and antiparallel rotational
vibrations.

The above behavior may result from a reduction in the number and/or
size of irregular structural regions as intramolecular ordering is extended
over a longer region of the chain.  Thus, the influence of the amorphous or
less organized regions on the vibrations and the ordered fraction would
then be reduced to a smaller zone. As a result maxima (especially those
corresponding to intermolecular vibrations) could become less broadened
than in the case of a folded-chain crystallized polymer with a length of 100
to 500 A between folds. A similar trend with increasing annealing time
was previously reported for folded-chain crystallized polyethylene. A
sharpening in both the intramolecular and intermolecular modes occurred
due both to an increase in the degree of crystallinity and, to some degree,
to an increase in the fold length. Thus, as Kobayashi and Keller®noted,
chain disordering and shrinkage along the chain axis may be associated
with an increased amplitude for rotation about the C—C bonds. They
observed this effect with increasing temperature. However, it appears
possible that chain folds and noncrystalline regions also may be able to
increase vibrational amplitudes and anharmonicity in the more ordered
chain regions. As a result, the characteristic intramolecular and inter-
molecular frequencies would sharpen and the thermal stability increase as
the number of folds or defects decreased.

The extended-chain morphology may also be correlated with the smaller
changes that occur with increasing temperature in the spectra of extended-
chain materials relative to changes observed for folded-chain crystallized
polyethylene. In general, internal segmental rotation first occurs with
increasing temperature in amorphous regions connected to the regular
sequences and then propagates into the crystalline or ordered regions,
leading to the observed broadening of spectral maxima and thus, to an
apparent decrease in resolution. However, by increasing the length of
such ordered regions along the chain, the number of disordered segments
may be reduced, and hence skeletal vibrations could persist to higher tem-
peratures without being as severely broadened.

The marked difference in the relative intensities of the elastic maxima
at a given temperature for the ASPE compared to the ANPE is a further
indication of a higher degree of chain ordering and rigidity in the former
material. As discussed in the literature, the intensity of the elastic maxi-
mum is proportional to the Debye-Waller factor exp{ —(I/§(R2K2}
where (R2 is the mean-square amplitude of the vibrating system.  Thus,
an increase of intensity in the elastic maximum represents a decrease in the
average vibrational amplitude. The reduction in this average vibrational
amplitude for ASPE relative to ANPE is in accord with its enhanced or
sharpened intermolecular frequencies and hence with a higher degree of
ordering and/or a lower concentration of structural imperfections.

The enhancement and sharpening of the frequencies are pronounced for
both the ASPE and SSPE relative to polyethylene crystallized from solu-
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tion or from the melt. For SSPE, differences in the relative intensities of
certain maxima are observed when the chain orientation is parallel and
perpendicular to the scattering plane formed by the direction of the in-
cident scattered beams. The one-phonon cross section is linearly related
to the square of scalar product, (*(co).K), of the amplitude vector G(“)>
corresponding to the frequency toof the jth mode, and the momentum trans-
fer vector K. Thus, for samples with preferred chain alignment, the
chains may be oriented either normal or parallel to K, and hence, informa-
tion can be obtained on the longitudinal and transverse characteristics of
each mode. However, for the time-of-flight technique of the present ex-
periment, these polarization conditions are only rigorously fulfilled in the
case of the perpendicular orientation. As the magnitude and direction of K
depend upon the vibrational frequency or mode, an exact parallel align-
ment is not achieved in practice. Nevertheless, the influence of sample
orientation is readily observed and is largest for the intramolecular modes.
The chain deformation mode  appears at higher intensity in the parallel
orientation. An opposite influence, but less pronounced, is observed for
the torsional mode, . Analogous results have been reported by Myers
et al.8on a sample of polyethylene oriented by stretching.

As noted above, for the extended chain material, remnants of skeletal
frequencies are observed at temperatures above the normal melting point
of polyethylene. A similar result was reported5 for folded-chain poly-
ethylene as long as the polymer molecule retained its identity. However,
the better defined maxima presently observed suggest that the melting of
the extended chain is a slower process. Thus, superheating phenomena
have been observed.3 However, the present experiment does not provide
sufficient data for supplying quantitative information concerning the time
scale of chain reorganization. Nevertheless, this result may indicate a
degree of metastable chain ordering similar to that observed for certain
liquid crystals.

The enhancement of both the intramolecular and intermolecular fre-
guencies that has been observed in the spectra of the extended-chain
material has allowed them to be more readily defined and compared with
theory. Good correspondence in the frequencies of most observed maxima
for ASPE with both theory and those reported on a folded-chain material
from other investigations is observed. However, small variations in fre-
quencies close to experimental resolution are observed between the ASPE
and folded chain material. The possibility that such variations are indeed
real cannot be precluded; and they might possibly reflect changes in the
unit cell dimensions33 that can, in principle, occur in changing the fold
length and, hence with small changes in force constants. In addition, as
has been reported previously, maxima occur in the NIS spectra that are
not accounted for by existing theories or by higher phonon contributions.
Indeed, as shown in Table I, the maxima are also observed both in the
neutron spectra reported here for the extended-chain material and in the
Raman spectra of folded-chain polyethylene. Therefore, at present, it
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appears difficult to attribute these additional maxima either to higher
phonon contributions, to chain folds, or to artifacts peculiar to a given
experimental technique. Their origin may well be worthy of additional
theoretical consideration.

We also have to consider that phase-frequency curves along the cor chain
axes were used in order to identify the different maxima. Calculations by
Enomoto and Asahina3 of phase-frequency curves along the a and b axes
show that most of the frequencies lie in the region below about 120 cm”1
Certain of the observed maxima, not accounted for by the calculations along
the caxis, may correspond to these frequencies in this region.

One of the authors, H. Berghm ans, is indebted to the IW ONL (Belgium) for a fellow -
ship. The authors woidd also like to express their gratitude to Dr.J. Oth for suggesting
this problem and for providing the samples of the ASPE and the stirred solution crystal-

lized polyethylene.

References

1. G.s.salford and A. W. Naumann, Adv. Polym. Set., s, 1 (1967).
2. G.S.sSafford and A. W. Naumann, Macromol. Revs., 2, 1 (1967).
3. 5. Trevino and H. Boutin, J. Macromol. Sci., (Chem.,), a1, 723 (1967).
4. M. G. Zemylanov and N. A. Chernoplekov, BN L 719(C-32), Proceedings of the
Brookhaven Conference on Neutron Thermalization, vor. 1, 1962, p. 66.
5. H.R.Danner, G.J. Safford, H. Boutin, and M. Berger, J. Chem. Phys., 40, 1417

(1964).

6. H.Boutin, H. Prask, S. F. Trevino, and H. Danner, Proceedings of Symposium on
Inelastic Scattering of Neutrons, Bombay, Dec. 1964, vol. 11, 1.A .E.A., Vienna, 1965, p.
407.

J. safford, A. W.Naumann, and F. T. simon, J. Chem. Phys., 45, 3787 (1966).
. Myers,J. L. Donovan, and J. s. King, J. Chem. Phys., 42,4299 (1965).
.Myers, G.C.Summerfield, and J. s. king, J. Chem. Phys., 24, 184 (1966).

F. Trevino, J. Chem. Phys., 45, 757 (1966).

Tasumi, T. Shimanouchi, and T. M iyazawa, J. Mol. Speclry. 9,261 (1962).

. Tasumiand T.shimanouchi, J. Chem. Phys., 43,1245 (1965).

_P.Lin andJ. L. koenig, J.Mol. Spectry, 9, 228 (1962).

. Kitagawa and T. M iyazaw a, Repts. Progr. Polym. Phys. Japan, s, 53 (1965).

. Kitagawa and T. Miyazawa, Bull. Chem. Soc. Japan, 43,372 (1970).

N
mIUﬂomf—‘o—l—i—l—iggwésa

16 . Kitagawa and T. M iyazawa, J. Polym. Sci. B, 6, 83 (1968).

17. 6.Jannink, J. Polym. Sci. A-2, 6, 529 (1968).

18. E.Bertie and E. W halley, J. Chem. Phys., 41,575 (1964).

19. s. Krimm and M. 1. Bank, J. Chem. Phys., 42,4059 (1965).

20 _A.Frenzel, E. B. Bradley, and M. s. Mathur, J. Chem. Phys., 49, 3789 (1968).

21 . Blais and R.St.John Manley, J. Polym. Sci. A-l, 6 291 (1968).

22 . Blais and R. St.John Manley, Science, 153, 539 (1966).

23. . Chanzy, A. Day, and R. H. Marchessault, Polymer, 8,567 (1967).

24. . Wunderlich, E. Hellmuth, M . Jaffe, F. Liberti, and J. Rankin, KO”Oid-Z.,
204, 125 (1965).

25. B. Wunderlich and L. Melillo, Science, 154, 1329 (1966).

26. B. Wunderlich and ¢. M. cormier, J. Macromol. Sci. (Phys.), BI, 93 (1967).

27. P.Ingram and A. Schindler, Makromol. Chem.,|||‘ 267 (1968) (unpublished work

of M archessault and co-workers quoted in this reference).
28. W. Ruland, private communication

29. ). Oth, private communication.



1234 BERGHIV1ANS, SAFFORD, AND LEUNG

30. A. Keller and F. M. Willmouth, to be published.

31; A.Kellerand M. J. Machin, J. Macromol. Sei. (Phys,), B 1, 41 (1967).

32. A. 1. pennings, in Proceedings of International Conference on Crystal Growths,
Boston, June 1966, H.S. Peiser, Ed., Pergamon Press, Oxford 1967, p. 389.

33. L.S.Kothariand K. s. singwi, Solid State Physics, 8, 109 (1939).

34. A.sjolander, Ark, Fys., 14, 315 (1958).

35. Y. Kobayashiand A. Keller, Polymer, 11,114 (1970).

36. A.M.Ri-ke and L. Mandelkern, J. Polym. Sei. A-2, 8, 225 (1970).

37. G.T.Davis, R. K. Eby and 6. M. Martin, J.Appl, Phys., 39, 4973 (1968).
38. S. Enomoto and M. Asahina, J. Polym. Sei. A, 2, 5523 (1964).

Received July 31, 1970
Revised October 27, 1970



JOURNAL OF POLYMER SCIENCE: PART A-2 VOL. 9, 1235-1241 (1971)

Orientation Effects in Biaxially Stretched
Linear Polyethylene

G. C. ADAMS, Film Department, Experimental Station, E. I. clu Pont de
Nemours & Company, Inc., Wilmington, Delaware 19898

Synopsis

The literature on polymer morphology contains many studies of structural and
orientation changes occurring upon uniaxial stretching of films and fibers, but it has
only an occasional reference to such studies on biaxially stretched film. This paper
presents data on a structural change due to simultaneous biaxial stretching up to 6 X 6
stretch ratio of quenched linear polyethylene slightly below the melting temperature.
At low stretch ratios the b axis of the orthorhombic unit cell orients predominantly
in the biaxial plane of stretching or film plane. At higher than 4 X 4 stretch ratio, a
second crystal orientation appears which is a (110) orientation in the film plane. Differ-
ential scanning calorimetry scans show two melting peaks occurring concurrently with
diffraction effects of two crystal orientations. The evidence for two populations of
crystals differing in orientation are discussed in the light of current concepts of folded-
chain lamellae and their fragmentation with elongation.

Introduction

The biaxial stretching of linear polyethylene above room temperature is
generally considered difficult because of high crystallinity. We have
biaxially stretched this polymer at 128°C using simultaneous stretching
in two perpendicular directions to stretch ratios up to 6 X 6. The bi-
axially oriented films have been studied by x-ray photographs and by
quantitative intensity scans appropriate to biaxially stretched films.
The orientation effects are discussed and compared with those in uni-
axially stretched, bulk-crystallized polyethylene and polyethylene single
crystal mats, and with biaxially oriented polypropylene.

Experimental

Linear polyethylene of 0.956 g/cc density and melt index 0.3 was melt-
pressed at 150°C into sheets 0.05 in. thick. An ice-water quench after
pressing was made as rapidly as possible. Simultaneous biaxial stretching
of 2 X 2 in. pieces was performed on a T. M. Long pneumatic-operated
pantograph biaxial stretcher at 128°C. A 2-min preheating time was
allowed prior to stretching to stretch ratios of 2.5X, 4X, 5X, and 6X.
A thin oil spray was applied between several thicknesses of 1 to 8 mil
oriented films to form a composite suitable for quantitative analysis in
a Philips Electronic x-ray diffractometer using CuKa radiation. Quanti-
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tative intensity scans were made through the transmission technique by
incremental sample tilting with respect to the x-ray beam while rotating
the sample azimuthally at 6 rpm to randomize slight lack of balance in the
film plane. The raw intensity data were corrected for changing sample
volume seen by the x-ray beam, polarization, incoherent scattering, and
background.l A single data point in reflection at a 90° tilting angle
enabled interpolation to be performed so as to obtain intensity values in
the region inaccessible because of interference with the sample holder.

Differential scanning calorimetry (DSC) scans were made at a heating
rate of 20°C/min on a Du Pont Model 900 thermocalorimeter on samples
weighing 1-2 mg.

Results

The results of biaxial stretching are best described by referring to the
x-ray photographs of Figure 1L In these photographs the film normal is
horizontal and in the plane of the figure. With the x-ray beam directed
along the plane of the film, it can be seen that a complex pattern of orienta-
tion is obtained. Upon examination of these patterns with a model of
the a-b plane of the orthorhombic unit cell, one can detect two crystal
orientations, which are designated populations 1 and 2. As shown in
Figure 2, population-1 crystals possess a (200) orientation in the film
plane giving a strong 200 peak oriented on the meridian of the photograph
and the 110 peak at @ = 34° is associated with this population. The angle
g is defined as the angle between the film plane (g —0°) and the normal to
the diffraction plane (w = 90°). Population-2 crystals are characterized
by a strong (110) orientation in the film plane. This gives a 200 peak
orientation at ce = 34° and a 020 peak at w= 56°. These two orientations
account for the eighteen diffraction spots made up of diffraction from the
110, 200, and 020 peaks.

More detailed and quantitative analyses of these structural effects have
been performed by means of a simplified pole-figure scan according to the
method given by Desper.2 This scan involves rapid rotation of the sample
in its own plane while performing incremental movement of the sample
plane with respect to the x-ray beam and according to diffraction geometry
of Decker.3 In this scan, diffraction intensity with respect to the angle
omega is obtained. Because of rapid rotation of the sample, slight im-
balance in orientation in the film plane is randomized. After correcting
for changing sample volume seen by the beam, the intensity curves of
Figure 3 are obtained. These curves define precisely with respect to the
angle omega the peak locations shown by the x-ray photographs. The
various peaks in Figure 3 have been designated populations 1 and 2 ac-
cording to the separation dictated by the photographs and by Figure 2.
The angles u for peak location for each population of crystals conform
precisely to that dictated by a specific polyethylene orthorhombic unit cell
orientation.
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a) 4 X4 b) 5X5

c)6 X6 d) 5 X5 SHOWING
020 ORIENTATION

Fig. 1. X-Ray photographs taken with beam directed parallel to the film plane for
biaxially stretched linear polyethylene. The film normal is horizontal and in the plane of
the figure.

It has not been possible to delineate which of the two populations forms
first with stretching and, in fact, it appears that simultaneous generation
of each arises with increasing stetch ratio. Efforts to resolve the two
peaks into separate areas giving a calculation of the fraction of each crystal
population have resulted in conflicting results when performed separately
for the (110) and (200) intensity scans.

As can be seen in Figure 1, a phase transformation to the monoclinic
crystal has occurred in these films.  Studies on single crystals indicate that
stretching along the crystal b axis results in such a transformation.4 How-
ever, the monoclinic phase is very unstable and undergoes transformation
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ORIENTATION OF UNIT CELL

Fig. 2. Separation of composite x-ray photograph into two populations of crystals with
orientation as shown for biaxially stretched linear polyethylene.

(110) DIFFRACTION (200) DIFFRACTION (020) DIFFRACTION

Fig. 3. Omega scan plots showing intensity variation with respect to the film normal for
biaxially stretched linear polyethylene.

to the original lattice upon removal of strain or upon heating. The small
amount of monoclinic phase present in these samples will not be of further
concern.

Dual melting peaks are seen on DSC scans which indicate an increasing
peak area for the lower-melting peak as seen in Figure 4. It is possible
that the dual melting peaks are associated with the two crystal populations
of different orientation, but this limited study precludes such a determina-
tion.

Discussion

There are similarities of the crystal orientation here reported with that
of uniaxial stretching of polyethylene and of polyethylene single crystal
mats. For instance, in stretching of bulk-crystallized polyethylene, studied
by Keller,5the orientation assumed by the crystals in the equatorial region
of two-dimensional spherulites results at high elongation in 6-axis orienta-
tion in the film plane and a-axis orientation along the film normal. This
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CAST SHEET-NO STRETCH

TEVPERATLRE, °C

Fig. 4. DSC scans for biaxially stretched linear polyethylene. Note the increase in peak
area for the lower melting peak with increasing stretch ratio.

(110) TWINNING (id =23.0°)
PEAK MAXIMUM WILL

BE LOCATED AS SHOWN — (110)PLANE IN FILM PLANE (id=335°)
FOR TYPE OF TWINNING
INDICATED r( 310}TWINNINGt id=36.5°)

180 252 32.4 39.6 468 54.0
TILT ANGLE , id, DEGREES

Fig. 5. Comparison of tilt, angle for' maximum intensity with that expected for type
of twinning indicated and for (110) planar orientation for (200) peak of population 2
crystals for biaxially stretched linear polyethylene. A (110) planar orientation is in-
dicated in the stretched film.
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orientation is identical with population-1 crystals in the biaxially stretched
films. An identical orientation after high elongation occurs for one-way
stretching at 90°C of single crystal mats of linear polyethylene.6 Further-
more, in studies on drawn and rolled linear polyethylene the same orienta-
tion with that of population-1 crystals occurs, i.e., (200) planar orienta-
tion.7 To date, there has been no report of a double or dual orientation in
biaxially stretched polyethylene identical with the type reported here.
The work of Frank et al.7on drawn and rolled polyethylene emphasizes a
dual orientation which gives x-ray photographs similar to those of Figure 1
One crystal orientation of the drawn and rolled film possesses the (200)
planar orientation, also exhibited by the biaxial stretched films. The
second crystal orientation is stated to arise from (310) twinning on crystals
having the (200) planar orientation. A similar interpretation cannot be
made from the studies on biaxially stretched film. While these two
orientation types are nearly identical, as shown in Figure 5, a 200 peak
maximum of u = 32.4° for biaxially stretched film is taken as indicating
(110) planar orientation rather than (310) twinning.

Similarities exist between these data and those recently reported for
biaxially stretched polypropylene.8 For the latter material, a dual orienta-
tion also is observed. One of the crystal orientations in the polypropylene
films gives the b-axis of the a-form monoclinic crystal orienting along the
film normal. This is compared with the planar b-axis orientation in the
polyethylene films. The orientation of population 2 crystals of the poly-
ethylene films, possessing a planar (110) orientation, is identical with a
(110) planar orientation of the second set of crystals in biaxially stretched
polypropylene. These data are suggestive of a (110) planar orientation as
being common to biaxially stretched polyolefins. The origin of this
orientation is not clear, but some comments may be made.

In the biaxial stretching of polyethylene it is not clear which, if either,
of the two crystal populations forms at the expense of the other. However,
it is suspected from line-breadth measurements associated with this work
and is suggested in the polypropylene work that population 2 crystals,
those with (110) planar orientation, form from population 1 crystals.
This could be from an intralamellar slip process resulting in broken-off
blocks of crystals of orthorhombic lateral dimensions such that the (110)
plane is parallel to the long crystal dimension and, therefore, orients in the
biaxial plane of stretching. This reasoning proposes (110) as the slip
plane in both polyethylene and polypropylene, since this plane orients in
the biaxial stretching plane. In both these materials the (110) inter-
planar spacing is the largest and, therefore, might be most susceptible to
slip.

From such a mechanism of intralamellar slip, the advantage of deforma-
tion studies of biaxial rather than uniaxial stretching is apparent and may
explain why a clearly defined population 2 has not been observed on speci-
mens stretched one way. Uniaxial stretching could result in an inter-
mixing in the plane perpendicular to stretching of the diffraction effects
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from planes of hkO indices, because of the tendency toward uniaxial sym-
metry about the stretching direction. Assuming, as already stated, that in
biaxial stretching a long crystal dimension will orient in the biaxial
stretching plane, a planar constraint is imposed on crystal rotation about
a direction in the film plane. Therefore, crystal fragments could orient
differently than larger, unfragmented crystals. Biaxial stretching may
detect such differences in orientation which are not apparent in uniaxially
stretched specimens.
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Crystallite Size in Highly Drawn Polyethylene

W. GLENZ and A. PETERLIN, Camille Dreyfus Laboratory, Research
Triangle Institute, Research Triangle Park, North Carolina 27709
and W. WILKE, Fritz-Haber-Institut der Max-Planck-GeseUschatt,
1 Berlin S3, Germany

Synopsis

The size and distortion of crystallites in samples of linear polyethylene were deter-
mined before and after plastic deformation. A slowly cooled sample, a quenched sam-
ple, and highly drawn films (draw ratio 16) were investigated by different methods.
Wide-angle x-ray patterns were analyzed to study the average size of the crystalline
mosaic blocks and their distortion. In addition, the longitudinal crystal thickness (in
the chain direction) was evaluated by two other approaches, determination of the long
period, and the melting temperature of irradiated samples. The results show clearly
that the size of the crystalline mosaic blocks changes substantially with drawing of
polyethylene. Not oidy is the lateral crystal thickness affected, but the longitudinal
crystal dimensions also change during the drawing process. By the three independent
methods we find that the longitudinal crystal thickness after drawing is independent of
the value for the undrawn samples, as was reported earlier by Peterlin. The change in
crystallite size after drawing is accompanied by a large decrease in crystal volume to
about 10% of the value for the undrawn sample. The degree of distortion in the crys-
tals seems not to be affected by the deformation process. These experimental data can
be considered evidence for high chain mobility and for the possibility of rearrangement
of chain molecules during the process of plastic deformation.

INTRODUCTION

Recent studies on plastically deformed polyethylene (PE)1-14 indicate
that the drawing process involves a discontinuous change in morphology
from the originally microspherulitic structure to the final fiber structure.
It was further shown that most properties of the final microfibrillar struc-
ture do not depend on the history of the undrawn material (quenched or
slowly cooled from the melt, annealed), but are mainly influenced by the
drawing conditions (drawing temperature, drawing rate and draw ratio).
On the basis of a series of experimental data, Peterlin developed a model
for the process of plastic deformation of partially crystalline poly-
mers.M'12-14 In this concept the discontinuous change in structural
properties is thought to be a consequence of high chain mobility during the
transformation caused by local heating and negative pressure in the micro-
necking zone.

Experimental evidence for this model has been reported in studies in-
volving electron microscopy,1*4small-angle x-ray scattering (SAXS),*14
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and infrared spectroscopy.l3 The long period of the samples changes
abruptly during drawing, indicating a discontinuous transformation of the
microspherulites into the fiber structure in the destruction zone of stacked
lamellae. Furthermore, the final long period and crystallinity depend
only on the drawing temperature (for a given rate) and are independent
of the nature of the undrawn sample.

The long period is related to the crystal thickness (crystallite size in the
chain direction). On the assumption of a two-phase sandwich model for a
partially crystalline polymer, the long period is given by the sum of the
crystal thickness and the thickness of the amorphous surface layer. From
the above mentioned SAXS and infrated data, it is expected that the crys-
tal thickness in the final fiber should not depend on the crystal dimensions
of the undrawn material. Therefore, a determination of the crystal thick-
ness before and after the drawing process for different starting materials
could provide strong support for the above-mentioned model of plastic
deformation.

We have studied the crystal thickness of drawn and undrawn linear PE
by three independent methods: (1) direct evaluation of the crystal dimen-
sions from the line broadening of the wide-angle x-ray scattering (WAXS)
(this method gives the shape tensor of the crystalline mosaic blocks as
well as the crystalline lattice distortions);16:19 (2) determination of the
crystal thickness from differential scanning calorimetry (DSC), lightly
cross linked samples being used to avoid recrystallization during heating in
the calorimeter; 021 (3) calculation of the crystal thickness from the long
period obtained from small-angle x-ray scattering (SAXS), from the crystal-
linity (determined by infrared spectroscopy) and from the macroscopic
density, assuming a two-phase sandwich model.

The main concern of this paper is the change in crystal thickness and the
mosaic block dimensions with drawing. We shall show that the structural
parameters of these drawn samples are independent of the properties of the
undrawn material. Unfortunately the change in the dimensions of the
mosaic blocks could not be studied over a wide range of drawing tempera-
tures since the wide-angle x-ray and infrared experiments require a large,
homogeneously drawn sample area (ca. 4 X 1 cm). Only drawing tem-
peratures of GO and 80°C resulted in sufficiently large homogeneously
drawn samples.

EXPERIMENTAL

Sample Preparation

A linear PE (Marlex 6050, Phillips Petroleum Co.) was used for these
studies. Two different films of thickness 0.8 mm were prepared, one
quenched (sample Q), the other slowly cooled (sample S) ( for details see
Table 1). Samples 2 cm X 0.5 cm were cut from these films and drawn
in an Instron tensile testing instrument in an air thermostat at a rate of 0.5
cm/min at 60 and SO°C up to a local drawn ratio X =1/lo= 16 (where Dis
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TABLE |
Polyethylene Samples
Sample Treatment
Q Quenched from 150°C in ice water
Qi As Q, drawn at 60°C, X= 16
Q2 As Q, drawn at 80°C, X= 16
S slowly cooled from 150° with 1°/min cooling rate
Sl As S, drawn at 60°C, X= 16
S2 As S, drawn at 80°C, X= 16

the length of the undrawn sample, | is the length of the drawn sample).
The drawn strips had a thickness of about 0.2 mm. In addition, films
0.2 mm thick were prepared as undrawn samples Q and S in order to
minimize broadening effects in the wide-angle x-ray measurements.9 For
the DSC experiments, parts of the undrawn and drawn samples were
7-irradiated under vacuum at room temperature to varying doses with a
@Xo source (dose rate 0.3 Mrad/hr).

Procedure

The SAXS patterns were obtained at room temperature with a Rigaku-
Denki camera using point collimation. The long periods were calculated
on the basis of Bragg’s law from the first maximum of the scattering in-
tensity after subtraction of the background.

The WAXS pattern were obtained in the AEG-Guinier camera with a
Johannson monochromator. Details of the experimental procedure were
described earlier.9 The sample thickness was about 200 n in order to
reduce line-broadening. The corrections for broadening arising from
sample thickness and experimental equipment were less than 10% of the
measured line widths.

Infrared spectroscopy was used to determine the crystallinity of the
samples. The infrared spectra were run with a Perkin-Elmer double-
beam grating spectrometer (Model 521), a wire-grid polarizer being used
in the light path of the recombined beam. The crystalline band at 1894
cm-1 was employed in evaluating the crystallinity of the drawn and un-
drawn samples in the manner described previously.b

The density of the samples was determined by flotation in a mixture of
butyl cellosolve and methyl carbitol at 22°C. The DSC measurements
were performed in a Perkin-Elmer differential scanning calorimeter. A
heating rate of 2.5°C/min and ca. 2.0 mg samples were used. The maxi-
mum of the melting curve was chosen as the melting point Tm

RESULTS

Longitudinal Crystal Thickness from SAXS, Crystallinity, and Density

The simplest approach to derive the longitudinal crystal thickness (in
the direction of the chains) employs the long period L, crystallinity am
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TABLE I
Longitudinal Crystallite Size D from Long Period and Crystallinity
Sample P, g/cm1l «R at Lsaxs, A D = Lap/pc A
Q 0.948 0.64 0.67 195 120
Qi 0.963 0.76 0.78 185 136
Q2 0.964 0.77 0.79 195 146
s 0.972 0.80 0.82 340 264
Sl 0.963 0.78 0.78 175 133
82 0.962 0.75 0.77 185 136

(mass fraction), the densities p (macroscopic density) and p0 (density of the
crystalline phase). Assuming the usual two-phase sandwich model with
infinitely extended lateral dimensions, one obtains for the crystal thickness
D

D = Lanp/p,, @

All values on the right-hand side of eq. (1) can be determined experimen-
tally. For the samples investigated, the long period L, density p, and
crystalline mass fraction amare summarized in Table Il. The density p,
of the crystalline phase of the drawn samples is deduced from the lattice
constants2to be 0.990 g/cml

The last column of Table 11 shows the crystal thickness D as evaluated
from eqg. (1). This table indicates the major characteristic of the change
in crystal thickness with drawing: the value of 1) obtained after drawing
is independent of the crystal thickness Do of the starting material (Do is
120A for Q, 264A for S). In addition there is an indication that the crystal
thickness of the drawn sample increases with increasing temperature of
drawing as shown by the slight increase of D in samples drawn at 80°C as
compared with those drawn at 60°C.  Similar results in long period L have
already been reported from this laboratory for a wide range of drawing
temperatures, 57920 which can be taken as a proof for this temperature
dependence. The thickness data calculated according to eq. (1) will be
compared with values determined by WAXS and DSC below.

Dimensions of the Mosaic Blocks and Disorder Parameters from WAXS

Wilke, Vogel, and HosemannB recently reported a method of deter-
mining from WAXS the shape tensorl6l7 of the crystalline mosaic blocks
in the (h,k,0) plane, the tensor components gki of the paracrystalline dis-
tortions, and the longitudinal crystallite size D = Doai in the [001] direc-
tion. This method is based on the fact that the integral line width 5/3(hih2
Ig) of the reflection hihzh3 (hihj\,3are the Miller indices hkl) in an orthorhom-
bic crystal lattice is well approximated by

«W<A) = i @iz 2
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where

El k{_>r(V<V)fc2
0 - 3

iE=1(V /dr)

DMilu is the mean value of the mosaic crystallite size in direction hjiji,,
dinted is the distance between the hihzh3planes, p is the order of the reflec-
tion hihjiz, and di with i = 1,2,3 are the unit cell dimensions (lattice con-
stants a,b,c). The paracrystalline distortions are described by the relative
fluctuations gki of the lattice vectors a* in direction .5 By measuring 53
for at least two orders of a reflection it is possible to evaluate D by extrapola-
tiontop = 0 [seeeq. (2)] One can show that the DHHAB are the axes of
an ellipsoid, the shape ellipsoid. If we know D for three directions, we can
calculate D for any other direction by constructing the shape ellipsoid.
By measuring 83for a series of reflections (in PE usually 8 to 13) it is also
possible to calculate the tensor components gki on the basis of egs. (2) and
(3). For PE it is possible to calculate Duoand Zhoo from the integral
widths of the 110, 220 and 200, 400 reflections. In the hkO plane we also
have the reflections 020, 120, 210, and 310. From this set of 8fi(hk0) we
can obtain all gti with i,k = 1,2. The 8f3(hkl) of the reflections 011, 111,
201, 211, and 311 (also 002 in sample S2) give both Zoi and the gki with
i,k = 3by aleast-squares S lit.

For a given shape-ellipsoid there exist a variety of possible crystallite
shapes. The dimensions Dwo and D0 of the mosaic blocks in the a and b
direction of the unit cell are the main axes of the shape ellipsoid. A paral-
lelepiped with the dimensions Dm, Dow, and D = Dm, the crystallite size
in the chain direction, was assumed in order to calculate the volume V
and the surface area $ of the crystalline mosaic blocks. All these values
together with the distortion parameters of the lattice gki are summarized
in Table 111.  The error limit for the D values is about 10%. For sam-
ples QI, Q2 and SI, only a smaller number of reflections could be measured
(5 to 8 reflections). Here it was not possible to calculate the complete
set of the tensor components gki. Therefore only a lower limit can be given
for Don, which was calculated from 5/3(011) on the assumption that g3 =
3= On = 0. This assumption however seems justified, since we never
found a=>On ™ 0 (strong binding in the chain direction) and On has only a
small influence on 5/3(011). The linewidth 53 of the hid reflections from
sample Q are broadened not only by the crystal thickness and paracrystal-
line distortions, but also by additional distortions, probably lattice strains
in the chain-direction [001]. The following points should be noted in
Table I11.

(1) In spite of the substantial differences in crystallite dimensions be-
tween the undrawn samples Q and S, there are only minor differences be-
tween the drawn samples QI, and Sl on the one hand, and Q2 and S2 on
the other hand. The values for the sample drawn at 00°C (QI) are slightly
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TABLE 111
Dimensions, Volume, Total Surface, and Disorder Parameters
of Crystallites from WANS

Sample Sample Sample Sample Sample Sample

Q Q Q S Si S2
£1m A 262 122 129 360 >110 112
£a0, A 594 182 194 514 — 163
D = £, A >140  >127  >136 245 150 158
V X 106 A3 >21.8 >2.8 >34 454 — 2.9
S X 10 A2 >55 >122 =288 798 — 12.3
Disorder parameters, %
on 1.1 1.5 1.5 0.8 — 1.0
an 1.9 2.4 2.3 16 — 2.5
02} 0 1.6 0.9 0 — 1.1
a2 1.0 0 0 0 — 1.1
o1 — — — 0.7 — 0
as — — — 0 — 4.2
— — — 0 — 4.2
® — — — 0 — 0
3 — — — 0 — 0

below those for the sample drawn at 80°C (Q2). The same applies to Sl
and S2.

(2) The ratio of lateral and axial dimensions DI00-DQQ, 1.87 and 1.47 for
the undrawn samples Q and S, respectively, drops to 0.96 and 0.95 for Q1
and Q2, and to 0.71 for S2. The drop is still more drastic for -Doio/LW’
from 4.25 for Q to 1.43 for Q1 and Q2, from 2.1 for S to 1.03 for S2. This
means that the drawing process substantially reduces the lateral dimen-
sions of the coherently scattering crystal blocks.

(3 By drawing, the volume ThooOoioOooi of the crystal block is de-
creased to 15% and 6% of the initial value for Q and S, respectively (data
for drawing at 80°C).

(4) There is no significant increase in the paracrystallino distortions
with drawing.

Longitudinal Crystallite Size from DSC Measurements

To a first approximation, the crystallite size can be determined from a
DSC measurement by using the well known Thomson equation

Tm= TnP(1- 2(rdDAH) @)

where Tnf is the melting point of the infinitely long perfect crystal; Tmis
the melting point of the crystal with thickness D = D!, <eisthe molar
longitudinal interfacial free energy; and AH is the enthalpy of melting
per mole of crystalline CH2groups. If the parameters in eq. (4) are all
known, one can derive D from the observed melting point Tmof the sample.
However, such an evaluation is not straightforward for drawn samples.
During the melting experiment crystals of drawn material thicken and
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givo rise to a higher melting point which is practically independent of the
original crystal thickness.1819 Therefore, the melting peak always occurs
at the same temperature (Tm~ 135°C) independent of the drawing tem-
perature.2

Bair and co-workersZ32recently showed the usefulness of irradiating PE
single crystals for the measurement of the correct melting curve and melting
point. The crosslinks caused by irradiation prevent recrystallization and

Fig. 1. 1JSC curves for sample QL before and after 7-irradiation with varying doses:
heating rate 2.5°C/min, 2-mg samples.

long-period growth of the single crystals during heating, an effect which
otherwise substantially influences the melting curve and shifts the melting
point to a higher temperature.

This technique was applied to the drawn samples. Figure 1 shows the
change in the DSC curve for the drawn quenched sample Q1 with increasing
radiation dose. The melting curve changes with increasing number of
crosslinks.  The apparent melting point Tmdecreases up to a dose of 30-50
Mrad and then remains constant up to 100-150 Mrad. With further in-
crease in dose, radiation damage lowers the melting point. (Fig. 2.) Similar
results have been published by Bair et ah,20 who found significant changes
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Fig. 2. Melting temperatures Tm(maximum of the SIIC curve from Fig. 1) for sample
Q1 as a function of dose after 7-irradiation.

in the thermal properties (melting point and heat of fusion) for single
crystals irradiated with doses exceeding 100 Mrad.

We have employed an empirical approach to derive the crystal thickness
D from the melting point of the irradiated drawn samples. Bair et al. 2324
have demonstrated a linear relation between the melting point Tm and
1L, the reciprocal of the long period. We believe, however, that in eq.
(4) the crystal thickness D rather than the long period L should be em-
ployed.* Using the data for the long period, heat of fusion, and the
melting point from Bair et al.2Z324 (see Table 1V), we have replotted their
data in a plot of Tmversus I/D (Fig. 3). The thickness D was derived
from eq. (1) with the crystallinity that would follow from the measured
heat of fusion and the density corresponding to this crystallinity. Figure 3
contains both plots, the melting point versus 1/L and versus I/D.

*The argument for employing D rather than L in eq. (1) are the following. The
two-phase sandwich model is accepted, the noncrystalline material will be located
mainly between the (001) surfaces of the crystals. Tight folds alone cannot account for
this large amount and therefore, loose loops, cilia (chain ends), and tie molecules will
contribute to this phase.z Only the chain segments located in the crystalline environ-
ment have the free energy density of the crystal state. The amorphous surface layers
have the value of the melt. Hence, one obtains for the free energy of the crystal

Fo= (Hc—TS,)p.Jj + (Ha—TSapl, + 2ae
Fa= (H, - TSJ(RD + RJ)

mnhere tre is the interfacial free energy of the layer with folded chains. Since AH/AS =
TP, one has for the melting point of the crystal with lattice thickness D

Tm=rnfp - (@&epd)]

Thus D, the crystal thickness, is the only crystal dimension that entersinto thisequation
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TABLE IV
Thermal Data on Single Crystals Irradiated with 50 \lrad*

Crystallization
temperature Long period Heat of fusion a from AH, D = Lapc/p,

To, °C L, A AH, cal/g % A Toms °
85 126+ o 57+ 2 84 106 A 125
90 145+ 6 50+ 2 87 126 A 128
95 178+ 15 57+ 2 84 150 A 131

aData of Bair et al.

We will apply the experimental plot of Tmversus I/D in Figure 1to the
evaluation of the crystal thickness. Assuming (1) that radiation damage
and the crosslinks introduced are the same in single crystals, in drawn, and
in undrawn bulk material and (2) that the lateral surface free energy can
be neglected, we can directly apply this plot obtained from single crystals
to derive the crystallite size of our drawn samples. The results shown in
Table V are similar to those in Tables 1l and 111.  We find D of the drawn
samples to be independent of the crystal thickness of the undrawn ma-
terial Do and the slight increase in Do with increasing drawing temperature.

Fig. 3. Melting temperatures Tm of y-irradiated polyethylene single crystals as a
function of the reciprocal crystal thickness (A’ = D), and the reciprocal long period
(X = L) from data of Bair et al.23
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TABLE V
Longitudinal Crystal Thickness from Melting Point Tm after Irradiation with 50 Alrad
Sample Tm, °C Q
Q 125 107
Qi 130 145
Q2 131 14
S 135 210
Si 130.5 140
S2 131 154
DISCUSSION

(Longitudinal) Crystal Thickness

The values for the crystal thickness D as evaluated by the three inde-
pendent methods are summarized in Table VI. Aside from the ca. 20%
lower values for the undrawn samples obtained from the DSC method, the
different approaches result in comparable values for D and the change in 1)
with drawing. The most striking effect is the strong decrease in D of
sample S after drawing (Si, S2). This set, of data is in excellent agreement
with the model of plastic deformation of partially crystalline polymers pro-
posed by Peterlin681214 on the basis of electron microscopyl-4 and
SAXS.5 11 It agrees with the conclusions that the microstructure of the
drawn fiber depends only on the drawing conditions (drawing temperature
and drawing rate) and is independent of the structure of the undrawn
material.

The values of D for the samples Q, QI, and Q2 are relatively constant.
This can be explained by the fact that plastic deformation at 60-80° C and
guenching from the melt result in similar values for the crystal thickness
D. If, for example, the quenched sample were annealed, resulting in a
substantial increase of the long period, drawing at 60°C would reduce the
long period to a value identical with that of QI and Si. The increase of
crystal thickness with increasing drawing temperature, as derived from
the SAXS experiments, is indicated by the increasing values from samples
Ql and SI to Q2 and S2. However the small temperature range does not
show this effect very clearly.

TABLE VI
Comparison of the Longitudinal Crystal Thicknesses Evaluated by Different Method,;
DWAS A Dose, A D=La A
Sample (Table V) (Table I11) (Table 11)
Q >140 107 120
Ql >127 145 136
Q2 >136 154 146
S 245 210 264
Sl ca, 150 149 133

S2 158 154 136
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Mosaic Block Size and Paracrystalline Distortions

Two further aspects of the WAXS data have to be discussed, namely the
crystal volume or the dimensions of the crystal mosaic blocks and the
lattice distortion in the crystals.

The interpretation of the WAXS data, as developed by Wilke, VVogel, and
Hosemann,Byields not only the longitudinal crystal thickness but also the
lateral dimensions of the crystalline mosaic blocks. Some crystallite
sizes are shown in Table IIl. These data indicate that a substantial de-
crease in the lateral dimensions of the mosaic block (DHwm) is caused by
drawing. All DHO values are reduced by a factor 2.0-2.5 in the case of
the quenched sample Q and by 3.0-3.2 in the case of the slowly cooled
sample S. This decrease in the mosaic block dimensions is related to a
substantial decrease in volume of the crystal block. The crystal volume
in the drawn samples is diminished to values about 15% (sample Q) and 7%
(sample S) of those in the undrawn samples. The absolute values of the
crystal volume of the drawn samples Ql, Q2, and SlI, S2 are comparable.

The existence of such small crystals in the drawn samples could be ex-
plained by fracture of the original mosaic blocks into smaller units. This
fracture might be caused by the high chain mobility in the destruction
zone, which also permits the blocks to change in thickness. By this
process we produce small crystalline blocks connected with each other by
tie molecules. 98- These interfibrillar tie molecules play an important
role in mechanical properties and shrinkage phenomena in drawn fibers.

Another interesting fact which can be gained from the WAXS data
summarized in Table Il is the nearly unchanged amount of disorder in
the crystals after drawing. One expects an increase in lattice distortions
caused by slipping and sliding of single chains or bundles of chain molecules
in crystalline blocks carrying defects (endgroups, sidegroups, folds, kinks,
etc.). That the lattice distortions do not increase can be understood as a
consequence of the high chain mobility during the process of deformation.
The mobility seems to be sufficient to cause complete rearrangement of the
crystalline blocks pulled out of the lamellae. This might be related to a
partial or complete melting of these small blocks initiated by the relative
increase in surface and the resultant contribution of surface energy and/or
by the stress concentration at these points causing an increase in tempera-
ture in the destruction zone.3L The rearrangement not only heals the dis-
order in the conformation of the chain molecules but additionally seems
to cause a kind of recrystallization. Otherwise it is difficult to understand
why the long period of drawn PE as a function of drawing temperature
agrees with the long periods of sufficiently well annealed single crystals.

In summarizing the data reported, we can say that they prove the con-
clusions drawn from SAXS pattern concerning the change in crystal thick-
ness after plastic deformation. The drastically reduced lateral mosaic
block dimensions and unchanged amount of lattice distortions support the
model of plastic deformation discussed by Peterlin.681214
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Crystal Deformation During the Growth of
Kink Bands in Oriented Polyethylene

RICHARD E. ROBERTSON,* General Electric Research and Development
Center, Schenectady, New York 12301

Synopsis

When oriented polyethylene is sheared at an angle to the orientation axis, kink hands
often develop and grow, with a resulting change of the crystalline orientation. Beside
the crystalline reorientation, the following changes within the kink bands have been
observed with wide-angle x-rays: (a) partial transformation to a monoclinic from the
normal orthorhombic unit cell: (b) partial alignment of the orthorhombic b axes;
(c) rotation of the orthorhombic ¢ axes of a fraction of the crystals around the kinks by
an extra 40 to 60° beyond that of the fibrils; and (d) misalignment of the orthorhombic
(hkO) planes by a few degrees. These results are suggested to arise, at least in part,
from crystal flattening and from crystal twinning or pseudotwinning on planes inter-
secting the molecular axes.

Introduction

Because of the small size of even extended chain polymer crystals, various
ingenious methods have had to be devised to study the mechanical proper-
ties of polymer crystals.  One successful approach has been the attachment
of the ca. 100 A-thick crystal lamellae to stretchable substrate films.1-3
This has allowed slip, twinning, and phase transformations to be studied in
deformations that leave the lamellae planar. Tor out-of-plane deformations,
the search for methods continues. We wish to describe a study in which
polymer crystals were flexed out of the plane by the growth of kink bands
in oriented polyethylene.

Kink bands often form when oriented polymers are deformed with a
different stress or along a different axis from that used to produce the
oriented state.45 A typical arrangement for producing kink bands, the
one used to produce those studied in this paper, is shown in Figure 1. A
piece of oriented film is gripped by a pair of clamps, which are shown in
outline in Figure 1, and sheared at some angle to the axis of orientation.
In Figure 1the axis of orientation, indicated by the parallel lines, is at 45°
to the shear plane. The displacement of the two sides of the specimen, as
indicated by the arrows in Figure la, usually results in the formation of
kink bands with the geometry shown in Figure 16. An electron micro-

*Present address: Scientific Research Staff, Ford Motor Co., Dearborn, Michigan
48121.
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graph of a typical kink band in polyethylene is shown in Figure 2. Notice
the symmetry and the sharpness of the band edges. The kink band extends
through the thickness of the specimen so the edges are where the pair of
kink planes intersect the surface. These planes are virtually perpendicular
to the surface in our experiments, as indicated in Figure 16, thus leaving
the film flat. Kink bands form in polyethylene with widths of 0.25 y. or
less and can grow to widths of 100 n or greater, while keeping the sharp
edges.5

According to Peterlin,6oriented polyethylene consists of fibrils that are
several tenths of microns in diameter and tens of microns long. The fibrils
consist of crystal blocks torn from the lamellae of the unoriented polymer
and stacked along the fibril axis with their fold surfaces together, thus
forming microfibrils. The crystal blocks are about 100 A in diameter7and

(a)
Fig. 1 (continued)
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Fig. 1. Arrangement used in present experiments to produce kink bands. The speci-
men, clamped as indicated in outline, is sheared along arrows in (a) and develops kink
bands as indicated in (6).

have lengths that depend on the drawing temperature and are presumably
something less than the small-angle x-ray repeat length, which varies from
165 A for cold-drawing to 255 A for hot-stretching at 120°C.S9 The
longitudinal strength of the microfibrils is postulated to arise from tie
molecules, i.e., occasional molecules that do not fold back into the crystal
but traverse the intercrystalline region and tie the crystal blocks together.
The lateral strength depends on van der Waals forces between neighboring
crystal blocks.

Thus, to be able to flex the orienteq crystals, the kink must have a
radius of curvature of the order of 100 A.  An electron micrograph of the
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boundary of a typical kink band in a polyethylene specimen sheared at 40°
to the axis of orientation is shown in Figure 3. We see that kinks can in-
deed have this small a radius of curvature.

Fig. 2. An electron micrograph of a kink band in which the fibrils have been rotated a
little more than 90°. The width of the band is 3.3

The deformation of the crystal blocks by the moving kink planes was
studied with wide-angle x-ray diffraction. Seto and Tajima4 made a
similar study, though because their kink bands formed during stretching
rather than shearing, their results and hence their interpretation were
somewhat different.
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Fig. 3. An electron micrograph of a kink band edge showing the sharpness of the kink.
The ridges perpendicular to the fibrils outside the kink band are from the alignment of
crystal blocks in adjacent micrifibrils and occur during annealing; the organization of
the crystal blocks represented by the ridges is lost within the kink band because of
microfibril slip.

Experimental

The polymer used was Marlex 6050 (Phillips Petroleum Co.), a high-
density polyethylene. This was pressed into sheets V2in. thick and
stretched about 700% after a 2-min exposure in a 135°C air oven. After
stretching, some films were annealed at 125°C, occasionally under 1500
psi pressure for 1 hr, though more often free for ¥ 2hr. The resulting film
was about 0.25 mm thick. We tried to prepare all specimens in a similar
manner, but variations in pressing the him, cooling it, heating it for draw-
ing, drawing it, and cooling it again caused some variations in behavior as
noted.

The shearing was done with the device described previously5 across a
gap of 0.5 mm. Three representative orientations of the specimen within
the shearing device were used, i.e., with a equal to 20°, 40°, and 60°, a
being the angle between the plane across which shearing occurs and the
axis along which the specimen had previously been stretched. There are
actually two orientations of the specimen in the shearing device with the
same angle a, one in which the fibrils tend to be elongated by the shearing
and the other in which the fibrils tend to be compressed. In the results
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to be described, the applied stress tended to compress the fibrils. After
shearing, the film was usually annealed again, free, for */2hr at 125°C.

For the wide-angle x-ray analysis the beam was usually directed normal
to the plane of the film. A 0.25 mm collimator was used, which allowed
the x-ray beam to sample a number of different kink bands. To be able to
show all of the diffraction arcs in Figures 4-7, we have had to reduce the
contrast between the intense (110) and (200) reflections and those outside
these by printing the two inside reflections at one-fifth the exposure used
for the others.

For the electron micrographs, a double replication procedure was used.
The first replica was of cellulose acetate and the second of platinum and
carbon. The shadowing for Figure 2 was done at 30° off the vertical;
that for Figure 3 was at 60° off the vertical.

(a)
Fig. 4 (continued)
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(b)
Fig. 4 (continued)

Results

The main results are indicated by the sequence of x-ray photographs in
Figure 4 taken before shearing, after shearing, and after annealing the
sheared specimen. Before shearing, the fibrils were oriented at 45° to the
vertical shear plane, from the upper left to lower right, as in Figure la.
The reflections in Figure 4a of principal interest are those on the equator,
the line from lower left to upper right perpendicular to the fibrils. The
planes that reflected the x-ray beam to these spots were, starting from the
inside, the orthorhombic (110), (200), (210), (020), and (310) planes.
This x-ray photograph, which was taken with the beam normal to the
surface, shows the reflections from the crystal planes that were slightly off
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©

Fig. 4. Wide-angle x-ray pictures of oriented polyethylene: (a) before shearing; (b)
after shearing; (c) after annealing of sheared specimen. The specimen was sheared at
40° to fibril axis. The x-ray beam was perpendicular to specimen plane.

the perpendicular to the film plane. The relatively higher intensity of the
(020) reflection compared to the adjacent (210) and (310) reflections indi-
cates that the crystals tended to be oriented with their a-axes perpen-
dicular to the film plane, presumably a result of annealing this specimen

under pressure.1011

Shearing produces the x-ray pattern in Figure 45. With the formation

and growth of the kink bands, the fibrils and the crystals within them have

been rotated counterclockwise by 90°, so that the fibrils are again at

roughly 45° to the vertical as in Figure 15. In addition to the 90° counter-

clockwise rotation of the x-ray pattern, the following features are apparent:

(@) the reflections have become smeared: (b) an extra reflection appears
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Fig. 5. Experiment showing that the crystals are preferentially aligned with their fa
axes normal to the specimen plane.

inside the (110) reflection [according to Iviho et- al.Rthis reflection is from
the monoclinic (001) plane]; (c) the (110) reflection has decreased in in-
tensity relative to the (200) reflection, and the (020) reflection has de-
creased relative to the (210) and (310) reflections; (d) the main (110),
(200), (210), (020), and (310) reflections are no longer in a straight line
but are variously displaced from a straight line by a degree or so [The (200)
reflection is seen in a less exposed photograph to be more toward the hori-
zontal than the others and the (020) reflection is seen to be more toward the
vertical than the others]; (e) another set of reflections occurs, appearing
further rotated counterclockwise than the fibrils. The angles to which
these reflections are advanced depend on the reflection: the new mono-
clinic (001) reflection is the most advanced, the orthorhombic (110) second,
and the (200) third.

As Figure 4c shows, annealing the sheared specimen Iras sharpened the
reflections and caused the monoclinic reflections to disappear. However,
the change in relative intensity from that observed before shearing, the
lack of alignment of the main reflections, and the advanced reflections
persist.

To investigate these results in more detail and to observe the effect of
shearing on angle, we sheared specimens with three different angles Ire-
tween the shear plane and the orientation axis, 20°, 40°, and 00°. In
general, the kink band followed the plane of maximum shear stress within
+10°. As a result, the fibrils rotate about the kink by an angle within
+20° of 2(90° - a).

The change in relative intensities between Figures 4a and 4c suggests
that the passage of the kink planes through the specimen has caused the b
axis to become preferentially oriented perpendicular to the specimen plane.
To check this the specimens were examined with the x-ray beam parallel
to the c axis of the reoriented crystals and with the beam perpendicular to
the c axis but at acute angles to the specimen plane. All showed the b axis
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ADVANCED

Fig. 6. (a) In x-ray picture of specimen sheared at 40° to the orientation axis and
annealed. The x-ray beam was perpendicular to the specimen plane, (b) Diagram
showing (WO) x-ray reflections before and after shearing.
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ADVANCED

Fig. 7. (a) An X-ray picture of specimen sheared at 60° to the orientation axis and
annealed. The x-ray beam was perpendicular to the specimen plane. (b) Diagram
showing (hkO) x-ray reflections before and after shearing.
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to be oriented perpendicular to the specimen plane. Figure 5 gives results
from rotating the specimen about the ¢ axis within the kink band until the
angle between the specimen plane normal and the x-ray beam was 11.5°.
Since the Bragg diffraction angles for the (110) and (200) planes are 10.8°
and 12.0°, respectively, tipping the specimen by 11.5° allows the beam to
sample crystals having the following four orientations: a (110) plane
almost perpendicular to the film plane; a (110) plane tipped 23° from this;
the (200) plane plane almost perpendicular to the film plane; and the
(200) plane tipped 23° from this. The results shown in Figure 5, which
are for a specimen that had been sheared at 40° and annealed, are typical.

The amount of 6 axis alignment did not depend especially on the angle
at which the specimen had been sheared. Nor did it depend on whether
the specimen had been pressed before shearing, which tended to align the
a axejs perpendicular to the specimen plane, or whether the a axis and b axis
had been random about the c axis. The principal variable was the tight-
ness of the kink, which seemed to depend on the preparation and drawing
of the specimen and the rate at which it is sheared.

TABLE |
Tilting of the Main Reflections

Advancement of reflection beyond (020)

Angle betjyeen reflection

Reflection , plan§ normal
plane and1020) a=20° a = 40° a = 60°
(110) 33.69° — 1.3°
(210) 53.13° — 2.0°
(200) 90.00° -2.5° 2.3°

The tilting of the (MO0) reflections indicates that crystals with different
a-axis and 6-axis orientations had been rotated around the kink by different
amounts. The tilting of the (MO0) reflections seemed to depend on the
angle between the shear plane and the axis of orientation. The results for
the three differently .sheared specimens are given in Table | for the reflec-
tions that could be measured. We note a reversal in tilt in going from
a = 20° to a = 40°. Flowever, in no case was the tilting very great.

The advanced reflections seem to come from crystals that have rotated
further around the kink than the fibrils. The x-ray photographs of two
specimens, one sheared at a = 40° and the other at a = 60°, are shown in
Figures 6 and 7. Although somewhat smeared, even after annealing, the
(110) and (200) advanced reflections are seen to maximize at particular
angles, and the angles are different for the two reflections. The accom-
panying diagrams show the (MO) reflections of the specimens before shear-
ing and the main and advanced reflections obtained from the counter-
clockwise rotation. We note that the (110) and (200) advanced reflec-
tions have been rotated significantly further than the main reflections.
However, no fibrils having these orientations are visible in the microscope.
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TABLE 11
Advanced Reflections

Angle between main and advanced reflection

a (200) (110) Monoclinic 001
40° 35° 48° 53°
60° 42° 64° _

The intensities and positions of the advanced reflections strongly depend
on the angle at which the specimens were sheared. For the specimen
sheared at 40°, we estimate the intensities of the advanced reflections to be
roughly 20-30% of the intensities of the main reflections, and for the
specimen sheared at 60°, we estimate the intensities of the advanced re-
flections to be roughly 10% of the intensity of the main reflections. How-
ever, for the specimen sheared at 20°, no reflections appeared that were
advanced from the main reflections. The average angles between the
advanced and main reflections are listed in Table II. Although there is
slight variation in these angles between different specimens sheared at the
same angle, this variation is considerably less than that between the speci-
mens sheared at different angles.

Discussion

Avariety of deformations are represented in these results.  Of particular
interest are those causing (a) the occurrence of the monoclinic unit cell,
(b) the partial alignment of the 6 axis perpendicular to the specimen plane,
(c) the rotation of some of the crystals further around the kink than the
fibrils, and (d) the tilting of the rest of the crystals. The simplest explana-
tion for the monoclinic unit cell and the 6-axis orientation is that they
result from crystal flattening. An explanation of the extra rotation and
tilting is that they result from the occasional twinning of the crystals on
planes intersecting the chain axis, though this explanation is required less
for the tilting than for the extra rotation.

Seto et al.Bhave found that both the 6-axis alignment and the trans-
formation to the monoclinic unit cell occur when the oriented polyethylene
is compressed transversely to the orientation axis. They found that after
compressive strain of just a few per cent, the orthorhombic a axis tended to
become aligned with the compressive stress. And after 10-20% strain the
orthorhombic unit cell started to be replaced by a monoclinic cell. An-
alogous deformations could possibly arise from the growth of kink bands
if the crystals, as they sweep around the kink, were to flatten in response
to the flexural stress in the kink. This kind of flattening would align the
a axis parallel with the plane of the specimen, making the 6 axis normal to
the specimen plane, and this is the orientation observed.

The rotation of crystal chain axes further than the fibrils, which has not
been previously reported, is believed due to the occasional crystal twinning
or pseudotwinning about planes intersecting the chain axis. First, the
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Fig. 8. Diagram showing how advanced and tilted crystal reflections might arise from
twinning. The tie molecules tending to hold the fold planes of adjacent crystals to-
gether are assumed to be stronger than lateral bonds.

occurrence of reflection maxima at different orientations for each reflection
suggests a deformation with the definiteness of twinning. The trans-
formation of a crystal to a twin about a plane intersecting the chain axis
would involve a definite and uniform slip along the molecules on all planes
parallel to the chain axis. Second, the twinning about a plane intersecting
the chain axis in an occasional crystal can lead to extra reflections if the
tie molecules linking twinned and untwinned crystals along the micro-
fibrils remain taut and if the direction in which the twinned crystals are
tipped is such as to make the twinned crystals appear as though they had
been rotated further than the fibrils. Figure 8 is an attempt to show how
this might work.  Third, crystal twinning would be a natural deformation
of the crystals by the growing kink band. Although twins are often
thought to be unlikely because they usually represent a large distortional
energy in the crystal, we wish to emphasize with Seto and Tajima2that
the energy represented by twins in the small, imperfect polymer crystals is
not the same as is represented by twins in large, relatively perfect crystals.
Moreover, the small size and general imperfection of polymer crystals
suggests the possibility of pseudotwins, twins that violate some of the
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normal geometrical restrictions on the orientation of the twin planes.
In any case, twins or twinlike structures that intersect the chain axis are
often seen in extended-chain crystals. For example, they are clearly
visible in five different photographs in a recent paper by Wunderlich and

Melillo; X in Fig. 17a of that paper, at least three differently oriented twin
or twinlike planes occur in a single crystal.

The tilting of the rest of the crystals has not been reported previously
either. Its cause is uncertain. It may result as a reaction to the twin-
ning—the advanced and main reflections are tipped oppositely. But the
smallness of the angles of tilting relative to the breadths of the reflection
arcs allows numerous other possibilities as well.

We wish to acknowledge helpful discussions with our colleagues at the GE Research
and Development Center, especially D. G. LeGrand and F. P. Price. We wish also to
express our appreciation to J. S. Humphrey for his help in measuring the optical densities
of some of our x-ray films, to W. J. Barnes for his expert help with the electron micro-
graphs, and to W. G. Dorfeld who obtained the better x-ray pictures.
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Properties of Ethylene-Propylene-Vinyl Chloride
Graft Copolymers. 1. Viscoelasticity of
Ethylene-Propylene Copolymers

J. BARES,* Istituto di Chimica Industriale del Politecnico
di Milano, Milano, Italy

Synopsis

The viscoelastic behavior of two different ethylene-propylene copolymers was studied
as a function of the molar ratios of the components and the distribution of the lengths of
the ethylene and propylene sequences. The glass transition temperatures Taagree with
the values calculated from relations between T, and component ratio established by other
authors. The copolymer with longer ethylene and propylene sequences was found to ex-
hibit a relaxation spectrum with a slope less steep than —0.5. This broadening is ex-
plained by the broader distribution of friction factors of the statistical segments in this
copolymer and by differences in crystallike nearest-neighbor packing.

INTRODUCTION

Ethylene-propylene copolymers have been a subject of interest since their
first preparation.1 Many authors have studied both the relations between
structure and properties and the applications of these copolymers. In rela-
tion to the polymerization conditions and the monomer unit distribution in
the macromolecular chain,2-6 the amount of the crystalline phase was stud-
ied by x-ray diffraction,6-8 infrared spectrometry,9-11 calorimetry,78 1L and
volumetric measurements.12-14

The structure of amorphous solids is not well established. It is assumed,
however, that there may be some differences in the nearest-neighbor pack-
ing. This packing seems to depend on the chain structure in the case of
polymers. It is known that by changing the structure of the macromolecu-
lar chain, we can pass continuously from a crystalline or semicrystalline
system to a completely amorphous one.

The great majority of studies on the crystallinity of ethylene-propylene
copolymers deals with polyethylene containing very small concentrations of
methyl side groups as discussed by Swan,Band by Wunderlich and Poland.8
Another group of authors studied the structure of true ethylene-propylene
copolymers with ethylene sequences sufficiently long to achieve a crystal-
linity at least of a few percent.4-8' 11124 (Molecular mobility has been in-

* Present address: Department of Chemistry, Rensselaer Polytechnic Institute, Troy,
New York 12181.
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vestigated by NM R, 16d7viscoelastic, 1820volumetric12-14 2Lmethods. How-
ever, the composition of the copolymers has been usually characterized
merely by the ethylene-propylene ratio in papers dealing with the glass
temperature131921 and viscoelasticity.1820

In the present study, an attempt has been made to relate viscoelastic
properties of the copolymers to a more detailed knowledge of the chain
structure.

EXPERIMENTAL

Two types (A and B) of ethylene-propylene copolymers were prepared in
the Monteeatini Edison pilot plant by using vanadium and aluminum alkyl
catalysts, respectively.

According to the x-ray analysis, neither copolymer exhibits a crystalline
phase (Fig. 1). The properties of both copolymers are summarized in
Table I.

The samples (125 X 20 X 3 mm) for the viscoelastic measurements were
cut from sheets 3 mm thick, molded at 140°C. Measurements of stress re-
laxation at temperatures ranging from —77°C to about 80°C were per-
formed on an Instron tester.  The deformation of the samples was a few

Fig. 1. X-ray diffraction patterns of copolymers A and B obtained with a Oeiger-
Miiller counter.
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per cent, in the glassy state always under 1%. A dial-gauge caliper was
used to measure the deformation within £1%.

Characterization of the Chain Structure

The method of infrared spectrometry developed by Tosi et al.Denables
one to calculate the ratio w = fu/fn of the number of ethylene-propylene
bonds to the number of ethylene-ethylene bonds, or the product rjn of the
reactivity ratios n and r> from the infrared absorption bands at 1155 cm-1
and 975 cm-1. Making use of this information, together with the molar
ratio/ of propylene to ethylene, we can obtain the chain growth probabilities
Pik (Table I11). The P ik express the probability that during the copoly-
merization chain growth the next unit to be attached to tire previous mono-
mer unit of kind i of the growing chain is a monomer k, i, k = 1,2, where
1denotes ethylene and 2 propylene.

From published210 expressions for P ikw, and jir2

Pn = nF/(nF + 1) 1)
Pi2=1- Pn 0)

Pn = F/(F + r) ©)
P2=1- Pn 4)

w = UIi'F (5)

nn o= Al b ®)

where F is the molar ratio of ethylene to propylene in the feed mixture, we
obtain for the probabilities:

Pn = 1/1 + w) @)
Pn = 1/0we + 1) (8)

The following distribution functions can now be calculated: the percent-
age Pi{n) of sequences of units of monomer i versus the sequence length n
and molar percentage x t(n) vs sequence length n.

TABLE 1l
Growth Probabilities in Copolymerization

Average sequence length

Number-average Weight-average

Pro- Pro-
Ethyl- Fy- Ethyl-
Pn Pn Pii Pa ene lene ene ene

Copolymer A 0.259 0.741 0.514 0.4.56 1.35 194 170 2.88
Copolymer B 0.425 0.575 0.490 0.510 1.74 2.04 248 3.08
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According to Natta et al.1 we have
PM = 100ftPi?-IP ik 9
xM =100/"V-~Vn (@(0)

where/, stands for the total molt: fraction of the ¢;th monomer Table 111).
Tor the average length of sequences, we obtain from eq. (9)4

Z)inpM 1 (|D
EIPM
where n, is the number-average quantity. The weight-average nwi is4
TMPM _ 1+ pPg
(12)
EinPM 1“ Pu

Fig. 2. Modulus E(t0) of A copolymer vs. temperature at various U: (A) 10 see; (*)
1()2see; (1) 103see.
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For the problem of nearest-neighbor order it is useful to know also the
molar fraction or percentage of ethylene or propylene sequences equal to or
longer than a certain integer limit «

The corresponding summation

Pt(h > A= HkxM) (13)
gives
<pin > k) = 100tikpik + P AP A~ (14)

This result is the same as that given by Ring4and by Tosi;2however, it

is different from that reported by Jackson.3

RESULTS

The plots of temperature dependence of the relaxation moduli K(tn) (Figs.
2 and 3) show that there is a difference in slope in the main transition region

Fig. 3. Modulus E(t0) of copolymer B vs. temperature at various t0. (A) 10 sec; ()

102sec; (r) 103sec.
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log t (sec)

Fig. 4. Modulus Er(l) of copolymer B; (1) -77.3°C; (2) -73.0°C; (J) -70.0°C;
(4) -6S.0°C; (5) —65,7°C; (ff) -64.5°C; (7) -63.0°C; (S) -61.0°C; (9 -5«J.()°C;
(70) —56.»°C; (11) —U2.0°C; (72) -49.0°C; (7)) -47.0°C; (7)) -43.0°C; (15)
—40.0°C; (76) —37.0°C; (17) -31.0°C; (IS) -16.0°C; (79) -13.0°C; (20) 9.0°C;
(21)25.0°C: (22) 47.0°C; (&J)»1.00C: (2.))«6.0°C; (25)77.0°C.

for the two copolymers. It seemed interesting therefore to try time-tem-
perature superposition and to calculate the relaxation spectra.

To adjust the compliances to the glassy state value throughout the region
where the Kinetic theory of elasticity ceases to apply, Ferry and Fitzger-
ald2”Bproposed the empirical formula

IR LI

- Lt-Bpo +gl o\ (25)
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25

log t (sec)

Fig. 5. Modulus E, (t) of copolymer A: (1) - 77.0°C; (2) -74.0°C; (3) -73.0°C;
(4) —71.0°C; (5) —69.0°C; (tf) -67.0°C; (7) -65.0°C; (S) -63.0°C; (9) -59.0°C;
(10) —07.0°C; (77) -61.U°C; (12) -57.0°C; (7S) -.j4.0°C; (14) -.>0.0°C; (15)
—43.0°C; (76) —36.5°C; (17) -31.0°C; (7S)-1S.0°C; (79) - 12.5°C; (20)-3.4°C;
(21) 12.5°C; («)23.5°C; (&?)30.7°C; (24)40.0°C; (25) 02.0°C; (20) 59.0°C.

where J and./, are the measured and the reduced compliances, respectively,
T is the temperature, p the density, and ./,, is the compliance in the glassy
state. The formula, essentially, makes use of a linear interpolation of the
reduction factor between the values 1 and Tp/TQmo as a function of J,,/J.
By analogy, a reduction formula for relaxation moduli was constructed,
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TABLE IV
Data from Viscoelasticity
(Hass
tran5|t|pr_1 Data from WLF equation best fit for T = r,
temperai lire
T, °C s Gopll o af
Copolymer A -64 14 31 0.033 0. 00O
Copolymer B -60 11 37 0.029 0.0007N

a Coefficients of WLF equation.
hFractional free volume.
1 Thermal expansion coefficient of the fractional free volume.

Fig. 6. Time-temperature superpositon shifts ar vs. temperature for copolymer A.
The curve represents the best fit according to the WLF equation. The length of the bai-
Is twice the standard deviation of the best fit.
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Fig. 7. The time-temperature superposition shifts ar vs. temperature of the copolymer
B. The curve represents the best fit according to the WLF equation. The length of the
bar is twice the standard deviation of the best fit.

which also interpolates the reduction factor for between unity and TapJT p
as a linear function of E/E,,:

Here, E and E rare the modulus and the reduced modulus, respectively, and
subscript g denotes the values in the glassy state.

The curves were superposed to the temperature T j, i.e., to the tempera-
ture where the modulus E (10 sec) = 109dyne/cm2 (Figs. 2, 3, Table IV).
The dilatometrie TKmay be expected to be about four degrees lower.13
From the superposition shifts of the reduced moduli Ex(t) (Figs. 4 and 5),
the WLF coefficients corresponding to T twere obtained by the least-squares
method (Figs. 6 and 7) by using the IBM 7040 computer.Z The deviations
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Fig. 8. Master curves for copolymers A and B. Data for A reduced to Ti = —64°C,
for B reduced to T, = —60°C.

of individual points from the calculated curve seems to be caused by errors
in the measurements of temperatures and deformations. The standard
deviation gwas calculated according to the usual formula

I= [(X logaT- logdr.cac/(a —3)u2 17)

where log aTis given by the superposition shift, 10g a T aic is the value calcu-
lated from the best fit, and n is the number of curves superposed.

From the master curves (Fig. 8), which also reveal the differences be-
tween the copolymers, the spectra of relaxation times were calculated on an
IBM 7040 computerZ making use of the second approximation of Schwarz|
and StavermanaB(Fig. 9). The computer calculation has been described by
Hopkins.®
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DISCUSSION

Structure of the Copolymers

The specfic-volume calculation assuming volume additivity gives values
higher than were found experimentally for our copolymers (Table I) This
suggests that, in spite of the negative x-ray characterization (Tig. 1), there
exists more dense packing in comparison to “amorphous” ethylene and
propylene for which Tinning et al.2give values 1.170 and 1.70 cc/g at 25°C,
respectively. In addition, using for crystalline polyethylene a value of
1.001 cc/g at 25°C,2we can estimate the average crystallinity of our sam-
plesto about 0.7%. A value of the same order, i.e., 1%, may be found from
the experimental data of Ring4and the X-ray analysis of Cantow.7 The
same value is found only for the B copolymer from the experimental data of
Jackson.5

If the crystalline phase is to be observed by x-ray diffraction, a sufficient
concentration of ethylene sequences equal or longer than 11 units is needed.
Ring4and Jackson6gave a lower limit of 8 units as reasonable for crystalline
nearest neighbor packing. Our B copolymer is found to contain about
0.7% of ethylene sequences longer than 7 units <pik > 8), i.e., of the order
mentioned above. Tor the A copolymer, the number yuffc > 8) is more
than ten times lower (Table I11). Unfortunately, the supposed percentage
of crystallinity in our copolymers is under the sensitivity limit of ordinary
methods. The results of others3612refer to higher crystallinities, and we
could make only rough extrapolations of their data to our case.

Glass Transition Temperatures

The glass transition temperatures (Table 1V) found by us are in agree-
ment with the composition versus Tgcurve given by Ulers.2L Agreement
can also be obtained with the data of Baccaredda et al., 1 if we make the
necessary correction or shift of their high frequency (ca. 10Hz) measure-
ments.  Our results therefore reveal that the glass transition temperature
seems to be a function only of the ethylene-propylene ratio with sufficient
accuracy for those copolymers which do not contain a crystalline phase. To
our knowledge, there are no data available on T,, with constant ethylene-
propylene ratio but varying chain statistics.

Relaxation Spectra

It is usually assumed2633Lthat the relaxation spectra of copolymers are
shifted with the change of the ratio of components but do not change their
shape. In our case, however, the shape of the relaxation spectra of polymer
B differs considerably from the usual box-wedge shape of the spectra of co-
polymer A (Tig. 9). To explain this difference, three hypotheses may be ad-
vanced :

(@  Considering the osmometric and viscometric molecular weight av-
erages, copolymer B seems to have a broader distribution of molecular
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weights (Table I). A broad distribution of molecular weights has been
found to cause the observed change of relaxation spectra.3

(b) Since copolymer B has a broader distribution of sequence lengths for
both ethylene and propylene, we may expect a wider variety of nearest
neighbor interactions, mobilities and/or friction factors of the statistical
segments of chains in copolymer B. This effect can bring about the flat-
tened distribution of relaxation times.

() The higher, though very low, concentration of longer ethylene se-
guences in copolymer B can be expected to cause islands of more dense pack-
ing in the copolymer structure. This structural change may bring about
the slightly flatter relaxation spectra corresponding to the broad transition
region in semicrystalline polymers.

The limited extent of our experimental data do not allow us to choose un-
equivocally among the three above mentioned alternatives. Because of the
similar conditions of preparation it seems that the difference in molecular
weight distributions is unimportant and that the different monomer se-
quence distributions are probably the major cause of the differences among
relaxation spectra.

The author wishes to thank Professor M. Pegoraro for valuable discussions, Professor
F. Severini of Montecatini Edison for copolymer samples and Dr. G. Gianotti of Monte-
catini Edison for the measurements of molecular weight. The financial support of the
Consiglio Nazionale delle Ricerehe is gratefully acknowledged.
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Properties of Ethylene-Propylene-Vinyl Chloride
Graft Copolymers. Il. Viscoelasticity and
Composition of Graft Copolymer and Composite

J. BARES* and M. PECIORAROQO, istituto di Chimica Industriale
del Politecnico di Milano, M Unno, Italy

Synopsis

The viscoelasticity and volume expansion of the raw polymerizate of ethylene-propyl-
ene copolymer with vinyl chloride grafts, and of the individual components has been
studied. The raw polymerizate (composite) and the pure ethylene-propylene-vinyl
chloride graft copolymer were found to consist of two phases. The pure graft copoly-
mer has an ethylene-propylene matrix containing some fraction of poly(vinyl chloride)
(PVC) grafts and a microphase with the remainder of the PVC grafts. The raw poly-
merizate consists of a PVC matrix plasticized with ethylene-propylene chains and a mi-
crophase of the ethylene-propylene copolymer. An attempt has been made to calcu-
late the participation of components in microphases and the minimum dimension of the
PVC microphase aggregates.

INTRODUCTION

A particular ethylene-propylene copolymer with vinyl chloride grafts was
studied in detail because of its very good impact strength.1 The raw poly-
merization product (composite) with optimal resilience properties at room
temperature contained about 87% poly (vinyl chloride), 5% ethylene-pro-
pylene copolymer, and only 8% of ethylene-propylene copolymer with
vinyl chloride grafts. A simple mixture of ethylene-propylene copolymer
with poly (vinyl chloride) does not have outstanding impact strength. As
the ethylene-propylene copolymer and poly(vinyl chloride) are incompati-
ble, the difference in impact strength was explained by the inhomogeneity of
the simple mixtures. In the copolymerizate, the ethylene-propylene-vinyl
chloride grafted copolymer increases the microhomogeneity of the system
because the grafted molecules are compatible with the other components.

The dynamic mechanical properties of the composite and the individual
components were studied previously.2 The pure ethylene-propylene-vinyl
chloride copolymer and the corresponding mixture were found to exhibit not
only the transition region at low temperature characteristic of the ethylene-
propylene component or the ethylene-propylene-vinyl chloride copolymer,

* Present address: Department of Chemistry, Rensselaer Polytechnic Institute,
Troy, New' York 121X1.
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but also the high-temperature transition corresponding to the poly(vinyl
chloride) microphase.2

In the present paper, further study of the pure graft copolymer and the
composite is described. To obtain more detailed information about the
effect of the individual components in the copolymer and composite, both
stress relaxation and dilatometrie measurement were made.

EXPERIMENTAL

The ethylene-propylene copolymer is copolymer A in the previous paper.3
The copolymerization of the composite has been described elsewhere.12
It contains about 7.7% ethylene-propylene copolymer, 86.3% poly (vinyl
chloride), and 6% ethylene-propylene copolymer with PVC grafts. The
individual polymers and copolymers studied here were obtained from the
composite by fractionation.2 They were all soluble and contained no cross-
linked fractions. The composition is given in Table I.

All the materials containing vinyl chloride were stabilized by the addition
of 3% of dibutyl lead(ll) stearate. The PVC and composite were molded
at 180°C and the pure grafted copolymer at about 165°C. Samples for
dilatometry were prepared by the same procedure.

Stress relaxation measurements were performed on the Instron Tester

Fig. 1. Modulus E(ft) of the grafted copolymer vs. temperature at various i0: (1) 10
sec; (+) 10+sec; (A) 10s.sen.
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Fig. 2. Reduced modulus E,(t) of the grafted copolymer: (1) —70.0°C; (2) —68.0°C,
(3) —66.0°C; U) —64.0°C; (5) -62.0°C; (ff) -60.0°C; (7) -58.0°C; (ff) -56.3°C;
(9) —54.5°C; (10) -52.5°C; (l1) -48.0°C; (12) -50.0°C; (I13) -44.0°C; (14)
—42.0°C; (15) —40.0°C; (Iff) -38.0°C; (17) -36.0°C; (Iff) -34.0°C; (19)-32.0°C;
(20) —30.0°C; (21) -27.0°C; (22) -24.0°C; (23) -21.0°C; (24) -18.0°C; (25)
—15.0°C; (26) —12.0°C; (27) -7.0°C; (28) -4.0°C; (29) 0.0°C; (30) 10.0°C;
(31) 5.0°C; (.32) 10.0°C; (;33) 20.0°C; (34) 31.0°C; (.35) 39.0°C; (.3ff)50.5°C; (.37)
59.0°C; (38) 68.0°C; (39) 80.5°C; (40) 89.0°C; (41) 100.0°C; (s2) 109.8°C; (43)
119.2°C; (44)130.")°C; (a5) 139.2°C.

over tire temperature range from —77°C to +1G0°C. The deformation in
the glassy state was always under 1%.

The dilatometric measurements were made in mercury-filled dilatometers
heated at a rate of about —0.2°C/min.

RESULTS

Viscoelastic Study

Pure Ethylene-Propylene Vinyl Chloride Grafted Copolymer. The re-
laxation modulus ¢ ’¢Q (Fig. 1) shows not only the main transition region at
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Fig. 3. Time-temperature superposition shift ar vs. temperature for the grafted co-
polymer. The curve is the best fit of experimental values calculated from the WLF
equation. The diameter of the circles is twice the standard deviation of the best fit.

about —56.5°C, but. also the high temperature transition attributed to the
mierophase of PVC grafts.2 The stress relaxation data were reduced to the
glass transition temperature (Fig. 2) by using the relation discussed else-
where.3 An attempt has been made to construct the master curve by time-
temperature superposition. The optimal WLF constants for the shifts
found experimentally were calculated (Table I) by the least-squares itera-
tion method4 on an IBM 7040 computer. Above —4°C (Fig. 3), corre-
sponding to the curve (#4) in Figure 2, the standard deviation of the best fit
began to rise quickly, indicating that the WLF equation ceases to apply
above this temperature. At slightly higher temperatures, the curves Er(t)
have such a shape that they do not match when horizontally shifted.
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log t(sec)

Fig. 4. Master curve for the graft copolymer. All curves were superposed to the tem-
perature —56.5°C according to the W LF equation fitting the low temperature part.

Fig. 5. Relaxation spectra of (t) graft copolymer and (2) PVC.

From the incomplete master curve (Fig. 4) part of the relaxation spectrum
nas betm calculated on the IBM 7040 computer by making use of the
Schwarz 1-Staverman second approximation (Fig. 5).

The method of calculation is discussed elsewhere.34

Polyvinyl Chloride. As in the previous case, from the superposition of
reduced e r(t) curves (Fig. 6) the WLF coefficients were calculated by the
least-squares method (Fig. 7) from the master-curve superposition. Though
it is incomplete, the relaxation spectrum calculated from the master curve
exhibits a box-wedge shape (Fig. 5).

Composite. The relaxation modulus E (t0) versus temperature (Fig. 8) of
the composite was found to exhibit two transitions. One at about —64°C
corresponding to the ethylene-propylene component, and the high-tem-
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log 1 (sec)

Fig. 6. Reduced modulus Er(t) of the PVC component: (1) 77.1°C; (g) 77.9°C; ()
80.0°C; U) 80.8°C; (5) 82.2°C; (0) 83.3°C; (?) 83.9°C; (8) 85.0°C; (9) 87.1°C;
(10) 93.3°C; (it) 97.5°C; (10) 98.7°C; (1,1) 100.0°C; (14) 104.9°C; (1,5) 111.0°C;
(1d) 114.0°C; (17) 118.0°C; (IS) 120.0°C.

perature transition due to the poly (vinyl chloride) component. The glass
transition temperature Tt of the major PVC component estimated from
the point log E (10 sec) = 109dyne/cm2(Fig. 8) is lower than Tt of the pure
poly (vinyl chloride) (Table I). The adjusted relaxation modulus curves
(Fig. 9) do not match when horizontally shifted. Hence time-temperature
superposition is not possible.

Dilatometric Measurements

The temperature dependence of specific volume for the copolymers and
composite is given in Figures 10-13. The ethylene-propylene-vinyl chlo-
ride grafted copolymer (Fig. 12) exhibits a slight change of slope at about
70°C, corresponding to the transition of poly(vinyl chloride). The com-
posite exhibits a change of slope at about 75°C (Fig. 13). The transition,
though at lower temperature than that of PVC (Fig. 11, Table I), corre-
sponds to the glass transition of the major PVC component. It has been
shown that the transition temperatures T ( estimated from the modulus E
versus temperature (Table 1) are about 4°C higher than the dilatometric
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Fig. 7. Time-temperature superposition shift ur vs. temperature for the PVC component.
The length of bar is twice the standard deviation of the best fit.

_5° 0 50 100 150
T(°C)

Fig. 8 Modulus E(t0) vs. temperature for the composite at various i0: (i) 10 sec;
(+) 102sec; (r) 103sec.
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w24

log t (sec)

Fig. 9. Modulus E(t) of the composite: (1) 71.3°C; (2) 73.7°C; (3) 74.7°C; (4)
76.7°C; (5) 78.0°C; (6) 79.7°C; (7) 81.0°C; (8) 82.0°C; (9) 83.3°C; (l10) 87.7°C;
(11) 84,S°C; (12) 90.0°C; (13) 94.2°C; (14) 98.0°C; (15) 106.6°C; (10) 110.0°C;
(17) 115.0°C; (IS) 123.2°C (1.9) 129.5°C; (20) 134.5°C; (21) 140.0°C; (22) 146.8°C;
(23) 156.0°C; (24) 166.0°C.

Tg® As our experiments gave the same differences at the high temperature
transitions, we anticipated, as a rough estimate, T, = Tt—4°Cforthe sam-
ples for which the dilatometrie data were not available (Table I1).

DISCUSSION

Viscoelasticity

The presence of a poly (vinyl chloride) microphase in the grafted copoly-
mer manifests itself not only by the slight step on the modulus-temperature
curve (Fig. 1) but also as a deviation from the WLF equation (Fig. 3) and
failure of time-temperature superposition. On making further superposi-
tion shifts as calculated from the low temperature transition T,,, the dis-
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TABLE 11
Dilatometrie Data
Transition Specifi
temperatures Volume expansion coefficients pecimc
T,, °C « X 104 volume
at 25°C,
TOia FQg T< T, Ti<T< b\, T>Tfi cm¥g
Ethylene-propylene
copolymer Ab -68.0e 2-5d 14.7 1.161
Polyvinylchloride 80.0 — 6.0 8.9 0.720«
Ethylene-Propylene-
Vinyl-chloride
grafted copolymer -60.0« 70.0 15.0 16.3 1.045«
Composite -68.0« 7.3.0 — 8.1 9.5 0.771«

“ Subscript | stands for transitions controlled by ethylene-propylene, subscript 2 for

those controlled by PVC.
b See previous paper.3
cRough estimate according to the relation T, = 7?3 —4°C.5

dEstimated.
* Recalculated value for pure system without 3% of stabilizer with specific volume

0.47 cm¥g.7

50 100
T(°C)

Fig. 10. Specific volume of ethylene-propylene copolymer vs. temperature.
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Fig. 12. Specific volume of ethylene-propylene copolymer with polyfvinyl chloride)
grafts vs. temperature.
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Fig. 13. Specific volume of the composite vs. temperature.

crepancy is apparent (Fig. 4). It is interesting to note that the time-tem-
perature superposition worked very well at lower temperatures, although
the systems seems to be heterogeneous. This was rendered possible by at
least two favorable factors: (1) the low fraction of the PYC microphase, (2)
the rigidity of the PVVC microphase at these temperatures.

Because of the failure of superposition at higher temperatures, it was im-
possible to obtain the long-time part of the spectrum of relaxation times
(Fig. 5) which might give some information about the character of grafting.

The trend of the transition temperatures (Tables I and Il) suggests that
the mobility of the ethylene-propylene chains is decreased by the vinyl
chloride side chains. On the other hand, we observe also the plasticizing
effect of the ethylene-propylene chains on the transition of vinyl chloride
grafts.

The composite has been found to exhibit no increase in the Ts\ transition
(Fig. 8, Tables I and II), which could be attributed to the microphase of
ethylene-propylene copolymer. The principal high temperature transition
Toe is shifted to lower temperatures as a result of a plasticizing effect of the
ethylene-propylene macromolecules grafted by PVC.
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log t (sec)

Fig. 14. Modulus E r{t) of the composite superposed to T, of composite (+ 80°C) accord-
ing to the shift factor of pure PVC, corrected for the lower T,,.

The rapidly decreasing viscosity of the ethylene-propylene copolymer
seems to cause failure of time-temperature superposition of the moduli of
the composite. In fact the separate curves (Fig. 9) deviate from the hypo-
thetical master curve because of the exaggerated decrease of modulus with
temperature.

The effect can be easily viewed in Figure 14, where we have shifted the
curves of Figure 9 horizontally by the superposition factor found for the
pure PVVC component (Fig. 7). As the shape of the spectra of relaxation
times in the main transition region does not change with plasticization,6the
superposition factor of pure PVC was merely adjusted to account for the
lowered glass transition temperature of the composite.

The evaluation of the transitions from viscoelasticity suggests that two
phases (or microphases dispersed in a matrix of the other phase) exist in
ethylene-propylene copolymer grafted with vinyl chloride: the matrix of
the ethylene-propylene copolymer with a fraction of PVC grafts and the dis-
persed microphase containing the remainder of PVVC grafts. From the pres-
ent data, we cannot estimate the dimensions of the PVC islands. It seems,
however, that the type of copolymer can hardly favor large ones. It is
more probable that the PVC microphase is constituted merely by regroup-
ing of a few PVC chains. The surface-to-volume ratio of tiny PVC aggre-
gates can thus be sufficiently high that the lowering of the glass transition
temperature of the PVC phase, (Tables I and I1) might be understood as a
mere surface effect.

In the composite, we expect the ethylene-propylene copolymer micro-
phase to be finely dispersed in the PVC matrix plasticized by ethylene-pro-
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pylene copolymer. The dispersion is rendered possible by the ethylene-
propylene copolymer grafted with vinyl chloride. The type of plasticiza-
tion cannot be described in detail but it is hardly brought about by surface
effects only.

The studies of time-temperature superposition lead us to hypothesize that
this procedure is likely to succeed with sufficient accuracy in heterogeneous
systems for the transition of matrix material, i.e., the phase of higher
concentration, if the T, of the matrix is considerably lower than that of the
dispersed phase.

Composition of Microphases

In order to obtain a more definite, though approximate, picture of the
participation of components, we describe the microphases as homogeneous
mixtures of components. In calculating corresponding concentration we
assume volume additivity, linearity of thermal expansion, and the postulate
of Gordon-Taylor8theory: i.e., the coefficient of thermal expansion of all
the components (of the same phase) is that of the glassy state for each
component if the phase is in the glassy state, and the converse for the rub-
bery state.

Utilizing only specific volumes and concentrations at constant tempera-
ture, we have for the specific volume 1rof the system

v = £ VI, = 1,2)
i=1
3=1
where TV and GY are specific volumes and concentration of the fth compo-
nent in the ,/th phase, respectively. For ethylene-propylene copolymer, i
= 1 and for PVC i = 2. The phase with T,,i is designated byj = 1, that
with Ta byj = 2. The data are insufficient in the case of the grafted co-
polymer, where we still have one degree of freedom. But we can at least
find the bounds for the concentrations (Table I11). For the composite,
the data are sufficient to obtain the concentrations because one phase con-
tains one component only (Table 1V).

Direct application of the Gordon-Taylor equation8for each phase, with
the use of the data from Table II. gives slightly different results (Tables 111
and 1V). Because the thermal expansion coefficient of ethylene-propylene
copolymer in the glassy state was not available, all the calculations were
performed with «, = 2X 10“4and g, = 5 X 10 lcnr'vVgdeg. The results
do not seem to be sensitive to these values of a,,

To estimate the reliability of calculated concentrations, we used them to
calculate the resulting thermal expansion coefficients (Tables 11 and 1V),
using the values of a from Table Il for the components.

The discrepancies between the calculated and measured thermal expan-
sions and specific volumes suggest that these systems do not obey the ideal-
ized relations, especially in regard to the volume additivity. The anomalies
of the grafted copolymer might have been expected intuitively because its
structure is quite different from a linear copolymer.
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Utilizing the concentrations in the PVC microphase of graft copolymer
(Table 111) , we could estimate the rough linear dimension of the PVC micro-
phase aggregates if the effect of plasticization is brought about only by high
surface/volume ratio. In terms of monomer units, we can suppose that
the “internal” units of vinyl chloride in the aggregates interact only with the
same material, i.e., effect interactions of the a-a type. About 50% of the
interactions of the units on the surface is with vinyl chloride and the rest
with neighboring aliphatic units across the phase interface (a-b type in-
teractions). If the number of surface units is nsand the number of internal
units M, considering in addition only interactions among nearest neighbors,
we can write for the concentration ratio of plasticizer to polymer.

plasticizer/polymer = ng(ns + 2uj)

This ratio is equal to about >/saccording to Table I1l.  From this equation
it follows that the “diameter of a spherical aggregate isabout 20 monomeric
units and that of a cylindrical, infinitely long aggregate is about 10 units, if
the microphase forms something like a continuous fiber mesh in the matrix
phase. These dimensions should be considered as minimal ones, because a
lower surface/volume ratio results if plasticization by homogeneous mixing
is involved.

It would be useful to continue the study by using electron microscopy.
This method has given excellent direct evidence of microphases in block co-
polymers, including the information about their geometry.9-11
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Halogénation of Polyethylene. 1. Broraination
of Single Crystals

IAN R. HARRISON and ERIC BAER, Division of Macromolecular Science,

Case Western Deserve University, Cleveland, Ohio

Synopsis

It has been demonstrated that the fold surfaces of polymers can be specific towards
chemical attack, if the reaction is mild and nondestructive of the fold. Brom ination of
suspensions of single crystals of polyethylene in carbon tetrachloride has been shown to
be such a system . This chemical modification of a fold surface is a powerful means of ex-
tending the applications of the physical methods available. Several methods were used,
among them DTA, DSC, infrared spectroscopy and small-angle x-ray diffraction. Exper-
imental results from these methods lead to the following conclusions, (a) Bromina-

tion takes place preferentially at the folds and is consistent with a regular adjacent re-

entry fold model, (b) Annealing of these brominated crystals demonstrates the major
role played by the crystal surface in this process, (c) The preparation and properties of
a novel copolymer system has been demonstrated. It is felt that this copolymer system

m ay prove a useful addition to those system s presently available.

INTRODUCTION

The nature of the fold surface in single crystals and in bulk-crystallized
polymer has been in question since the demonstration that the chain axis is
normal to the fact of the lamella,lor approximately so.2 A variety of ques-
tions have been raised: are the folds of the adjacent re-entryltype or of the
switchboard3type; are they tight or loose;4 is the fold surface rough or
smooth?5 Use of primarily physical methods has not been successful in de-
termining the degree of surface roughness, which is still in question.

Our concepts of crystalline and amorphous have been aided by the way in
which these regions undergo chemical attack. The acid hydrolysis of cellu-
lose6 and the oxidation of polyolefins, with oxygen,78 and nitric acid91
have demonstrated that the rate of attack of amorphous material is greater
than that in the crystal. The action of fuming nitric acid on polyethylene
(PE) single crystals911 2 and the chlorination and oxidation of isotactic
poly(4-methylpentene-1)13has been interpreted in terms of a preferential at-
tack at the folds. Many chemical attacks on folds, particularly in PE,
have resulted in destruction of the folds and, of course, chain cleavage.

Chemical modification of a polymer fold followed by the application of
physical methods has been reported 4 for poly(vinylidene chloride). It is
felt that this kind of modification will prove useful not only as an extension
of analytical techniques but also as a means of changing those properties of
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polymers which are sensitive to the nature of the lamella surface. Halo-
génation of single crystals of PE has been reportedband the results led
Bassett3to comment that “direct electron-microscopic and x-ray examina-
tion has given no indication that the halogénation of polyethylene crystals
occurs preferentially at surface layers.” It was felt, however, that there
was sufficient uncertainty to warrant a second look at this system, par-
ticularly since this was an apparently mild, nondestructive reaction, which
might demonstrate the specific nature of the fold surface to chemical attack.
The objectives of this work then are twofold: to determine whether or not
halogénation is a surface phenomenon in PE and to distinguish, if possible,
between the various fold models proposed.

If the fold in PE does appear to be regular and does display a specific step-
wise attack, then there are several interesting possibilities which one can
foresee. It would be possible to prepare copolymers of polyethylene of a
highly regular nature.  These copolymers would consist of blocks of poly-
ethylene some 120 carbons long separated by a comonomer unit. In this case
the comonomer would contain one or more C-Br links. Such a copolymer
with a controlled link every 120 carbons may be considered as a super-chain.
The units of a polyethylene chain are isolated methylene groups. In the
super-chain the units are some 120 methylene groups, these groups being
joined by the controlled links. The link may act as a point of attack leading
to the controlled breakdown of a polymer chain to 120 carbon units. Al-
ternatively, the link may make it possible to graft or crosslink the chain via
suitable chemical reactions.

EXPERIMENTAL

A scouting reaction with chlorine gas in CCl4at room temperature re-
sulted in a too rapid and too complete halogénation of the polymer. It
was thought that the extent of reaction on chlorination was due to swelling
of the chlorinated surface by CCl4and hence further chlorination of the
sample until it eventually went into solution. Bromination of single crys-
tals of PE proved to be more successful.

Sample Preparation

In the work reported here Marlex 6015, a linear polyethylene (Mw ~
1 X 109 was used. Approximately 8 g of Marlex 6015 was dissolved in 4 1
of reagent-grade xylene by refluxing under nitrogen for 90 min. The solu-
tion was allowed to cool to room temperature, and the resulting slurry of
crystals was placed in a separatory funnel, where the crystals settled out,
were separated from the mother liquor, and washed twice with fresh xylene.
This resulted in a slurry of crystals in fresh xylene with a total volume of ca.
800 ml.  Approximately 200 ml of this slurry was heated to near its boiling-
point (ca. 135°C) (the crystals go into solution readily at ca. 100°C) and
added to 3.4 1 of xylene in a bath at 83°C. Just prior to this addition the
bath temperature was raised from 83°C to 85°C which was the final tern-
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perature of the solution before the onset of crystallization. The isothermal
crystallization was allowed to continue for 10 days, the polymer concentra-
tion being ca. 0.53 g/1. During crystallization the crystals settled to the
bottom of the vessel. The mother liquor was drawn off after crystalliza-
tion and fresh xylene added at the bath temperature. This washing process
was repeated three times before the crystals were allowed to cool to room
temperature. The crystals were then exchanged to distilled CCd4by use of
SiX or seven washes.

Reaction Kinetics

Approximately 1 g of single crystals in distilled CC14 (200 ml) with bro-
mine (15 ml) was irradiated with ultraviolet light while being stirred at room
temperature. Zero time was taken as the time the ultraviolet lamp was
switched on, and samples (25 ml) were taken at appropriate intervals of
time. The samples were washed free of bromine by centrifugation and
washing with distilled CC14until the wash was clear. They were then fur-
ther washed with acetone to remove any last traces of free bromine before
being dried in vacuo at roon temperature for several days. A small portion
(ca 25 mg) of each of the dried samples was then sent out for bromine
analysis, (accuracy of +0.3% Br).

Thermal Data

The heats of fusion of the dried brominated single crystals were recorded
by using the Perkin-Elmer DSC IB apparatus. Sample weights ranged
from 2 to 6 mg and were weighed to 1% accuracy. The heating rate was
20°C/min; calibration of the instrument was performed by using the heat
of fusion of a known weight of indium.  Areas of the power-time recordings
were measured by planimetry, the areas involved ranging from 4 to 10
square inches. The graphically reported values are the average of at least
two runs at the appropriate bromine content. After fusion had occurred,
the samples were further heated to 150°C and then cooled from the melt to
room temperature at 403C/min. The heat of fusion of these melt-re-
crystallized samples was then measured at heating rate used with the bro-
minated single crystals. Additional melting and recrystallization of the
samples lowered the heat of fusion of the melt recrystallized material by no
more than 3%,

The melting points of the dried brominated single crystals were recorded
on a DuPont 900 differential thermal analyzer. The melting point was
defined as the minimum in the endothermic reaction and was reproducible
to +0.5°C with different thermocouples. Acetanilide (114.5°C) and phen-
acetin (134.5°C) were used as calibration materials. Samples were run in
2-mm tubes with a heating rate of 20°C/min. The reported melting points
were the average of at least two runs. The samples were heated through
their melting points to 150°C and then cooled from the melt to room tem-
perature, in the instrument, at approximately 35-40°C/min. The melting
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points of these melt-recrystallized materials were then measured at the
same heating rate as the brominated single crystals. Further melting fol-
lowed by recrystallization depressed the melting point of the melt-recrystal-
lized materials by no more than 0.5°C.

Small-Angle X-Ray Diffraction

Small-angle x-ray data were obtained on the polymer by using a Rigaku
Denki RU-3 machine with a scintillation counter as a detector. The beam
was slit-collimated and a scan rate of 3°/hr was used. The samples run
were those which had already been used to obtain infrared data. The flat
disks were cut into several strips roughly 2 to 3 mm in width. These strips
were then stacked so that the x-ray beam could be aimed through the poly-
mer either perpendicular or parallel to the original faces of the disk. Since
no differences were observed between perpendicular and parallel orientation,
all data presented are from the parallel or edge-on arrangement.  Each
point of the quantitative results reported graphically is the average of two
runs on each sample. The values of the normalized intensities for each of
the two runs on a sample were usually within £5% of the average of the
pair.

Infrared Analysis

Samples were prepared as follows. Slurries of single crystals in acetone
were air-dried to a thick gel, which was then stirred to help attain random
orientation of the crystals. The gel was dried in vacuo at room temperature
for 4 days to yield a brittle mass which could easily be broken up to give a
white powder. The white powder (30 mg) was then pressed together under
about 10,000 psi at room temperature. The pressing, done in vacuo in a
pellet press, gave a thin brittle disk, about '/2in. in diameter. Any altera-
tion of structure by compression is kept to a minimum by the low pressure
used. If some alteration does take place the results should not be affected
since the spectra are used to observe changes brought about by varying de-
grees of bromination.

Infrared scans were taken with a Perkin-Elmer 521 double-beam instru-
ment. The spectra were run twice with high suppression and the slowest
scan speed; the wavenumber scale was expanded 2.5 times (5¢m/100 cm-1)
to permit a more accurate measure of the peak absorbances. The baseline
for the 1368 ¢ nrland 1352 cm* 1bands was drawn by joining the maximum
transmittance in the region of 1400 cm* 1to that in the region of 1330 cm*1
Similarly the baseline for the 555 cm-1 and 575 cm*® 1bands was drawn by
joining the maximum transmittance in the region of 600 cm* 1to that in the
region of 500 cm* 1

RESULTS AND DISCUSSION

The brominated products from the reaction kinetics and from other less
carefully followed bromination reactions were chemically analyzed for bro-
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mine.  Melting points and heats of fusion were measured for the bromi-
nated single crystals, as prepared, and for the same materials after melt re-
crystallization. Changes of the polymer on bromination were followed by
infrared spectroscopy, and the disks were then used for small-angle x-ray
work to determine lamella thickness and electron density changes.

Reaction Kinetics

The work of Keller et al. 5would indicate that in gas-phase chlorination
and perhaps in suspension bromination of single crystals there is a rapid in-
itial reaction which slows down as the reaction approaches completion, at
one halogen per fold. A graph showing the percentage by weight of bro-
mine in the polymer versus reaction time for the reaction described in the
experimental section is shown in Figure 1 A rapid initial bromination is
followed by a slower, apparently linear bromination with time. If one as-
sumes that the slower reaction at longer times is indeed linear, this linear
portion may be extrapolated to zero time, the intercept being that amount of
bromine associated with the rapid initial reaction, i.e., approximately 2.25
+ 0.1%.

Polyethylene single crystals grown isothermally at 80°C are about 130 +
5 Athick.5 Using this information together with the chain-to-face angle of
about 29°,7 Bone may calculate that some 56 to 61 ethylene units exists
from fold to fold along a chain. The addition of one bromine atom per fold
implies a bromine content of 1.72 = .05-mole-% or 4.67 + 0.17 wt-%.
The initial reaction adds approximately 2.3 wt-% bromine, or almost ex-
actly one bromine atom for every two folds.

It is possible to explain this situation solely on the basis of previously pos-
tulated packing arrangements of folds. Shown in Figure 2 are two sug-
gested cases of fold packing.5 The large circles represent bromine atoms

Fig. 1. Plot of per cent Immune on the polymer vs. reaction time. The straight-line

portion at longer times extrapolates to approximately 2.2% bromine at zero time.
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Fig. 2. An idealized regular fold surface of a polyethylene single crystal showing case
I and case Il fold packing. Bromine atoms with radius of 1.84 A have been added at a

concentration of one bromine per fold.

with aradius of 1.84 A.B On the basis of electrostatic repulsion of bromine
atoms in adjacent sites, bromination of a site in case | leads to the deactiva-
tion of both adjacent sites in the [010] directions. This deactivation to-
ward bromination is of the order of 4.3 kcal/mole. In case 11 there exists
primarily one nearest neighbor for which the deactivation will range from
4.8 to 5.4 kcal/mole. In those cases where two nearest neighbors are deac-
tivated, a preferential attack on less than half the sites will result.  In the
majority of cases in case Il with one nearest neighbor, preferential attack on
exactly one half of the sites will result. It is well worth noting that some
evidence for case Il packing has been reported®at low supercooling.

Thermal Data

The results of the kinetic data implied a surface attack of the crystals.
Further evidence was sought by using heat of fusion measurements to deter-
mine the degree of crystallinity of these single crystals as a function of bro-
mine content.

The heat of fusion of single crystals of PE has been measured as a function
of crystallization temperature21-24 or lamellae thickness and molecular
weight.2-25 Equations are used to allow for surface effects and defects in
the crystals5in an effort to determine the degree of crystallinity from the
measured heat content of a specimen. However, there exists conflicting
evidence on the effect of heating rate on the arrangement of single crys-
tals2126 Lamellar thickening may be prevented by irradiation-induced
crosslinking.2l2 The melting point depression observed on increased ir-
radiation may however be due in some part to a decrease in entropy of the
solid. This is especially true since the greater degree of the crosslinking
takes place at the folds.ZZB The effect of molecular weight22-%5 and
presumably molecular weight distribution on the shape of the endotherm is
also well documented. The reliability of calibrating an instrument with a
metal or organic crystal with a sharp melting point and then using the in-
strument on a polymer with a 15° melting range may also be questioned.
These points lead one to question the values of 15to 20% amorphous con-
tent of single crystals, arrived at via heat of fusion measurements.
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NO. OF BROMINES PER FOLD =------ —_

Fig. 3. Heat of fusion AH, of PE vs. mole fraction X b of (— CH2- CHBr— )— in
— (— CH2— CH'i— )— for (a) as-prepared single crystals after bromination and (b)

the same materials after melt recrystallization.

Heats of Fusion. With these problems in mind, we report the heat of
fusion of PE of both solution-grown single crystals and melt-recrystallized
material. The heats are shown in Figure 3 as a function of bromine con-
tent. The bromine is recorded as mole fraction Xb of (—CH2—CHBr—=
in (—CH2—CH2-)n, since the assumption is made that the bromine is at-
tached to alternate carbon atoms.® The figure has two main points of in-
terest. The heat of fusion of the single crystals, as prepared, is apparently
unchanged on addition of up to four bromine atoms per fold. In contrast,
the heat of fusion of the melt-crystallized material decreases with addition
of bromine. This decrease shows a maximum change of slope at approxi-
mately one bromine atom per fold.

The interpretation of the constant value for the heat of fusion of the crys-
tals as prepared is that the crystalline portion of the single crystals is un-
changed on bromination. If bromination takes place on alternate carbon
atoms at the surface of the crystals then the average fold will contain at least
eight carbon atoms, since no disruption of the crystal occurs. Naturally,
if adjacent carbons are brominated, the fold may contain only four carbon
atoms.

The depression of the heat of fusion of the melt-crystallized material is
consistent with the inclusion of defects (bromine atoms) within the crystal
thereby lowering the crystallinity. Assuming a regular fold model with
selective attack of the folds, the addition of up to one bromine per fold is
shown in the melt as the presence of isolated bromine atoms spaced a de-
creasing distance apart along the chain. At one bromine per fold, the min-
imum separation of bromine atoms, namely, one fold length of the original
crystal, is achieved. The addition of bromine equivalent to more than one
bromine per fold does not decrease this minimum distance noticeably but
rather increases the size of the defect involved. At one bromine per fold
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then there is a transition from increasing numbers of defects to increasing
size of defects.  On crystallization of melts with up to one bromine per fold
the number of defects is proportional to the bromine content and crystallin-
ity might be expected to decrease linearly with bromine content. Above
one bromine per fold the number of defects remains essentially the same,
while their size increases. Hence crystallinity should have a different rela-
tionship to bromine content. This would give rise to the change in slope
observed in Figure 36.

A slightly different approach could be used which assumes that defects the
size of an isolated bromine atom would be acceptable in a crystallite,
whereas larger defects would be rejected from the crystal. This too would
lead to a similar conclusion concerning the effect of bromine on crystallin-

«0. GMI\B FER FO_D ——————

Fig. 4. Melting pointvia DTA vs. A'b for (a) as-prepared single crystals after broinina-

tion and (6) the same m aterials after melt recrystallization.

ity. Needless to say, for one bromine per fold to be a significant factor folds
need to be reasonably uniform. While this does not necessarily mean adja-
cent re-entry, this would be the simplest means of producing regular folds.

Melting Point. The problems involved in the determination of melting
point or melting range of polymers by DTA have been well documented.®
1n our own study of heating rate on melting point it was found for this poly-
mer that the melting point was essentially independent of heating rate over
the range 1°C/min to 100°C/min.3L On the other hand, both the extrap-
olated onset temperature and the extrapolated final temperature were
greatly influenced by the heating rate. All the melting points reported at
20°C/min. resulted from single-peaked endotherms.

The melting points Tmof single crystals and of melt-recrystallized ma-
terials as a function of a-» are shown in Figure ..  The melting point of the
single crystals decreases continuously up to the addition of one bromine
per fold and then stays constant out to four bromines per fold. Melt re-
crystallized material of low bromine content shows a smaller initial depres-
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sion of melting point. However as more bromine is introduced the melting
point continues to be depressed further and does not reach a constant value.

This melting point data in conjunction with the heat of fusion data has
been analyzed in a variety of ways.2 The results of this analysis are sum-
marized here. A plot of the entropy of fusion (ANr = AHf/T m) versus
molar bromine content based on data from Figures 3 and 4 shows several
points of interest. The brominated, as-prepared, single crystals show a
slight increase in entropy up to one bromine per fold. Further addition of
bromine does not change this value of AN. A decrease in configurational
entropy at the fold surface of the crystal is proposed. After these same ma-
terials have been recrystallized from the melt, the entropy shows a dramatic
decrease with increase of bromine content with a change in slope at approxi-
mately one bromine per fold. Presumably on recrystallization the bromine
containing groups can accommodate themselves more comfortably in the
crystal than in the forced low entropy state of a fixed fold.

Treatment of these materials as copolymers by use of a modified Flory
equation3yielded the following results. The melt-recrystallized materials
with bromine contents of less than one bromine per fold show similar melt-
ing point depressions to a polyethylene containing presumably random pen-
dant methyl groups.3t

The comparison is tempting since a bromine atom and a methyl group are
approximately the same size. When the melt-recrystallized material con-
tained greater than one bromine per fold, deviations towards the depressions
expected of a block copolymer resulted. These results are consistent with
the stepwise bromination proposed earlier. Those materials containing
less than one bromine per fold will have isolated “random” defects. If the
material contains more than one bromine per fold a block structure or su-
perchain will result.

In the brominated single crystals, as prepared, the noncrystallizable units
are contained outside the crystal and as a result the requirements of the
theory have not been met. These materials were therefore analyzed in
terms of a Hoffman-Weeks equation.® This led to the conclusion that the
surface energy <eincreases on addition of up to one bromine per fold. If
more bromine is added <eincreases only slightly. These changes in c0are
consistent with both a stepwise bromination and also with changes in sur-
face free energy as measured by wettability.3

Annealing. Thermal studies have also been reported on single crystals
grown at 75°C and then brominated.®2 Heats of fusion of these materials
are shown in Figure 5. These curves are respectively for the brominated.
single crystals, as prepared, and the same materials melt-recrystallized.
Notice the similarity between these curves and those reported in Figure 3
for crystals grown at 85°C.  However, as reported earlier,2the shape of the
fusion curves changed on bromination. These changes together with some
initial annealing experiments® led us to conclude that increased bromina-
tion decreased the ability of the crystal to anneal. This is in agreement with
a prior suggestion along these lines.¥
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Fig. 5. Heat of fusion of crystals grown at 75°C vs A'b for (a) as-prepared single crys-
tals after bromination; (b) the same materials after melt recrystallization; (c) identical
m aterials to those in (a) except annealed at 113°C for 30 min; (d) same, annealed at

113°C for 16 hr; (e)same annealed at 115°C for 1 hr.

Further annealing studies have been carried out with the use of both
small-angle x-ray and heat-of-fusion measurements. Single crystals, iden-
tical to those used to give the fusion data of Figure 5a, were annealed in a
variety of ways. The crystals were either annealed at 113°C for 30 min or
for 16 hr, or else at 115°C for 1 hr. After annealing the samples were
cooled rapidly to room temperature and then the heat of fusion was
measured. Curves ¢, d, and e of Figure 5 refer to crystals annealed under
the above conditions, respectively. At low bromine concentrations, AHf
increases slightly for all the annealed samples, relative to the original crys-
tals. As the amount of bromine on the crystals increases, one observes a
decrease of the measured AHf. Only at high bromine contents are slight
differences observed between annealing times of 30 min and 16 hr at 113°C,
curves cand d.  Flowever, raising the annealing temperature only 2°C pro-
duces a great drop in AH, for those materials having large amounts of bro-
mine. At the highest bromine content, annealing at 115°C lowered AHf
just below that observed for the melt-recrystallized material. The effect of
the higher annealing temperatures on those materials containing high bro-
mine contents was to produce doublets or shoulders in the fusion curves.
In all cases, however, the total heat of fusion (combined areas) is reported.

Prior to the measurement of AHf, the long period was measured by small-
angle x-ray diffraction from an unoriented mat of the crystals at room tem-
perature. These measurements were carried out on the original crystals
after bromination and on those materials annealed at 113°C for 30 min.
Spacings observed are shown in Figure 6. For the original unannealed
crystals the spacing increases slightly with bromine content. One might
expect this if bromination takes place on the fold surface. Annealing the
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Fig. 6. Fold period was measured by small-angle x-ray diffraction vs. A'b: ( ----- )
m aterials which gave curve 5a, i.e., as-prepared single crystals after bromination;
(——--—-) m aterials which gave curve 5c, i.e., brominated single crystals annealed at 113°C

for 30 min.

crystals produces an increase in the fold period of those crystals with a low-
bromine content. Materials with larger amounts of bromine show a de-
creasing tendency to increase their fold period. The material having the
highest bromine content shows essentially no fold-period increase.

For materials containing small amounts of bromine the following are ob-
served. On annealing at 113°C the fold period increases and AHf increases
slightly. Assuming a tight fold model, then as the fold period increases,
most or all of that material which was originally in the fold must be in-
corporated into the crystal. Apparently, on annealing, these samples can
incorporate some isolated bromine atoms into the lattice without the loss of
order observed on melt recrystallization. With higher bromine contents,
the fold period does not increase on annealing at 113°C; however, AHf de-
creases relative to the original crystals. Presumably as the amount of bro-
mine in the fold surface increases, incorporation of the fold into the crystal
becomes more difficult. If the number of bromines on the fold gets large
enough, then attempted annealing causes little or no change in the fold pe-
riod. However a major disordering of the crystal occurs as some of the
groups of bromine atoms try to get into the crystal. Annealing of the ma-
terials of high bromine content at 115°C may result in an increase of the
fold period. This leads to incorporation of blocks of two or three bromine
atoms into the crystal. The result being the observed greater decrease in
AH,.

It has been suggested that the melting point data of the80°C crystals, as
prepared, may be explained as a decreasing ability to anneal to a longer fold
period, as more bromine is attached to the surface.¥ An increase in sur-
face energy, a decrease in surface entropy, or loss of the ability to anneal
would all explain the melting-point data of the 85°C crystals. Although
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the annealing experiments on the 75°C crystals would indicate loss of abil-
ity to anneal, some depression of melting point must be expected on bromin-
ation, due to the introduction of a higher-energy surface. It would appear,
therefore, that the melting-point depression observed on bromination of
single crystals is the result of the two separate mechanisms previously men-
tioned.

Small-Angle X-Ray Diffraction

Heat of fusion data are consistent with preferential attack on the amor-
phous regions of the polymer. Confirmation that these regions are located
at the fold surfaces of the lamellae was sought by small-angle x-ray diffrac-
tion techniques.

In a recent paper Fischer et al.Breported the absolute value of the scat-
tering intensity of mats of single crystals of PE. From this they obtained
the mean-square fluctuation of the electron-density distribution AZ1l
Knowing the volume fraction crystallinity W¢ one may then calculate the
density difference Ap between crystal and fold. These authors used a value
of Wcobtained from heat of fusion measurements. To obtain volume-frac-
tion crystallinity from a heat of fusion measurement, either the density of

Fig. 7. Plot of diffraction intensity vs. diffraction angle for crystals grown at 85°C
then brominated. The numbers on the curves refer to numbers of bromines per fold.

Intensity is on a logarithmic scale and the curves are arbitrarily displaced along this axis.
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the material must be measured or the density of crystal and amorphous
portions assumed. Since a number of authors have failed to agree on den-
sity measurements, one would question the advisability of the former ap-
proach. The latter approach does not give an independent measure of Ap
but serves to show the consistency of the measured Az2 and the IF, value
used.

For avalue of We = 0.82 a value of Ap = 0.16 g/cnr3has been calculateds
consistent with a surface composed of meltlike amorphous material.
However the value of AT measured by no means invalidates the possibility
that single crystals are highly crystalline with regular, adjacent re-entry
folds. If a crystallinity of 92% is assumed, it can be shown that Ap = 0.22
g/cm3 from the AT data reported. Contrary perhaps, to intuition, the
density of an adjacent re-entry fold is in fact lower than that of amorphous

NO GF BROMNSS AR FAD

Fig. 8. Discrete diffraction intensity taken at 20 = 0.7° vs. A'b for those materials in

Fig. 7. and others of the same series.

polyethylene extrapolated to room temperature. From the models of
Geils for a tight fold, one can calculate a density of pfoia = 0.78 g/cm3
(maximum) for non-meshing folds containing eight methylenes. With
a crystalline density of 1.00 g/cm3this value of 0.78 g/cm3gives a Ap of 0.22
g/cm3 in agreement with the value calculated from the data of Fischer et al.

The data shown in Figure 7 are scattering curves from a selected number
of brominated single-crystal mats. One can see that the diffraction max-
ima at ca. 125 A first decrease in intensity with increasing bromine content.
At about a half or one bromine atom per fold the diffraction maximum dis-
appears. On increasing the bromine content to two then four bromines per
fold the diffraction maxima reappears at a slightly higher value (130 A)
and increases in intensity. An effort was made to make the data more
quantitative by normalizing the intensities of the curves. The resulting
intensity at 0.7° (approximately the diffraction maxima) was recorded as a
function of bromine content and is shown in Figure 8. This curve also
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Fig. 9. Plot of diffraction intensity vs. diffraction angle for crystals grown at 75°C,
then brominated. The numbers on the curves refer to the numbers of bromine atoms
per fold. Intensity is on a linear scale and the curves are arbitrarily displaced along this

axis.

shows the initial decrease in intensity of the maxima on bromination, fol-
lowed by an increase on additional bromination.
The intensity of the diffraction maxima is proportional to Az2:

A2 = (Z,,- Z.oy2w c(l - W o

where zeand zt are the electron densities of crystalline and fold material,
respectively.3 If bromination takes place at the. fold, zt increases; now,
since 2C> zt initially, this means that Az22decreases. At some point in the
bromination z, equals zt and Az2 vanishes. As bromination is con-
tinued, zt becomes greater than zc, and Az2starts increasing again. The
densities previously calculated from Az2data together with the assumed vol-
ume-fraction crystallinities can be used to determine at what bromine con-
centration the discrete diffraction is minimized, i.e., zc = zf.

For crystals grown at 85°C, a rough calculation shows this minimum
occurs at 0.75 bromines per fold, for an assumed crystallinity of 82% and Ap
of 0.1G g/cm1  Similarly for 92% crystallinity and Ap = 0.22 g/cm3one
would require 0.5 bromines per fold. The value of 92% was chosen, since
this implies approximately eight methylene units in the fold. This number
of methylenes is consistent with heat of fusion data presented earlier in this
paper and with other evidence.®
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NO OF BROMINSS PR KD
I 2

Fig. )0. Discrete diffraction intensity taken at 26 = 0.83° vs. A'b for those materials in

Fig. 9 and others of the same series.

It was hoped that the above calculations together with the curve of Fig-
ure 8 could be used to determine the percentage crystallinity of the single
crystals used. However one can see from Figure 8 that the scatter of this
data is such that an unambiguous answer is impossible.

Further work was carried out on crystals grown at 75°C.  Figure 9 shows
the plots of intensity versus diffraction angle obtained for a series of these
single crystals brominated to varying degrees. Note the same effect on
the diffraction maxima, as bromine content increases, as was observed for
crystals grown at 85°C. A similar attempt was made to calculate the bro-
mine concentration at which the discrete diffraction intensity is minimized.
A fold model containing eight methylenes per fold corresponds to a fold sur-
face thickness of ca. 5.8 A and a density of 0.78 g/cm3 The fold surface
thickness increases on bromination (Fig. 6). Allowing for this increase, a
minimum diffraction intensity at a mole fraction of 0.017 was calculated.
A plot of the normalized discrete diffraction intensity as a function of bro-
mine content is shown in Figure 10. There is good agreement between the
value predicted for the model system and the observed range of minima from
0.012 to 0.016 mole fraction.

The data from Figure 10 produced a sharp minimum in contrast to Figure
8. It was hoped that the position of this minimum would distinguish be-
tween the various fold models. Unhappily this is not the case. A rigorous
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calculation similar to the one above, only now assuming a 20-methvlene fold
with a density of 0.85 g/cm3 predicted essentially the same minimum. It
would appear from these data and calculations that small-angle x-ray dif-
fraction cannot distinguish between these two models. It would also ap-
pear that changing the halogen substituent or the fold period is not going to
help.

Infrared Analysis

Those regions of the polymer preferentially attacked by bromine have been
identified by heat of fusion measurements. The position of these regions
has been located by small-angle x-ray diffraction. To determine selectivity
of attack within these regions infrared spectra of the crystals were obtained.

Band assighments have been made previously for PE by a number of
authors.40-42 The 13G8 cm-1 band has been assigned to the symmetric
wagging mode of —GTG— or «——GTG'—aconformations about the trans
bond, more probably —GTG— .42 Also associated with this mode is a
band at 1308 cm-1,4 due to antisymmetric wagging. The band at 1352
cm-1 has been assigned to the wagging of a methylene isolated by gauche
bonds,2i.e., the —GG— conformation.

Previous work on polyethylene single crystals has shown that bands in
the region 1250-1400 cm-1 decrease in absorption as the concentration of
folds decreases. This decrease was obtained by either annealing4s or nitric
acid etching4 of the crystals. The use of ozonesand bromine in the form
of I\VV-bromosuccinimide4shas demonstrated that the unsaturated endgroups
are predominantly located outside the crystal lattice. Work on mixed
crystals4 has shown the predominance of (110) folding and favors a model
with adjacent re-entry. In contrast, another recent paper4 states that
“the surface structure of the monolayer single crystal is somewhat between
the amorphous state and that of a tightly folded surface structure (adja-
cent re-entry).”

Some selected spectra of the brominated materials in the region 1400 cm-1
to 900 cm-1 are shown in Figure 11. There are several points of interest.
On the introduction of very small amounts of bromine, the bands at 909
cm-1 and 990 cm-1 assigned to vinyl (endgroup) unsaturation4o4 are both
greatly reduced. On further bromination there is increased absorption of a
broad region on the low frequency side of the 1308 cm-1 band. This region
has been assigned to the absorption by long trans sequences isolated by
gauche bonds. (—GT,,G—)2

The bands at 1368 cm-1 and 1308 cm-1 presumably arise from the same
conformation, hence the ratio of these two bands should be constant. In
fact as bromination proceeds, the ratio Aim/A im decreases. Presumably
the baseline does not quite compensate for the overlap of the broad
—GT,,G— band on the 1308 cm-1 band. Simultaneously the ratio Aim/
A 132 increases as shown in Figure 12.

The increase in the AiZBA ix ratio can be explained by a decrease in
A1¥® Since it has been demonstrated that 1368 cm-1 and 1352 cm-!
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Fig. 11. Transm ittance vs. frequency for crystals grown at 85°C, then brominated:
(.4) no bromine; (B) 'M>bromine atom per fold; (C) ! bromine atom per fold; (D)Z

bromine atoms per fold ; (E) 4 bromine atoms per fold.

N2 GF BROMNSS PR FAD - -
1 2 3 4

Fig. 12. Plot of A13ss/-A1352vs. A'b for single crystals grown at 85°C and then brominated.

bands are both due in part at least to folds, the decrease in the 1372 cm-1
band could imply a selective attack of —GG— structures in the fold. The
—GG—structure is of a higher energy than the —GTG—structure; hence
it is quite reasonable that the former is the unit which undergoes preferen-
tial attack.

Bromination as deduced from infrared data is thought to consist of an in-
itial preferential attack of the —GG— conformations in the fold. The
introduction of bromine atoms on the surface strains that portion of the
chain remaining in the crystal. This give rise to gauche conformations
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NO CF BROMNSS AR FAD —-- -

1 2 3 4

Fig. 13. Plot of vs. A'b for single crystals grown at 85°C and then brominated.

within the crystal, resulting in the broad absorption due to the —GT,,G—
structures formed.

If bromination of the surface results in attack on specific conformations,
then perhaps specific brominated products are obtained. If this is the case
there should be bands present in the C—Br stretching region from these
conformations. Even at very low bromine contents there are always two
bands at 555 cnriand at 575 cm-1, a third band is also apparent at 625
cm-1. As the bromine content is increased, the ratio of the two bands
“4s;s/ Axs changes drastically, as shown in Figure 13. As the bromine
content increases from zero to one bromine per fold the A-~/A” ratio drops
rapidly, indicating the steady increase of the 555 cm-1 band. Once the
bromine content reaches one bromine per fold, however, the same ratio of
AsH Axis held, even out to four bromines per fold.

The change in slope of this curve at one bromine per fold presumably rep-
resents a major change in environment for the bromine atom. It is sug-
gested that this change is from an isolated bromine atom on the fold to two
or more bromines on a fold.

It is somewhat difficult to make any band assignments in this region on
the basis of current literature.49-52 However, it would appear from the
final broad band at approximately 565 cm-1 that the Br—C—C—C—Br
in the fold has either a—GG— or a—G G'—conformation.st

CONCLUSIONS

On the basis of the reported experimental data it. is felt that, the following
conclusions may be drawn.

{1) The preferential and selective nature of bromination of single crys-
tals of PE has been demonstrated by a number of independent physical
methods. The fold model which best fits such a bromination scheme is that
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of a regular adjacent re-entry fold. A recent model for PE single crystals
by Blackadder and Roberts@re-emphasizes that the chains in the crystalline
core are not perpendicular to the fold surface. We believe that this model
is essentially correct, except for the assumption of an 80% crystalline sys-
tem. Of the evidence cited by these, authors, the heat of fusion measure-
ments have already been discussed. Direct density measurements on
crystals or crystal mats have led to contradictory results. 2451 The rapid
initial weight loss of single crystals subjected to nitric acid attack is quoted
as between 14 and 20% of the sample weight. We believe that this weight
loss may be in error. Blundell et al.%report 9-13.5% weight loss. The
data of Peterlin and Meinel for unannealed single crystals,1Lif extrapolated
to zero time, give from 5 to 8% weight loss, which, when corrected for the
weight of acid groups,may be from 11 to 14%. The high value of 20%
for annealed crystals is explicable in terms of a recent paper by Peterlin.®

(2) Annealing studies on the 75°C crystals have demonstrated the im-
portance of the surface in the annealing process. The melting point of the
brominated materials decreases with increased bromination. On the basis
of melting points one would predict an increased chain mobility for bro-
minated materials over unbrominated material at the same temperature.
However this is the reverse of the observed ability to anneal to a longer fold
period. The reduced ability to anneal on bromination is a property one
would predict for a brominated regular fold. This is particularly true at
these low levels of bromination.

(8) The preparation and properties of the “superchain” type of copoly-
mer have been demonstrated. These copolymers with their regular struc-
ture and possessing a controlled link every 100 or so carbon atoms are a
novel and potentially useful addition to the copolymer types already known.
The utilization of the “shish-kebab” structures found in fast-stirred solu-
tion-crystallized materials and more importantly found in materials poly-
merized by Ziegler-Natta catalysts may make the preparation of the super-
chain commercially more feasible.
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Glass Transition in Partially Sulfonated Polystyrene

RICHARD A. WALLACE, Department of Materials Science,
Stanford University, Stanford, California 94305

Synopsis

The glass transition tem perature TSofpartially sulfonated polystyrene has been mea-
sured dilatem etrically as a function of degree of sulfonation. A semitheoretical rela-
tionship between 1\ and degree of sulfonation has been derived by treating the strong-
acid polymer as a highly polar copolymer of styrene and styrenesulfonic acid. The T,,
of copolymer has been found to increase linearly up to O.lo weight fraction of styrene-

sulfonic acid WX as given by:
Tg= T,o + 200a:A

where 7',b is the glass transition tem perature of loosely crosslined (1% ) polystyrene
matrix. Our experimental results agree well with theoretical relations developed on the
basis of the iso-free-volume state of glass transition applied to sulfonated polystyrene.
The marked linear increase in copolymer T,,with the styrenesulfonic acid is accounted
for by the effect of progressively higher intermolecular forces due to the highly polar

sulfonic acid substituents.

INTRODUCTION

The glass transition in amorphous polystyrene lias been investigated ex-
tensively. The transition temperature T,, is found to be influenced mark-
edly by molecular weightl-3 and crosslinking.4 Substitution of various
groups in both the backbone chain and the benzene nucleus alters T For
instance, Kosfeld5and Dunham6have observed increased Tgin halogen-sub-
stituted polystyrene. Tobolsky and Shen7 have studied the influence of
intermolecular forces on TOof polymer networks of different extents of hy-
drogen bonding. Shen and Eisenberg8have reviewed the complex nature
and properties of glass transitions in polymers and have also summarized
the data on multiple transitions found in amorphous polystyrene. Further-
more, they have reported several molecular mechanisms that may be re-
sponsible for the multiplicity of transitions in such amorphous polymers as
polystyrene. The variation of T, with molecular weight, crosslinkage, and
substituents has been explained in terms of chain rigidity, steric, hindrance
to rotation, and intermolecular forces of attraction. So far, however, the
substituents have been limited to moderately polar groups. In our inves-
tigation, we have measured and explained the effect of substituted highly
polar sulfonic acid groups on the T, of polystyrene.

The highly polar nature of the acidic substituent in sulfonated polysty-
rene poses questions which we seek to answer. We wish to determine to
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what extent sulfonation affects T,, through intermolecular attraction forces.
Our method of approach is to apply the iso-free-volume concept of glass
transition, found successful for hydrocarbon polymers, to the highly polar
sulfonated polystyrene. This view, initially proposed by Fox and Floryl
and later experimentally supported, particularly by the treatment of Wil-
liams, Landel, and Ferry9of relaxation processes near T,,, holds that the froe-
volume fraction at T,, is a constant for all polymers. Sulfonated polysty-
rene is considered as a copolymer of styrene and styrenesulfonic acid, two
components of far different polarity. Measurements of Tc would show
whether the copolymer is heterogeneous, possessing more than one transi-
tion; or homogeneous, with a single T,,

Sulfonated polystyrene is an important cationic polyelectrolyte used as
the solid electrolyte in fuel cells, and as the ion-transfer material in electro-
migration purification systems and in the artificial kidney. Knowledge of
the transitions in sulfonated polystyrene could serve as a guide in improv-
ing its physical properties. For instance, the glass transition temperature
is dependent upon the degree of sulfonation which, in turn, influences elec-
trolytic conduction and ion transport rates.

Relation between Polystyrene 1,, and Degree of Sulfonation

To develop the relation for sulfonated polystyrene T,, as a function of de-
gree of sulfonation, the T, equation for copolymersDis applied:

CaWA(TO- Tok) + Cowii(Tg- TtU) = 0 @)

where C is a constant, w is weight fraction, and the subscripts A and B refer
to the components A and B of the copolymer. Equation (1) has been de-
rived from several theoretical approaches.8 Mandelkern and co-workers,1L
for example, have defined the constants in eq. (1) in terms of the cubical
expansion coefficients of “occupied volume” and “free volume” per unit
mass of the homopolymers by utilizing the iso-free-volume concept of glass
transition.  Since the TOof styrenesulfonic acid is still unknown, we seek to
develop an equation which would involve only the T,, of polystyrene, which
is reported to be 100°C.2

As in Mandelkern’streatment, the iso-free-volume concept of glass transi-
tion provides the basis of our derivation of a relation between T, and sty-
rene-sulfonic acid concentration which is a measure of the degree of sulfona-
tion. We define, however, the cubical expansion coefficient of free volume
as the difference between the expansion coefficients of liquid and glass.
Hence, the increase in free volume with rising temperature is taken to be
that “in excess of the increase in amplitude of oscillation of chain seg-
ments;Ri.e., (1/v)(dVf/dT) = at —ac, where aj and agare the liquid and
glass expansion, respectively, v is specific volume, and \f if specific free vol-
ume. Assumption of additivity of homopolymer partial specific volume
leads to :

V- voa1 + Ol’l\T)V\bJr wo + AibT)(\ = VA 2
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with VOA wos denoting specific volume of components A and B at 0°K, ex-
trapolated from the vversus T line for liquid and T is the absolute tempera-
ture.

On the basis of our definition of free volume, we write

vf = v0aT,
. (3)
a=ai—ag
Hence, the specific free volume of the sulfonated polystyrene is given by :
V- \Ga@BdTw. - \BoolbTwb (4)

Dividing eq. (4) by eqg. (2) and applying our initial assumption of constant
free-volume fraction at Tgyields, after simplification, the copolymer equa-
tion

Uta (L Kita * - VakeikT hb)

iob [«iv (1 — K) — acul — wara(roa,)(l — K) — A (acro]
(5)
where eA* is the specific volume of A at TgB
A@>0) = \Wnagu — N\)\asA
A(a(o = rouani — VoAaiA

and K is the free-volume fraction at Tg
Equation (5) may be rewritten in a simpler form:

Tg= TOb + [cfioas (1 — cvtca)] (6)
with
(Zii’A VWaQal gb)
Wb [« ib(1 - K - affB]

_ A(I“O',)(l — K) — Aagl'o)

ibii[«iB(I —A) — dgo]
Equations (5) and (G are suitable for all copolymers when only one com-
ponent, Ts, is known. If polystyrene is taken to be component B, then eq.

(5) gives the relation between Tgand the styrenesulfonic acid concentration
WA- If czisless than 1, at low values of WA, eq. (6) becomes

Tg= Tgn + c\wa )

At low degrees of sulfonation, therefore, a linear Tgversus ivA plot is pre-
dicted by eq. (5).

Equation (5) is essentially similar to the more general eq. (1) for copoly-
mers which could be rearranged as

k(Tga- Tgb)wa

T.—TyB-
©e JyB to- (1 - l)Wa

©
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where /; = Ca/Cu- Now, by eliminating vA*in eq. (5), it can be shown that

T,-T,b
IDA[/A(Il —K) — agA](TeA — YB[«;b(l —K) — «,,b]]
1 — (1 —{icaloua(l —K) —a,AJAoB[aiB(I —A")— d‘b[}p-A
©)
Comparison of egs. (8) and (9) shows that

j, = dia[«/a(l - K) - a,\]= CA .
ron[a;ji(l —A) —aff] Cu

EXPERIMENTAL

Preparation of Sulfonated Polystyrene

Sulfonated polystyrene films were prepared from a 20% solution of loosely
crosslinked (1%) polystyrene in benzene by casting on glass plates followed
by sulfonation by the method of Chen.13 Polystyrene films were dried un-
der vacuum for 24 hr and then swollen in n-heptane for another 24 hr prior
to sulfonation.

These loosely crosslinked polystyrene films were then immersed in chloro-
sulfonic acid for periods ranging from 15 sec to 8 min and subsequently
washed with sulfuric acid of progressively decreasing concentration. These
films were converted to the hydrogen form by equilibration with IN HC1 for
at least 8 hr and then washed with deionized water. Degree of sulfonation
was determined from exchange capacity measurements.4 Polystyrene con-
taining more than 15% by weight of styrenesulfonic acid was found to be
very brittle and unsuitable for dilatometric tests.

Styrene polymerization was carried out using benzoyl peroxide as cata-
lyst. 5 Styrene was washed three times with 10% NaOH solution to re-
move inhibitor. It was then washed with distilled water to remove the
caustic, dried over Drierite (CaS04, and distilled.

The polymerization mixture consisted of (a) 470 ml of distilled styrene,
(b) 9.4 ml of divinylbenzene solution in toluene, and 470 mg of benzoyl per-
oxide. These were mixed and placed in 1.5 X 8 in. polymerization tubes
maintained at 67°C in an oil thermostat for 15.5 hr. The slightly cross-
linked polystyrene was washed in methanol and then dried under vacuum
at 50°C overnight to remove sorbed methanol.

Dilatometric Measurement of T g

The dilatometric measurement of Tgwas done by the technique of Levy.5
Dilatometers were fabricated from 2-ml test tubes with ground tops and pre-
cision-bore capillary tubes, about 0.4 mm in diameter, with ground joints.

The sulfonated polystyrene films were cut into strips 3 mm wide and 2 cm
long and dried under a pressure of 4 ji at 80° C for at least two weeks. Dried
strips were weighed and quickly inserted into the dilatometer bulb. The
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capillary was fastened to the bulb and the dilatometer was connected to the
vacuum line and evacuated for an hour. The dilatometer was removed
from the vacuum system and placed in a silicone oil bath, to maintain tem-
peratures within 0.1°C.

The bath was heated at a rate of 1°C/3 min. About 20-30 min was al-
lowed for the polymer to reach thermal equilibrium.  The height of the mer-
cury in the dilatometer capillary was measured with a Gaertner cathetom-
eter.

Dilatometers were calibrated in accordance with the foregoing procedure.
Specific volume was calculated by using the relation

V= (Vo + AcAk + FOHsaT)/w (1)

where Vvis the specific volume of the partially sulfonated polystyrene at tem-
perature T; w is the weight of the polymer; vois the volume of the poly-
mer at the reference temperature T Acis the cross-sectional area of capil-
lary; aHgis the cubical expansion coefficient of mercury; AT = T - To,
Ah = (h —h0) — (h* — ho*), where h —ho is the increase in height of mer-
cury during the test and h — ho'is the increase in height of mercury during
calibration.

The specific volume of this polymer at Towas calculated from its weight
in air and immersed in n-octane, chosen as the immersion liquid because it
does not penetrate the sulfonated polystyrene nor cause it to swell.I7

The glass transition temperature was determined by plotting specific vol-
ume versus temperature, which gave two straight lines intersecting at Tg
From the slopes of the lines below and above Tt, the cubical expansion coef-
ficients in the glassy and liquid states were calculated.

RESULTS AND DISCUSSION

The dependence of specific volume on temperature is shown in Figure 1
The brackets represent the maximum errors in specific volume values, esti-
mated to be precise to within 0.5%. For each curve,there is a single break
at the temperature corresponding to the transition from the glassy to the
rubbery states, implying that sulfonated polystyrenes behave as true co-
polymers having distinct glass transition temperatures. Furthermore, the
specific volume of the sulfonated polystyrene is found to decrease with in-
creasing sulfonic acid content.

For partially sulfonated polystyrene, Figure 2 and Table | show that Ta
increases linearly up to a styrenesulfonic acid weight fraction iv\ of 0.1.5
and is described by:

T, = T,H+ 200w\ (12)

where T,,bis the T, of loosely crosslinked (1%) polystyrene matrix. This
relation agrees closely with our derived semitheoretical expression [eg. (6)].
when appropriate values for the constants are substituted.

In order to verify eq. (6), it is necessary to make certain approximations
to estimate A and ¢ since data available are insufficient. Examination of
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Fig. 1. Dependence of specific volume of partially sulfonated polystyrene on tempera-

ture.

Fig. 2. Dependence of glass transition temperature of partially sulfonated polystyrene

on composition.

eq. (6) shows that the cubical expansion coefficients of polystyrene and
polystyrenesulfonic acid below and above T,, must be known to evaluate the
constants. The cubical expansion coefficients of polystyrene in the glassy
and liquid states are 2.5 X 10-4 and 5.5 X 10-4, respectively.8 For poly-
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TABLE |

Glass Transition Tem perature of Partially Sulfonated Polystyrene

WX styrenesulfonic acid, wt-% IH ‘Q
0.00 100
1.71 103
1.97 104
2.06 100
3.45 107
4.91 112
7.22 117)
7.87 116
8.24 118
9.26 121
9.84 119

11.1 124
12.3 127)
14 .4 127
14.8 129

(styrenesulfonic acid), values of the coefficients must be approximated. To
begin, a value for the free volume fraction K at Tgis chosen. Williams,
Landel, and Ferry suggest that this constant is equal to 0.025.9 However,
on the basis of the definition of free volume adopted in the derivation of eq.
(5), K is about 0.113 for most polymers.7 Furthermore, K is related to the
cubical expansion coefficients of a polymer in accordance with the relation

(a. - a,)T, =K (13)

For polystyrene, K is 0.112.  As an approximation, a conservative estimate
of the Tgof poly(styrenesulfonic acid) is obtained by extrapolating the T,,
versus u’Aline in Figure 2 and taking into account the expected curvature of
the plot at high values of trA A preliminary estimate of TgAis presumed
to be 400°C. Using a value of 0.113 for K, and setting agAequal to 2 X

TABLE 11

Partially Sulfonated Polystyrene Cubical Expansion Coefficients below and above T,,

WX, wt-% Tg, -c <*, X 104, °c-> a x o "o
0.00 100 2.6 6.0
1.71 103 2.7) 5.5
1.97 104 2.5 6.0
2.06 10.5 2.4 6.2
7.22 17) 2.0 4.5
7.87 116 2.0 5.5
8.24 118 2.0 5.5
9.26 121 2.0 5.5
9.84 119 2.0 6.3
14 .8 129 2.1 6.2
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10-4, we estimate a JAby means of eq. (13) as4 X 10 4 From these data,
the constants in eq. (6) are evaluated to give:

Tt —Teb + [190KA(1 —0.45ua)] (14)
At sufficiently low values of w A eq. (14) reduces to:
Tg = Tgv + 1900>a (15)

The difference in  values calculated from egs. (14) and (15) is 2°C for itA
= 0.15. Because of the nature of the technique for determining T,, it is
justifiable to draw a linear curve for the concentrationrange 0 < w a< 0.15.

It is also well to note from eq. (14) that the TOof poly (styrenesulfonic acid)

(PSA) is estimated to be 440°C.

The author wishes to thank the Office of Naval Research, the Office of Saline W ater,

and the Stanford University Center for M aterials Research for partial financial support.
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Surface Tension of Polymer Solutions. IllI.
Effect of Molecular Weight Distribution

GEORGE L. GAINES, JR., General Electric Research and Development
Coder, Schenectady, New York 12801

Synopsis

The lattice-theory equations for the surface tension of polymer solutions based on the
parallel-layer model have been extended to include more than two components. The
surface tensions of tetrachloroethylene solutions of some blended polydimethylsiloxane
fluids have been measured at room tem perature. The results are in nearly quantitative

agreement with the theoretical calculations.

Introduction

The lattice theory of polymer solutions has been discussed in detail in
many standard references.1-3 Prigogine and Marechal4 applied this
theory with a parallel-layer model for the surface to estimate the surface
tension of monomer + r-mer mixtures. In this approximation, it is as-
sumed that only the first layer of the lattice has a composition different from
the bulk, and only polymer molecule configurations parallel to the surface
(i.e., lying completely within the first layer) are counted in calculating the
entropy of mixing in that layer.

In a previous paper (Part I),5it was shown that the introduction of a
single additional parameter in the derivation of the Prigogine-Marechal
equations permits semiquantitative reproduction of the observed surface
tension values for polydimethylsiloxane solutions over wide ranges of con-
centration and molecular weight. Subsequent studies6-9 have demon-
strated the applicability of these equations to the surface tension of other
polymer solutions and a variety of binary liquid mixtures having compo-
nents of disparate molecular size. The same equations are also applicable
to the surface tension of mixtures of alkanesDand mixtures comprising cer-
tain low molecular weight oligomers with the corresponding high poly-
mers.1L In all of these cases, the athermal solution equations of Prigogine
and Marechal predict the correct shape of the surface tension-composition
curves, while the use of small values of the “interaction parameter” per-
mits accurate fitting of the experimental values. These results suggest
that, the entropy calculations based on lattice statistics largely account for
the deviations from ideal behavior in these systems, while effects not con-
sidered in the athermal lattice model (including excess volumes of mixing,
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excess surface enthalpy, etc.) can be allowed for with a small additional
term, proportional to the second power of the bulk-liquid volume fraction,
in the chemical potential expressions. (The ratio of molecular sizes in
either the athermal mixture or extended equations governs the general
shape of the curve, while the “interaction parameter” shifts its position
with respect to the surface-tension axis. This behavior is depicted in Fig-
ure 1, which illustrates some calculations for arbitrary values of the pa-
rameter.) In all of the work reported to date, the “interaction parameter”
has been taken as adjustable, being estimated by fitting to the experimental
data in the manner described in Part .’

Fig. 1. Surface tensions of solutions calculated according to two-component lattice-
theory equations [eqgs. (5) and (6 ) of Part I], for arbitrary constants as follows: 7,° =
40 dyne/cm,y2°=30 dyne/cm, @ =30 A2 T = 298°K. Values of Fand o (in units of

KT) as shown on curves. denotes the volume fraction of second com ponent.

As was noted in Part I, the presence of a distribution of molecular weights
in a polymer sample significantly affects the observed surface tension of
solutions of the polymer. It is thus of interest to extend the lattice-theory
equations to multicomponent systems. In this communication, this ex-
tension is given, and its applicability to solutions of heterodisperse poly-
dimethylsiloxanes is demonstrated.

Theory

While it is possible to write the necessary equations for any number of
components,3 the discussion here is restricted to three components for
reasons of mathematical simplicity and because this case may be expected
to indicate the important effects for most physically interesting systems.
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The chemical potentials for the various species in a three-component
mixture, on the basis of the Flory theory, may be written23

Mi  Mi® = -RT[In 5 + (1 — &) — 02(r¥r2) — 03(ri/rs)]

+ N [(di202 + pu<t>i) (02+ 03 — fe(ri/r2<vb3] (la)
M2 — M2° = /2T[In 02 + (1 — 02 — 0l02/n) — 03(»2A3)]

+ -Afi(P2101 + d2D3(01 + 0s) —o13(1'1/?1)010S] (Ib)
M—M = 27108 — (1 —03 —0i(>3In) —02Ar3r2)]

+ -M(dA0L + o<yl + 02 — dI203)°1)0i02] (lc)

where the 0, are the respective volume fractions, the rt are the number of
lattice sites occupied by each molecule of species i, anti the do are pair inter-
action parameters corresponding to o in the two-component system dis-
cussed in Part | (the do are equal to Flory’s xtj divided by Avogadro’s num-
ber n, and hence dji = PhAOdo)-

In the athermal two-component case, Prigogine and Marechal showed
that similar expressions, with the O;replaced by 4ia the volume fractions
in the surface monolayer, and the addition to each of a term —yAbga
(y denoting surface tension and a, the area of a surface lattice site), yield
the chemical potentials in the surface layer. We assume that the same
procedure can be applied here, and following Part I, equate the resulting
chemical potential expressions for the athermal three-component monolayer
to the bulk //, given by egs. (la)-(Ic). When this is done, the surface ten-
sions of the pure components, y°, are identified as Gu°’s — 4,°)/”®
and v\ is taken as unity, we obtain

7 = 7i° + (kT/a) [IN(OI0i) + (01 — <t
— (1/r)(0% —0:) — (1/r3(03 — 03]
+ (U®)t(fe/'2)0203 — (dI2o2 + dI303)(02 + 01)] (2a)

72° + (kT/r2a) [In (002 + (0> — 02) — P(0is — 4i)
— (r2r3(03% —03)] + (I/r2) [diZDi03
~ (d201 + d2303(01 + 03] (2b)

7s° + (kT/r3a) [In (0X03 + (0s — 039)
— r3(0is — 0i) — (r¥r2(03 — 02] + (l/rd) [diai02
— (d30L + d20 (0L + 02] (2¢)
If these equations are multiplied by the respective 0, and added, the result is
7 = (0i7i° + 0272° + 037.3°) + (kT/a){cj>1 In (0idO D)
+ (02r2 In (0%/02 + (03r3 In (0X 03

+ [(r2—N/r2)(03 —02 + [0'3—1)/r3](03 — 03}

— (1/a) [dI20102 + d130108 + (d23r202:,] (3)



1336 G. L. GAINES JR.

(It may be noted that if fa = 0, this reduces to the corresponding equation
for the two-component system.1)

The problem of evaluating the 0 ,scan be attacked in the same manner as
for two-component systems. If in turn we equate egs. (2b) and (2c) to
(2a), the results are:

029" (' R _
od 0. exPUT (Ti 72°a + (— — 013)03

+ d2(01 —0-)

(039 ¥n (03)Vn /1 . o .
01S Ti  exp0-7 (Ti° - 7:i% + (- —di2) 02

+ di:i(01 (4)

Equations (2) and (4) thus constitute the generalization of egs. (5) and
(6) of Part | to a solution containing two polymer solutes. If all of the
0 are zero, they are a generalization of the Prigogine-Marechal expressions
for two-component athermal solutions.

Restricting our attention to chemically similar polymer components,
i.e., solutions of two species differing only in molecular weight, we maytake
@ = 0and On =0n = 0. Then the expressions of interest are

7 —(0i7i° + 027i° + 037s°) + (KT/a)}{(j=i In (0i50i)
+ (02/'2 1M (080> + (0373 In (03303) + [(i2 — 1)/i'7]
X (02s—02) + [03 —1)As](03s — )1 — (dOi/a)(I —01) (3a)
and
(029)UrV0o18 = [(02)1A7 0i] exp{ (1/kT) [(71° - 72> + d(20i - D)}
(039) UrV0is = [(03 V7 0i]exp} (1/kT) [(71° - 73)a + 0¢20i - 1]}

To obtain numerical results, we can evaluate the right-hand sides of egs.
4a for any desired values of bulk volume fraction, and, remembering that
0L+ 2+ O3 = Ois+ 02+ 03 = 1, obtain the values of the <"  These
then permit the calculation of the solution surface tension by eq. (3a).

A simple computer program has been written to carry out these computa-
tions by numerical approximation.*

Comparison with Experiment

Previous results5indicated that the presence of a high molecular weight
polydimethylsiloxane fraction depressed the surface tension of dilute toluene
solutions below that, observed for solutions of a polymer of the same M
but a narrower distribution. To provide a more critical test of the effect
of more than one polymer component, we have now examined blends of

* This program, in BASIC, is available from the author on request.
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Fig. 2. Surface tension of tetrachloroethylene solutions of a polydimethylsiloxane
blend consisting of 95 vol-% hexamethyldisiloxane plus 5% 20 cS dimethylsilicone fluid:
(O) measured values, expressed as difference between observed surface tension and vol-
ume-fraction average value; (- ) calculated according to three-component relation,
eq. (3a); (----) calculated according to eq. (5) of Part I, with MnN= 172 and - % =
15.4 dyne/cm. Measurements at 24 + 1°C; all other constants as given in Part I.
ms total volume fraction of siloxane.

Fig. 3. Surface tension of tetrachlororethylene solutions for a blend of 50 vol-%
hexamethyldisiloxane plus 20 cS dimethylsilicone fluid, Mn-= 324,7°, = 16.9 dyne/cm.
Symbols asin Fig. 2.

hexamethyldisiloxane with "20 cS silicone fluid, Mn = 1590. (The materials
and methods were described in Part 1. The 20cS fluid was selected because
our samples of higher molecular weight (100 cS and 1000 cS) exhibited
considerably broader molecular weight distributions; MwM nfor the 20 ¢S
fluid is 1.20.)

Observed values of the surface tension of tetrachloroethylene solutions of
blends containing 5 and 50 vol-% of 20 ¢S fluid in hexamethyldisiloxane
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are plotted in Figures 2and 3. Also shown are theoretical curves obtained
with eq. (3a) and with eq. (5) of Part I. In using eg. (3a), the values of a,
rt, and the y ° given in Part | were used. To apply the two-component
equation, the number-average molecular weights and densities of the blends
were calculated from their compositions, and used to estimate f. The sur-
face tensions of the undiluted blends were measured; they agreed closely
with values calculated from the compositions, and the expressions for a-
thermal mixtures.ll In all cases, the average value of 3 = 46.7 X 10~fi
erg/molecule, obtained5for tetrachloroethylene solutions of polydimethvl-
siloxanes was used. To emphasize the difference between the theoretical
calculations, the results in the figures are plotted as the difference between
the observed surface tension and the volume-fraction average, (<>i7° +
0272° + 0373°)-

In the range of total polymer volume fraction from 0.1 to 1, there is little
difference between the values calculated from the two-component and three-
component expressions. The experimental values are consistent with the
theoretical predictions; similar results were reported for blended samples
in this concentration range in Part .

At low concentrations, on the other hand, the three-component relation,
eg. (3a), shows the effect of the higher molecular weight fraction, even when
present in very small amount, in altering the surface tension of the solution.
The experimental values are clearly in much better agreement with this
expression than with the calculated values based on the two-component
equation. (In fact, the moderate quantitative discrepancy between ex-
periment and the curves based on eq. (3a) can probably be rationalized on
the basis of the presence of higher molecular weight components in the 20
¢S fluid, which in the calculations has been approximated as a monodisperse
polymer of the appropriate Mn)

The importance of the highest molecular weight fraction in altering the
surface tension raises the question whether a higher moment of the molec-
ular weight distribution than Mn might be useful in considering surface
tension effects in solution. Examination of the equations, however, indi-
cates that the extent of preferential concentration in the surface layer is
primarily a function of the difference in surface tension between the sol-
vent and the solute species. The surface tensions of polymers in turn de-
pend on molecular weight, in a manner which we do not fully understand.1l
Hence it would appear that each polymer + solvent system must be con-
sidered separately, and no simple molecular weight average will be gen-
erally applicable to surface tension effects. This, of course, is also the
case in phase equilibria in multicomponent systems.203 A corollary of the
present results is that conditions for the best possible separations in foam
fractionation of polymersBmight be predicted with the aid of egs. (4a).

It is also apparent that egs. (3) and (4) provide the framework for dis-
cussion of the surface tension of other three-component systems, viz.,
those containing two chemically different polymers, or a single polymer in a
mixed solvent.  Such systems will be treated in a subsequent report.
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I am indebted to Mr. P. K. Kapadia for experimental assistance and to Dr. D. G.
LeGrand for helpful discussions.
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NOTE

Secondary Relaxation Effects in I‘oly{l, l-cyclohexylene Ether) and
Poly(cyclohexylethylene Oxide)*

The secondary mechanical relaxation effects in polymers containing cycloaliphatic
side groups have been thoroughly studied in recent years, especially by Heijboer,1who
limited his research, however, to polyacrylates and polymethacrylates. In a previous
paper,2we examined the dynamic mechanical properties, at acoustic frequencies, of sev-
eral polymers containing cyclohexyl side groups such as poly (vinyl hexahydrobenzoate),
poly(vinylcyclohexyl ether), polyvinyl cyclohexane, poly(cyelohexyl acrylate) and poly-
(cyclohexyl methacrylate). In all these polymers except polyvinyl cyclohexane a relaxa-
tion peak (referred to as the 7 maximum) has been found at about 270°K which is con-
nected with the chair-to-chair flipping of the cyclohexyl groups. The 7 relaxation proves
largely independent of the nature of the atomic groups which bind the rings to the back-
bone.

Another relaxation effect has also been discovered for all the above polymers at lower
temperatures (below 180°K 1which has been labeled the S relaxation. The latter phe-
nomenon is, unlike the former, strongly influenced by the chemical structure of the repeat
units and has been tentatively attributed to motions of the whole cyclohexyl group.

In the present work the dynamic mechanical behavior at acoustic frequencies of a
polymer containing cyclohexylene rings in the main chain, poly(1,4-eyelohexylene ether)
(PCHE) (1), is described. Also the dynamic mechanical properties at low temperatures
of poly(cyclohexylethylene oxide) (PCHEQO) (lIl) and of a copolymer (CHE-CHEO
70:30 mole/mole) are described.

All these polymers were prepared by cationic polymerization.3

The dynamic mechanical properties of the above polymers, Young’s modulus E and
damping factor were determined by an electrostatic method (flexural vibrations)
at frequencies of the order of 104 cps4in the temperature range from 80 to 350°K. The
polymers were in the form of circular plates (36 mm diameter, 3 mm thickness).

The curve of Q~lversus T for the PCHE sample (Fig. 1) exhibits a secondary relaxa-
tion peak located at 30.3°K (.3260 cps), a temperature which is some 30°K higher than
that characteristic (for the same frequency) of the 7 peaks connected with the chair-to-
chair conformational changes of the cyclohexyl groups. As compared with the latter
7 peaks, the damping peak of PCIIE is characterized by a wider distribution of the re-
laxation times and by a slightly higher apparent activation energy.

On the basis of these results, the secondary relaxation effect of PCHE may be ascribed
to a similar molecular process, i.e., to the chair-to-chair flipping of the cyclohexylene
rings. The broadening of the relaxation peak and its displacement towards higher tem-

* Paper presented at the IUPAC International Symposium on Macromolecules,
Leiden, The Netherlands, 1970.
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Fig. 1. Mechanical damping factor Q 'l vs. absolute temperature for (O) poly(l,4-
cyclohexylene e(her), (O) poly(cyclohexylethylene oxide), and (¢) a CHE-CHEO
(70:30) copolymer.

peratures can be tentatively attributed to the stronger hindrance (due to the bilateral
enchainment of the cyclohexylene rings) which opposes the movement of the rings in-
dividually.

The main effect of the copolymerization of 1,4-epoxy-cyclohexane with cyclohexyl-
ethylene oxide is a definite sharpening of the damping peak and a shift of the latter
towards lower temperatures. The damping maximum of the CHE-CHEO (70:30)
copolymer, on the other hand, cannot be the result of the overlapping of the separate
effects due to the movements of the cyclohexylene groups contained in the CHE units
and those of the cyclohexy! groups of the CHEO units. If this were so, in fact, a wider
rather than a narrower distribution of the relaxation times would be expected. On the
other hand, the mechanical spectrum of PCHEO clearly shows (he absence of any re-
laxation phenomenon ascribable to the ehair-to-chair flipping of the cyclohexyl rings.
This is in agreement with that already found for polyvinylcyclohexane2 and can be in-
terpreted as due to the fact that the rings are directly bonded to the main chain. From
an inspection of the molecular models it is in fact readily verified that, in this case, the
main chain sterically prevents the ring from assuming the conformation in which the
ring-chain bond is oriented axially with respect to the ring.

The above results seem to indicate that a secondary relaxation effect ascribable to ehair-
to-chair conformational changes of the rings can be caused not only by pendant cyclo-
hexyl groups but also by cyclohexylene rings contained in the main chain. These move-
ments in PCHE are more hindered than those of the pendant cyclohexyl groups of the
polymers previously studied, most probably because of the bilateral enchainment of the
cyclohexylene rings. The lowering of the temperature of the damping peak and the
narrowing of the relaxation time distribution observed in the copolymer may be ascribed
to decreased crystallinity and intermolecular interactions as well as to enhanced intrinsic
flexibility of the main chain as result of the presence of flexible —CH(CeHn)—CHo—O—
units.

Both PCHEO and the CHE-CHEO copolymer exhibit another secondary relaxation
effect (5 relaxation) with a smaller but definite peak at about 18U°K (G380 cps). This
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phenomenon, in analogy with what was previously suggested for different polymers con-
taining cyelohexyl side groups, 2 can be associated with a more or less complicated motion
of the whole cyclohexyl group. An analogous relaxation effect has been shown to occur
also in polymers containing phenyl side groupss As already pointed out, the s relaxa-
tion is strongly influenced by the nature of the atomic groupings which bind the rings
to the main chain. It is noteworthy that the 6 peak of PCHEO appears at the same
temperature as that of polyvmylcyclohexane.
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ERRATUM

Adhesion of Viscoelastic Materials to Rigid Substrates
I1l. Energy Criterion for Failure

A. N. Gent and A. J. Kinloch
(article in/. PolymerSei. A-2, 9, 609, 1971)

Equation (3)should read:
0="P €)]
instead of 6 = P/i0

The numerical results given in the paper were calculated using the correct relation; the
conclusions are not affected by this change, therefore.

Kill
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